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ABSTRACT 
	  

7xxx series aluminum alloys are very attractive materials for their applications in the 
automotive and aerospace industries due to their excellent combination of properties such as 
high strength-to-density ratio, high fracture toughness and resistance to stress corrosion 
cracking. These aluminum alloys are generally subjected to hot forming processes such as 
rolling, extrusion and forging. To optimize the mechanical properties and processability of 
hot-formed alloys, a better understanding of the effect of micro-alloying elements on 
deformation behavior and microstructural evolution during hot deformation is required. 
Therefore，in the present study, the hot deformation behavior of the 7150 aluminum alloys 
containing Zr ranging from 0 to 0.19 wt%, and V ranging from 0.01 to 0.19 wt% was studied 
using uniaxial compression tests conducted at various temperatures (300 to 450 °C) and 
strain rates (0.001 to 10 s-1), respectively.  

The hot deformation behavior and microstructural evolution of the 7150 base alloy (Zr 
free) were studied. A decline ratio map of flow stresses was proposed and divided into five 
deformation domains, in which the flow stress behavior was correlated with different 
microstructures and dynamic softening mechanisms. The results reveal that the dynamic 
recovery is the sole softening mechanism at temperatures of 300 to 400 °C with various 
strain rates, and at temperatures of 400 to 450 °C with strain rates between 1 and 10 s-1. At 
the high deformation temperature of 450 °C with strain rates of 0.001 to 0.1 s-1, a partially 
recrystallized microstructure was observed and dynamic recrystallization (DRX) provided an 
alternative softening mechanism. Two kinds of dynamic recrystallization (DRX) might 
operate at the high temperature, in which discontinuous dynamic recrystallization was 
involved at higher strain rates and continuous dynamic recrystallization was implied at lower 
strain rates.  

After being alloyed with Zr from 0 to 0.19 wt%, the results show no significant variation 
in the peak flow stress or activation energy between the 7150 base alloy and the alloy 
containing 0.04 wt% Zr. With a further increase in the Zr content to 0.19 wt%, the values of 
peak flow stress and activation energy increased significantly. The solved constitutive 
equations yielded good predictions of the peak flow stress over wide temperature and 
strain-rate ranges for 7150 alloys with different Zr contents. The dynamic recovery level of 
the materials was reduced after being alloyed with Zr, which was associated with a decrease 
in the mean misorientation angle of boundaries and a decrease in subgrain size. The addition 
of Zr promoted the retardation of dynamic recovery and the inhibition of dynamic 
recrystallization during hot deformation due to the pinning effect of Al3Zr dispersoids on 
dislocation motion and to restrained dynamic restoration. 
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When the material was alloyed with V from 0.01 to 0.19 wt%, the peak flow stress of the 
7150 alloy significantly increased. The alloys containing 0.03-0.05 wt% V displayed higher 
values of peak flow stress than those with 0.11-0.19 wt% V at low temperatures, whereas 
they displayed comparable values at higher temperatures. The activation energy for hot 
deformation increased from 229 kJ/mol for the base alloy to approximately 270 kJ/mol for 
the alloys containing 0.03-0.05 wt% V. With further increases in V contents up to 0.19 wt%, 
the activation energy returned to approximately 250 kJ/mol. The vanadium-solute diffusion 
acted as the deformation rate-controlling mechanism for the alloys containing up to 0.05 wt% 
V, resulting in enhanced work hardening and improved subgrain strengthening effects. The 
precipitation of Al21V2 dispersoids in the alloys containing 0.11 to 0.19 wt% V promoted the 
retardation of dynamic recovery and the inhibition of dynamic recrystallization. 

The effects of Zr (0.04 to 0.15 wt%) and V additions (0.05 to 0.15 wt%) on the 
processing map of 7150 aluminum alloys were investigated. The results reveal that the 
processing map for the 7150 base alloy exhibits a single domain (Domain I), associated with 
dynamic recovery and partially dynamic recrystallization. With increasing Zr and V additions, 
Domain I shrinks towards higher temperatures and higher strain rates with decreases in 
efficiency of power dissipation, due to a restrained level of dynamic recovery caused by the 
pinning effect of Al3Zr and Al21V2 dispersoids. When the added Zr and V contents reach 
0.15%, another domain (Domain II) is formed, corresponding to the cavity formation in 
microstructure. The flow instability during hot deformation of 7150 alloys is attributed to the 
formation of adiabatic shear bands and deformation bands. The instability region extends 
toward lower strain rates when alloyed with Zr and V. The optimum hot-working parameters 
for those alloys are determined to be the deformation temperature of 450 °C and strain rate of 
0.01 s-1. 

Furthermore, a revised Sellars’ constitutive equation was proposed, which considered the 
effects of the deformation temperature and strain rate on the material variables and which 
provided an accurate estimate of the hot deformation behavior of the 7150 aluminum alloy. 
The results reveal that the activation energy for the hot deformation of the 7150 aluminum 
alloy is not a constant value but rather varies as a function of the deformation conditions. The 
activation energy for hot deformation decreased with increasing deformation temperature and 
with increasing strain rate. The peak flow stresses under various deformation conditions were 
predicted by a revised constitutive equation and correlated with the experimental data with 
excellent accuracy. 
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RÉSUMÉ 
	  

Les alliages d'aluminium de la série 7xxx sont des matériaux très attractifs pour leurs 
applications dans les industries automobile et aéronautique en raison de leur excellente 
combinaison des propriétés telles que le haut rapport résistance-densité, la haute ténacité et la 
résistance à la fissuration par corrosion sous contraintes. Ces alliages d'aluminium sont 
généralement soumis à des procédés de formage à chaud tels que le laminage, l'extrusion et le 
forgeage. Pour optimiser les propriétés mécaniques et l'aptitude au traitement des alliages 
formés à chaud, une meilleure compréhension de l'effet des éléments de micro-alliage sur le 
comportement de déformation et de l'évolution de la microstructure durant la déformation à 
chaud est nécessaire. Par conséquent, dans cette étude, le comportement à la déformation à 
chaud des alliages d'aluminium 7150 contenant du Zr allant de 0 à 0,19% en poids, et du V 
allant de 0,01 à 0,19% en poids a été étudié en utilisant des essais de compression uniaxiale 
réalisés à différentes températures (300 à 450 ° C) et de la vitesse de déformation (0,001 à 10 
s-1), respectivement. 

Le comportement à la déformation à chaud et l'évolution de la microstructure de l'alliage 
de base 7150 ont été étudiés. Un contour du rapport diminué de contraintes a été proposé et 
divisée en cinq domaines de déformation dans lesquelles le comportement des contraintes 
d'écoulement a été mis en corrélation avec différentes microstructures et mécanismes 
d'adoucissement dynamiques. Les résultats révèlent que la restauration dynamique est le seul 
mécanisme d’adoucissement  à des températures de 300 à 400°C avec différentes vitesses 
de déformation, et à des températures de 400 à 450°C avec des vitesses  de déformation 
comprises entre 1 et 10 s-1. A la température élevée de déformation de 450°C avec un taux de 
contraintes de 0,001 à 0,1s-1, une microstructure partiellement recristallisée a été observée et 
la recristallisation dynamique (DRX) a fourni un mécanisme alternatif d’adoucissement. 
Deux types de recristallisation dynamique (DRX) pourraient fonctionner à la température 
élevée, l’une dans laquelle la recristallisation dynamique discontinue a participé à la hausse 
des vitesses de déformation et l’autre, la recristallisation dynamique continue qui a été 
impliquée à des vitesses de déformation plus faibles. 

Après avoir été allié avec du Zr de 0 à 0,19% en poids, les résultats ne montrent pas de 
variation significative du pic de la contrainte d'écoulement ou de l'énergie d'activation entre 
l'alliage de base 7150 et l'alliage contenant 0,04% en poids de Zr. Avec une augmentation 
supplémentaire de la teneur en Zr jusqu’à 0,19% en poids, les valeurs du pic des contraintes 
d’écoulement et de l'énergie d'activation ont augmenté de manière significative. Les 
équations constitutives résolues ont donné de bonnes prédictions du pic de la contrainte 
d’écoulement sur des gammes de température et de vitesse de déformation plus large pour les 
alliages 7150 ayant différentes teneurs en Zr. Le niveau de restauration dynamique des 
matériaux a été réduite après avoir été allié avec le Zr, qui a été associée à une diminution de 
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l'angle moyen de désorientation des limites et d'une diminution de la taille des sous-grains. 
L'addition de Zr a favorisée le retard de la reprise dynamique et l'inhibition de la 
recristallisation dynamique pendant la déformation à chaud à cause de l'effet de restriction 
des précipités Al3Zr sur le mouvement des dislocations et la maitrise de la restauration 
dynamique. 

Lorsque le matériau a été allié avec du V de 0,01 à 0,19% en poids, la pic des contraintes 
d'écoulement de l'alliage 7150 a augmenté de manière significative. Les alliages contenant de 
0,03 à 0,05% en poids de V ont montré des valeurs du pic de la contrainte à l’écoulement 
plus élevés que ceux qui contiennent une teneur de V de 0,11 à 0,19% en poids à basse 
température, alors qu'ils montraient des valeurs comparables à des températures plus élevées. 
L'énergie d'activation pour la déformation à chaud est passé de 229 kJ/mol pour l'alliage de 
base à environ 270 kJ/mol pour les alliages contenant de 0,03 à 0,05% en poids de V. Avec 
de nouvelles augmentations des teneurs en V jusqu'à 0,19% en poids, l'énergie d'activation 
est revenue à environ 250 kJ/mol. La diffusion de la solution de vanadium a agi en tant que 
mécanisme de contrôle de la vitesse de déformation pour les alliages contenant jusqu'à 0,05% 
en poids de V, ce qui améliore l’écrouissage et le renforcement des effets de sous-grains La 
précipitation of Al21V2 dans les alliages contenant de 0,11 à 0,19% en poids de V favorise la 
retardation de la restauration dynamique et l'inhibition de la recristallisation dynamique. 

Les effets de l’addition du Zr (de 0.04 à 0.15% en poids) et du V (0.05 à 0.15% en poids) 
sur la déformation à chaud et la cartographie du processus des alliages d'aluminium 7150 ont 
été étudiés en utilisant des essais de compression uniaxiale réalisés à différentes températures 
(300 à 450°C) et différents vitesses de contraintes (de 0.001 à 10 s-1). Les résultats révèlent 
que la carte de traitement de l'alliage de base 7150 présente un seul domaine (Domaine I), 
associé à la récupération dynamique et la recristallisation dynamique partielle. Avec 
l'augmentation de l’addition du Zr et du V, le domaine I rétrécit vers des températures plus 
élevées et des vitesses plus élevés de contrainte avec des baisses de l'efficacité de la 
puissance de dissipation, en raison d'un niveau restreint de la restauration dynamique 
provoquée par l'effet de l'épinglage des dispersoïdes Al3Zr et Al21V2. Lorsque le contenu 
ajouté de Zr et V atteind 0.15%, un autre domaine (Domaine II) est formée, correspondant à 
la formation de la cavité dans la microstructure. L'instabilité de l'écoulement durant la 
déformation à chaud des alliages 7150 est attribuée à la formation de bandes de cisaillement 
adiabatiques et des bandes de déformation. La région d'instabilité s'étend vers  des taux de 
déformation inférieurs lorsqu'il est allié avec le Zr et le V. Les paramètres optimaux du 
formage à chaud pour ces alliages sont déterminés comme étant la température de 
déformation de 450°C et la vitesse de contrainte de 0.01 s-1. 

L’équation constitutive révisée de Sellars a été proposée, qui a considéré les effets de la 
température de déformation et la vitesse de déformation sur les constantes des matériaux et 
qui a fourni une estimation précise du comportement de la déformation à chaud de l'alliage 
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7150 en aluminium. Les résultats révèlent que l'énergie d'activation de la déformation à 
chaud de l'alliage d'aluminium 7150 n'est pas une valeur constante, mais plutôt varie comme 
une fonction des conditions de déformation. L'énergie d'activation de la déformation à chaud 
a diminué avec l'augmentation de la température de déformation et avec l'augmentation de la 
vitesse de déformation. Les pics des contraintes d’écoulement sous différente conditions de 
déformation ont été prédits par une équation constitutive révisée et mis en corrélation avec 
les données expérimentales avec une excellente précision. 
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Chapter I   Definition of Problem 
	  

1.1 Introduction 

The 7xxx aluminum alloys with high strength-to-density ratio and excellent mechanical 

facture toughness have been widely used in the aircraft and aerospace industries [1]. These 

aluminum alloys are generally subjected to hot-forming processes such as rolling, forging 

and extrusion. The mechanical properties are affected by the chemical composition, strain 

history and microstructure resulting from the thermomechanical processing. To optimize the 

metal hot-forming processes, a better understanding of the hot workability, microstructural 

evolution and effect of micro-alloying elements during hot deformation is required.  

Dynamic recovery and dynamic recrystallization are the typical softening mechanisms in 

metals and alloys during deformation at elevated temperatures [2, 3]. These softening 

mechanisms are determined by thermomechanical parameters such as deformation 

temperature, strain rate and strain degree. Aluminum and its alloys with high stacking fault 

energy exhibit a high rate of dynamic recovery, which significantly inhibits dynamic 

recrystallization [2, 3]. However, the formation of new grains during hot deformation of 

aluminum alloys has been frequently reported, while several mechanisms of dynamic 

recrystallization for aluminum alloys have been proposed [2], such as discontinuous dynamic 

recrystallization (DDRX), continuous dynamic recrystallization (CDRX) and geometric 

dynamic recrystallization (GDRX).  
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The addition of zirconium is well known to increase the recrystallization resistance of 

aluminum alloys by forming fine, coherent Al3Zr dispersoids [4, 5]. The presence of the 

Al3Zr dispersoids promotes the formation of a stable and refined subgrain structure during 

the hot working, which promotes additional substructure strengthening [6]. A vanadium 

addition is reported to maintain high temperature strength of the aluminum alloy by forming 

thermally stable dispersoids of Al11V [7, 8]. The Al11V dispersoids could retard dynamic 

softening and raise recrystallization temperature during hot working processes [9]. The 

effectiveness of the dispersoids depends on their size, number density and distribution [3]. 

The processing maps were developed on the basis of dynamic materials model (DMM), 

and have been used to design hot working schedules for a wide variety of materials [10]. The 

maps explicitly represent local peak efficiencies of power dissipation and regions of flow 

instability, which are associated with specific microstructure mechanisms [10, 11]. With the 

help of the processing maps, the deformation temperature and the strain rate corresponding to 

local peak efficiency of power dissipation in the safe domain are chosen as the optimum 

processing parameters for hot working. Conversely, hot deformation should not be conducted 

in the regions of flow instability in order to prevent the occurrence of microstructural defects 

[12].  

To date, other’s work has mainly focused on determining the Zener-Hollomon parameter, 

the activation energy for hot deformation, and various material constants in the constitutive 

equations for the deformation behavior of commercially aluminum alloys. However, a 
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systematical investigation of microstructural evolution in order to understand the different 

dynamic softening mechanisms of the 7xxx aluminum alloys at various deformation 

conditions has rarely been reported. Moreover, the study on the effect of different Zr and V 

contents on the hot deformation behavior of 7xxx aluminum alloys has not been found in the 

literature. The evolution of the deformed microstructure of 7xxx aluminum alloy after adding 

various contents of Zr and V must be understood. Furthermore, most of the recent studies 

have focused on the influences of temperature, strain rate and strain on the processing maps. 

The literature on investigation of the effects of micro-alloying elements on processing maps 

of the aluminum alloys during hot working is rarely found. 

1.2 Objectives 

The goal of the present work mainly consists of four parts, and the specific objectives are 

proposed as follows: 

Part 1. Investigate the hot deformation behavior and microstructural evolution of 7150 

aluminum alloy.  

1. Study the flow stress behavior and microstructural evolution during hot deformation at 

various temperatures and strain rates. 

2. Constitutively analyze the flow stress curves to determine the material constants and 

activation energies for hot deformation at different deformation conditions. 

3. Investigate different dynamic softening mechanisms operating at various deformation 
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conditions to understand the evolution of flow stress behavior. 

Part 2. Investigate the effect of zirconium on the hot deformation behavior and 

microstructural evolution of 7150 aluminum alloy.  

1. Study the flow stress behavior and microstructural evolution of the 7150 aluminum 

alloys with a series of zirconium additions during hot deformation. 

2. Constitutively analyze the flow stress curves to determine the material constants and the 

activation energies for hot deformation for the 7150 aluminum alloys with various 

zirconium additions.  

3. Predict the flow stress behavior of the 7150 aluminum alloys containing different Zr 

contents using the solved constitutive equations. 

4. Study the effect of zirconium addition on the dynamic softening mechanisms during hot 

deformation process. 

Part 3. Investigate the effect of vanadium on the hot deformation behavior and 

microstructural evolution of 7150 aluminum alloy. 

1. Study the flow stress behavior and microstructural evolution of the 7150 aluminum 

alloys with a series of vanadium additions during hot deformation. 

2. Constitutively analyze the flow stress curves to understand the evolution of activation 

energies for hot deformation with different vanadium additions. 
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3. Investigate the effect of vanadium additions on the dynamic softening mechanisms 

during hot deformation process. 

Part 4. Investigate the effect of Zr and V additions on processing map of 7150 

aluminum alloy during hot deformation.  

1. Study the evolution of processing map of the 7150 aluminum alloy after micro-alloyed 

with different Zr and V contents. 

2. Investigate the microstructural evolution to understand the effect of Zr and V addition 

on the processing map and on the dynamic deformation mechanisms during hot 

deformation process. 

3. Establish the optimum hot-working parameters for the 7150 aluminum alloys with 
different Zr and V additions. 
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Chapter II   Literature Review 
	  

2.1 7xxx Aluminum Alloys  

The 7xxx series aluminum alloys are very attractive materials to be used in the 

automotive and aerospace industries, due to their excellent combination of properties such as 

high strength-to-density ratio, high fracture toughness, and resistance to stress corrosion 

cracking [1]. Intermetallic phases, such as η(MgZn2), T(Al2Mg3Zn3), S(Al2CuMg), θ(Al2Cu) 

Al7Cu2Fe, Al3Fe4 and Mg2Si, are commonly observed in the as-cast microstructure of 7xxx 

aluminum alloys [13]. In order to decrease the micro-segregation and dissolve the coarse 

eutectic particles, homogenization heat treatment is necessary for as-cast alloys before 

subsequent processing. However, some intermetallic particles may still remain in the 

aluminum matrix after homogenization, which might influence the formability, 

recrystallization behavior and the mechanical properties of the material [2]. Fan et al. [5] 

reported that the initial as-cast microstructure of a 7050 aluminum alloy contained α(Al), 

η(MgZn2), S(Al2CuMg) and Al7Cu2Fe phases. The η(MgZn2) phase was completely 

dissolved after homogenization at 460 °C for 24 h, and the S(Al2CuMg) and Al7Cu2Fe 

intermetallic particles remained in the aluminum matrix. Robson [4] suggested that the 

practical homogenization temper for 7000 series alloy is at temperatures of 460 to 480 °C 

and soaking time of 24 to 36 h, in which the coarse particles can be dissolved to a great 

extent to obtain a homogenized microstructure. 
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The hot forming of the 7xxx aluminum alloys is rather difficult because of the variety of 

precipitates along with dispersoids and constituent particles, which raise the strength and 

reduce the ductility. Dynamic recrystallization of those alloys during hot working process is 

rarely observed during hot deformation. Therefore, intermediate thermomechanical process is 

necessary for stimulating static recrystallization in order to facilitate the subsequent hot 

deformation [2]. 

2.2 Alloying of Trace Elements 

The addition of micro-alloying elements, such as Zr, V, Sc, Sn, In, Cd and Ag, has been 

reported to increase the material strength of the alloys and afford reasonably high toughness 

by precipitation of dispersoids [7-10]. The effectiveness of the dispersoids depends on their 

size, spacing and distribution [3]. In the present study, the roles of Zr and V addition played 

during hot deformation process of 7xxx aluminum alloys are of great interest.  

2.2.1 Zirconium alloying 

ThermoCalc software and the TCAL2 database were utilized to calculate the binary Al-Zr 

phase diagram near the aluminum corner, as shown in Fig. 2.1. This phase diagram describes 

the possible phases that precipitate during solidification. The solubility limit of zirconium in 

liquid aluminum is approximately 0.09 wt%, above which the primary intermetallic 

compound of Al3Zr forms. When the Zr content is less than 0.09%, the Al dendrites 

precipitate from liquid during the solidification. When the Zr content ranges from 0.09% to 

the peritectic point of 0.27%, the primary Al3Zr intermetallic compound first precipitates 
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from the liquid phase, followed by a peritectic reaction to form the Al solid solution at 661 

ºC. Under non-equilibrium solidification with high cooling rates, the peritectic reaction shifts 

towards a higher Zr concentration and more Zr solutes can enter the aluminum solid solution. 

The binary Al-Zr system has been extensively studied, particularly in rapidly solidified 

samples [12-15]. For small zirconium additions, decomposition of the supersaturated solid 

solution occurs firstly by the formation of a metastable L12 Al3Zr phase. Prolonged heat 

treatment is usually required before the metastable phase transforms to the equilibrium DO23 

Al3Zr phase [13,14]. Qualitative studies of the precipitation kinetics of the metastable phase 

in binary alloys show that the peak transformation rate lies between 400 °C and 500 °C 

[15-17]. The size of the Al3Zr dispersoids depends partially on the heating rate to the 

homogenization temperature, with slower heating rates apparently leading to a refinement in 

dispersoid size [17,18].  
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Fig. 2.1 Binary phase diagram for dilute (< 1 wt%) additions of zirconium in aluminum. 

As a consequence of the peritectic solidification reaction, the Al3Zr dispersoids are often 

inhomogeneously distributed within individual grains. Dispersoid free zones of Al3Zr are 

observed in the interdendritic regions and in the area adjacent to the grain boundaries [19], as 

shown in Fig. 2.2.  
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Fig. 2.2 FEG-SEM micrographs of Al3Zr (L12) precipitates in Al-0.2% Zr aged at 
425 °C for 400 h [19]. 

The addition of Zr is well known to increase the recrystallization resistance of aluminum 

alloys by forming fine, coherent Al3Zr dispersoids [4, 5]. The presence of these dispersoids 

promotes the formation of a stable and refined subgrain structure during the hot deformation 

process, which promotes additional substructure strengthening [6]. The inhomogeneous 

distribution of Al3Zr dispersoids is likely to decrease the resistance to recrystallization in 

dispersoid free zones, where the presence of large primary particles is also known to 

encourage recrystallization [22]. Several studies have focused on investigating the effect of 

Zr addition on the static recrystallization of aluminum alloys during solution treatment 

because the fracture toughness is closely related to the amount of recrystallized structure [4, 

5, 14-16]. A few studies have been conducted on the hot deformation of aluminum alloys 

containing Zr, in which a pinning effect of Al3Zr dispersoids on dislocations and grain 

boundaries has been reported [17, 18]. 
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2.2.2 Vanadium alloying 

Fig 2.3 shows the binary Al-V phase diagram near the aluminum corner, calculated by 

ThermoCalc software and the TCBIN database. The solubility limit of vanadium in liquid 

aluminum is approximately 0.16 wt%. The intermetallic phase of Al10V exhibits a solid 

solubility of 1.2 wt% in the aluminum matrix at the peritectic temperature of 665 °C. Under 

non-equilibrium solidification with high cooling rates, the peritectic reaction shifts towards a 

higher V concentration and more V solutes can enter the aluminum solid solution. Vanadium 

with low diffusivity and solubility in aluminum alloys is known to improve the high 

temperature strength of the aluminum alloy by forming thermally stable V-containing 

dispersoids (Al11V) [28,29]. The presence of these dispersoids could retard the 

recrystallization and raise the recrystallization temperature [30]. Therefore, vanadium could 

be an attractive candidate to restrict the recrystallization. Some studies investigated the 

precipitation of Al11V dispersoids in the aluminum alloys containing V using rapid 

solidification technique [31-34]. A few of studies were conducted on the influence of V 

addition on the precipitation of secondary particles in aluminum alloys, such as Al94V4Fe2, 

Al18Mg3V2, AlFeVSi dispersoids, and on the mechanical properties [35-39]. Recently, Wang 

et al. [40] reported that the addition of 0.045 wt% V in AA5083 aluminum alloy exhibited a 

restriction on the growth of recrystallized grains and yielded a refined fibrous structure in the 

rolling sheet. With an addition of 0.15 wt% V, Cui et al. observed the precipitation of 

V-containing dispersoids in AA2091 (2.15Li-2.04Cu-1.5Mg-0.14Zr) alloy [41]. However, 
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systematical investigations of the influence of Zr and V additions on the hot deformation 

behavior of 7xxx aluminum alloys have not been reported in the literature.  

 

Fig. 2.3 Binary phase diagram for dilute (< 2 wt%) additions of vanadium in aluminum 
[12]. 

2.3 Plastic Deformation of Aluminum 

Aluminum is a crystalline material with high stacking fault energy (SFE, 250 mJ/m2), and 

its plastic deformation is carried out mainly by dislocation slipping in the lattice structure 

[19]. The restriction of dislocation slip through crystal defects, such as solid solution, 

precipitates, dispersoids and grain boundaries, leads to work hardening effect during 

deformation [19].  
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2.3.1 Slip systems 

In most cases, dislocation slip takes place on the most densely packed planes and in the 

most densely packed directions in the crystal, which are defined as slip planes and slip 

directions. In aluminum and aluminum alloys, the slip plane is the plane {111} and the slip 

direction is the <110> direction [2, 19]. However, other slip systems may operate at high 

temperatures, which involves slip on {100}, {110}, {112} and {122} planes [11]. 

Low-temperature slip has also been reported on {111}, {110} and {122} planes [11]. 

Dislocation slip on several slip planes is very often activated simultaneously during 

deformation, which results in a multi-slip of dislocations. The deformation induces increased 

densities of vacancies, dislocations and grain boundaries, which act as obstacles to further 

movement of dislocations and lead to work hardening effect [42]. 

2.3.2 Work hardening effect 

The work hardening effect arises when dislocations are hindered in their movement 

through the crystals so that a higher stress must be imposed to continue the plastic 

deformation. Many obstacles to dislocation movement exist, such as other dislocations, grain 

boundaries, solute atoms and particles of a second phase [20]. The dislocation density 

gradually increases as deformation proceeds. The mobile dislocations generated by the 

deformation do not exit through the surface, are not absorbed in grain boundaries, and do not 

annihilate each other, but are stored in the crystals. The stress necessary to move the later 

dislocations is raised due to the increase in dislocation density and the interaction between 
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dislocations [43]. 

The contribution of solid solutions to the flow stress arises from a frictional force for the 

movement of dislocations. The magnitude of this force is sensitive both to atomic size 

differences and differences in elastic properties between solute and solvent atoms [20]. When 

fine precipitates are formed in a material, an additional barrier to the movement of 

dislocations is created. The precipitate particles lie across the slip planes along which the 

dislocations move, so that the dislocations must behave in one of two ways: shear the 

particles or bypass the obstacles [20].  

2.3.3 Deformation heterogeneities 

Deformation heterogeneities, such as deformation, transition and shear bands, are 

illustrated in Fig. 2.4 [11]. During plastic deformation, dislocations are accumulated in the 

individual grains (Fig 2.4(a)), and eventually form dislocation boundaries, such as boundaries 

of cells or subgrains (Fig 2.4(b)). Regions of different orientations are formed within 

individual grains (Fig 2.4(c)). These are termed deformation bands and deformation on 

different slip systems producing different textures. The narrow regions between deformation 

bands are termed transition bands. Fig 2.4(d) shows a typical shear band inclined to the 

rolling direction passing through several grains. They are the result of plastic instability.  
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Fig. 2.4 Schematic illustrating various features in the microstructure when a metal is 
deformed by slip: (a) dislocations; (b) dislocation boundaries; (c) deformation and 
transition bands within a grain; (d) grain-scale shear bands [11]. 

2.4 Dynamic Softening Mechanisms 

When crystalline materials are deformed at elevated temperatures, the increase of 

dislocation density and work hardening effect are continuously counteracted by dynamic 

softening processes.	   The principal softening mechanisms in metals and alloys during hot 

deformation are dynamic recovery (DRV) and dynamic recrystallization (DRX) [2, 3]. The 

term, dynamic, referred to the occurrence of softening processes during hot deformation. It is 

distinguished from the static process, which may occur in the deformed microstructure after 

deformation, or during post deformation annealing [11]. 

2.4.1 Dynamic recovery 

DRV involves annihilation and rearrangement of dislocations into low energy 
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sub-boundaries. The recovery of dislocations consists of a series of microstructural changes 

which are schematically shown in Fig. 2.5 [11]. Cross-slip and climb of dislocations play an 

important role in DRV, and the driving force for DRV is the stored energy generated during 

deformation [2, 3].  

 

Fig. 2.5 Various stages in the recovery of a plastically deformed material [11]. 

2.4.2 Dynamic recrystallization 

DRX is a restoration process, in which new grains containing substructures form within 
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the deformed structure and grow to consume the deformed grains. Several mechanisms of 

DRX during hot deformation have been proposed, including discontinuous dynamic 

recrystallization (DDRX), continuous dynamic recrystallization (CDRX), and geometric 

dynamic recrystallization (GDRX) [2, 3].  

The DDRX involves the development of high angle grain boundaries via nucleation and 

growth of new grains, which typically initiates at high angle boundaries, such as original 

grain boundaries, boundaries of dynamically recrystallized grains and boundaries created 

during deformation, as well as in regions associated with large particles (>1µm) [11].  

Bulging of high angle boundaries is frequently observed as a prelude to DDRX, and 

subsequent grain growth takes place by strain-induced boundary migration (SIBM) [11]. 

SIBM involves the bulging of part of a pre-existing grain boundary, leaving a region behind 

the migrating boundary with lower dislocation content. A characteristic feature of this 

mechanism is that the new grains have similar orientations	  to the old grains from which they 

have grown. Fig. 2.6 gives an example showing the recrystallized grains in aluminum, which 

was formed by the mechanism of SIBM [11]. 
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Fig. 2.6 An optical micrograph showing strain-induced grain boundary migration 
(SIBM) in aluminum [11]. 

When a material with large particles is deformed, a high stress builds up around the 

particles, which leads to an increased dislocation nucleation rate and thus a higher dislocation 

density around the particles. Subsequently, small cells with walls of high dislocation 

densities coalesce into nuclei, and then grow rapidly into recrystallized grains. This is known 

as particle stimulated nucleation (PSN) [44]. The DDRX which was attributed to PSN has 

been observed in aluminum alloys [6,45]. An example of fully recrystallized microstructure 

of Al-0.8 wt% Si alloy containing large silicon particles deformed by compression followed 

by annealing is shown in Fig. 2.7 [11].  
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Fig. 2.7 The recrystallized microstructures in a deformed and annealed Al-0.8 wt% Si 
alloy containing 3µm silicon particles [11]. 

The CDRX occurs by the progressive accumulation of dislocations in the low angle 

boundaries, leading to the increase of their misorientation and the formation of large angle 

grain boundaries when their misorientation angles reach a critical value, approximately 15°. 

This mechanism has been observed in several high stacking fault energy metals, such as 

aluminum and aluminum alloys [46-47]. Nevertheless, there is a general agreement to 

consider that the transformation of low angle boundaries into high angle boundaries 

effectively takes place when the boundaries are pinned by fine dispersoid particles [48-51].  

Moreover, Drury and Humphreys [11] reported an alternative mechanism of CDRX, 

which is termed rotation recrystallization. As the material is deformed, high angle boundaries 

develop by the progressive rotation of subgrains, which are adjacent to pre-existing grain 

boundaries. This mechanism involves an interaction between grain boundary deformation 

and the grain boundary serrations as shown in Fig. 2.8 [11]. High angle grain boundaries 

develop serrations due to interaction with the deformation substructure (Fig. 2.8(a)). Grain 
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boundary sliding can then only occur on parts of the boundary, e.g. A, while other regions 

(e.g. B) have to accommodate the strain by plastic deformation (Fig. 2.8(b)), leading to shear 

and local lattice rotation as shown in Fig. 2.8(c).  

 

Fig. 2.8 The mechanism of dynamic recrystallization by progressive lattice rotation in 
Al–Mg alloys. (a) HAGB serrations form; (b) Grain boundary sliding occurs on 
horizontal boundaries, but slip occurs on bulged sections, leading to local lattice 
rotations associated with the bulges, (c) [11]. 

The GDRX is commonly seen at high stresses and strains in certain materials, particularly 

in aluminum [6,44]. At high strains, the grains of the material become flattened and 

elongated in the direction of the force. The grain boundaries become serrated due to surface 

tension effects generated by the subgrains within the grains. Eventually, the two sides of a 

grain will touch and annihilate each other, effectively pinching the grain into two grains, as 

shown in Fig. 2.9 [44]. 

a

c

b



22 

	  

 

Fig. 2.9 Schematic illustration of geometric dynamic recrystallization (GDRX) [44]. 

Aluminum and its alloys with high stacking fault energy exhibit a high rate of DRV, 

which significantly inhibits DRX [6]. However, formation of new grains during hot 

deformation of aluminum alloys was frequently reported, while several mechanisms of DRX 

for aluminum alloys have been proposed, involving DDRX, CDRX and GDRX [6,11]. 

Moreover, during plastic deformation process, most of the deformation work is converted to 

heat [52]. The deformation heating may cause thermal softening of materials, which offsets 

the work hardening effect and result in a decrease in flow stress [53]. Furthermore, 

precipitation hardening alloys may alter dynamic softening behavior as a result of changes in 

precipitate morphology, when the material is not thoroughly over-aged. Materials pre-aged at 

deformation temperature have a low peak stress and exhibits a gradual softening as 

precipitates coalesce and subgrains form [54]. Solution-treated aluminum alloys exhibit a 

high peak stress due to dynamic precipitation (DPN), followed by a rapid dynamic softening 

as precipitates coalesce, solute depletes and DRV progresses [55].  
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2.5 Constitutive Analysis 

2.5.1 Flow stress curve 

When the hot deformation is performed at a constant temperature with a given strain rate, 

a true stress-true strain curve can be established, termed the flow stress curve. The flow stress 

curves can be divided into three typical cases, as shown in Fig. 2.10, which are closely 

related to different dynamic softening mechanisms. In the first case, the flow stress rises 

rapidly and then undergoes a continuous increase of stress with increasing strain. A 

progressive increase of flow stress is likely due to the fact that the rate of work hardening is 

higher than that of DRV [11]. In the second case, the flow stress increases to a plateau, 

followed by a fairly steady stress. This indicates that a dynamic equilibrium between work 

hardening and DRV is achieved [11]. In the third case, the flow stress exhibits a distinct peak 

value and then decreases significantly. In general, the decline of flow stress can be associated 

with the coalescence of precipitates, enhanced DRV [56-58] and DDRX [59-62]. Under 

conditions of low Zener-Hollomon parameter, multiple peaks may be exhibited along with a 

continuous flow softening, which is also as a result of DDRX [11]. Cracking may also occur 

during hot deformation at high strain rates that could result in a decrease in the flow stress 

after reaching the peak stress [63,64]. In addition, the flow stress decrease can be caused by a 

severe deformation heating when deformation is performed at high strain rates [6,56]. 
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Fig. 2.10 Schematic illustration of evolution of flow stress curves in three cases [6,11]. 

2.5.2 Constitutive equation 

A constitutive relation is generally used to describe the plastic flow properties of metals 

and alloys, which are correlated with the flow stress, strain rate and deformation temperature. 

Several models have been proposed to describe the hot deformation behavior, including 

physical-based, phenomenological and artificial neural network models and equations 

[65-74]. Sellars and McTegart [65] developed a hyperbolic-sine constitutive law to describe 

the hot working and creep behavior of aluminum, nickel, copper and steel materials. Johnson 

and Cook [66] proposed a phenomenological model, which Lin et al. [67] then modified to 

evaluate the hot compressive behavior of a 7075 aluminum alloy by considering the effects 

of strain rate and the deformation temperature. Chai et al. [68] conducted a comparative 

study on the capability of a back propagation neural network model and a strain-compensated, 

Arrhenius-type constitutive equation to represent the elevated temperature flow behavior of 

XC45 steel. Lin et al. [69] proposed a revised Arrhenius constitutive equation to describe the 

(1)	  

(2)	  

(3)	  



25 

	  

effect of strain on material constants and on the flow behavior of 42CrMo steel. In addition, 

some researchers have applied these constitutive models and equations to evaluate the hot 

deformation behavior of various metals and alloys [70-74]. 

With various constitutive models and equations available, the hyperbolic-sine equation, 

proposed by Sellars and McTegart [65], is widely employed to describe the relationship 

between the strain rate, deformation temperature and flow stress, especially over a wide 

range of stresses [6,65],	   	  

                         
)exp()][sinh(

RT
QA n −= ασε!

   
                   (2.1) 

where n  and A  are material constants, α  is the stress multiplier, σ  is the flow stress 

(MPa), Q  is the activation energy for hot deformation (kJ/mol), R  is the universal gas 

constant (8.314 J/mol K), and T  is the deformation temperature (K). 

2.6 Processing Map 

The processing map has been widely used to understand the hot workability of materials 

in terms of various microstructural mechanisms operating at different deformation conditions, 

which was developed on the basis of the dynamic materials model by Prasad [10, 11]. In this 

method, the efficiency of power dissipation, η , represents the energy dissipated through 

microstructural mechanisms during hot deformation and is given as,  

                              η =
2m
2m+1

                               (2.2) 
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where m  is the strain rate sensitivity of the material given by ∂ lnσ
∂ ln !ε .	  

The contour plot of the iso-efficiency η values as a function of temperature and strain 

rate constitutes the power dissipation map. Different domains in the power dissipation map 

imply the specific microstructural mechanisms, such as dynamic recrystallization, dynamic 

recovery, wedge cracking, and void formation [10, 11]. However, during the deformation 

process, flow instabilities may occur and lead to deformation defects in the microstructure, 

including flow localization, adiabatic shear deformation, flow rotation and kinking [10, 11]. 

The criterion to evaluate those flow instabilities is given as, 

                          ξ = ∂ ln[m / (m+1)]
∂ ln !ε

+m < 0                      (2.3) 

The material may exhibit deformation defects when ξ  is negative [10, 11]. Hence, the 

instability map can be generated based on the variation of ξ  with the temperature and strain 

rate. Finally, the processing map is obtained by superimposing the instability map on the 

power dissipation map. 

With the help of the processing maps, the deformation temperature and the strain rate 

corresponding to local peak efficiency of power dissipation in the safe domain is chosen as 

the optimum processing parameters for hot working of materials. The hot working should not 

be performed in the regions of flow instability in order to prevent the occurrence of 

microstructure defects [76]. Recently, the processing maps had been widely used to optimize 

the processing parameters in hot working of aluminum alloys. Luo et al. [77] developed the 
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processing maps of AA7050 aluminum alloy at different strains and obtained that the 

optimum processing parameters at a strain of 0.7 were 450 °C and 0.01 s-1 with an efficiency 

of 42%. Various microstructural defects generated during hot deformation in AA2124 

aluminum alloy were studied by processing map, and the flow instability arising from 

adiabatic shear band and matrix cracking was observed [78]. Ganesan et al. [79] developed 

the processing map for AA6061 Al/15 vol.% SiCp using the flow stresses predicted from a 

neural network model, and the safe domains of hot working were identified and validated 

through microstructural investigations. A 4D process map was developed by Bhimavarapu et 

al. [80], which illustrates contours of power dissipation and instability with respect to strain 

rate, temperature, and strain. However, most of these works focused on the influences of 

temperature, strain rate and strain on the processing maps. Literature on investigating the 

effect of alloying elements on processing maps for hot working of aluminum alloys is rarely 

found.  
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Chapter III   Microstructural Evolution and Dynamic 

Softening Mechanisms of 7150 aluminum Alloy (Zr free) 

during Hot Deformation 
	  

Abstract 

The hot deformation behavior and microstructural evolution of an Al-Zn-Mg-Cu (7150) alloy 

was studied during hot compression at various temperatures (300 to 450 °C) and strain rates 

(0.001 to 10 s-1). A decline ratio map of flow stresses was proposed and divided into five 

deformation domains, in which the flow stress behavior was correlated with different 

microstructures and dynamic softening mechanisms. The results reveal that the dynamic 

recovery is the sole softening mechanism at temperatures of 300 to 400 °C with various 

strain rates, and at temperatures of 400 to 450 °C with strain rates between 1 and 10 s-1. The 

level of dynamic recovery increases with increasing temperature and with decreasing strain 

rate. At the high deformation temperature of 450 °C with strain rates of 0.001 to 0.1 s-1, a 

partially recrystallized microstructure was observed and dynamic recrystallization (DRX) 

provided an alternative softening mechanism. Two kinds of dynamic recrystallization (DRX) 

might operate at the high temperature, in which discontinuous dynamic recrystallization was 

involved at higher strain rates and continuous dynamic recrystallization was implied at lower 

strain rates.
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3.1 Introduction 

The 7xxx series aluminum alloys are very attractive materials to be used in the 

automotive and aerospace industries, due to their excellent combination of properties such as 

high strength-to-density ratio, high fracture toughness, and resistance to stress corrosion 

cracking [1]. A good understanding of the hot deformation behavior and microstructural 

evolution is of primary importance for the design of hot-forming processes such as rolling, 

extrusion and forging. Thermomechanical factors, such as the degree of deformation, 

deformation temperature and strain rate are the main factors, which influence the flow stress 

and the associated microstructure [2,3]. Furthermore, the evolution of flow stress is 

correlated with different dynamic softening mechanisms during hot deformation at various 

deformation conditions [2,4].  

Dynamic recovery (DRV) and dynamic recrystallization (DRX) are the typical softening 

mechanisms in metals and alloys during deformation at elevated temperatures [2,4]. 

Aluminum and its alloys with high stacking fault energy exhibit a high rate of DRV, which 

significantly inhibits DRX [2]. However, formation of new grains during hot deformation of 

aluminum alloys was frequently reported, while several mechanisms of DRX for aluminum 

alloys have been proposed [5-13]. The discontinuous dynamic recrystallization (DDRX) was 

observed in aluminum and aluminum alloys by many researchers [5-9]. DDRX involves the 

development of high angle grain boundaries via nucleation and growth of new grains, which 

typically initiates at high angle boundaries, such as original grain boundaries, boundaries of 
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dynamically recrystallized grains and boundaries created during deformation [4]. Bulging of 

grain boundaries is frequently observed as a prelude to DDRX, and subsequent grain growth 

proceeds by strain-induced boundary migration [4]. Furthermore, continuous dynamic 

recrystallization (CDRX) was also observed in aluminum alloys [10-13]. This mechanism 

differs from that of DDRX, in which new grains are formed progressively within the 

deformed original grains from a continuous increase of subgrain boundary misorientations, as 

a result of accumulation of dislocations in low angle boundaries [2,10-13].  

Moreover, during plastic deformation process, most of the deformation work is converted 

to heat [14]. Plastic deformation performed at high strain rate conditions is essentially 

adiabatic, thus generating a significant deformation heat and leading to a noticeable increase 

in temperature [15]. The deformation heating may cause thermal softening of materials, 

which offsets the work hardening effect and result in a decrease in flow stress [16-18]. In 

addition, formation of adiabatic shear bands is usually observed at regions where 

deformation is localized [15]. Furthermore, precipitation hardening alloys may alter dynamic 

softening behavior as a result of changes in precipitate morphology, when the material is not 

thoroughly over-aged. Materials pre-aged at deformation temperature have a low peak stress 

and exhibit gradual softening as precipitates coalesce and subgrains form [19,20]. 

Solution-treated aluminum alloys exhibit a high peak stress due to dynamic precipitation 

(DPN), followed by a rapid dynamic softening as precipitates coalesce, solute depletes and 

DRV progresses [17,21-24].  
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To date, the previous studies have been mainly on determining Zener-Hollomon 

parameter (Z), activation energy for hot deformation, and various material constants in the 

constitutive equations for describing hot deformation behavior of 7xxx aluminum alloys 

[25,26]. The softening mechanism of these alloys is generally reported to be DRV at low 

temperature with high strain rate, while DRX occurs as deformed at high temperature with 

low strain rate [27-29]. Different dynamic recrystallization mechanisms of 7075-T6 

aluminum alloy have been studied during deformation at semi-solid temperature range 

(450-580°C) [30]. Several researchers have studied the kinetics and rate of DRX and DRV 

using various models [31,32]. Jonas et al. [31] measured the kinetic of DRX using the 

Avrami formulation, and predicted the DRX flow curves. Mostafaei and Kazeminezhad [32] 

proposed a mathematical method based on hot flow curves to predict the effects of 

temperature and strain rate on the kinetics of DRV in the Al-Mg alloy. However, quantitative 

characterization of the evolution of flow stress curves at different deformation conditions has 

rarely been reported. The relationship between the evolution of flow stress and various 

dynamic softening mechanisms during hot deformation needs to be clarified. During 

deformation at medium temperature range (up to 450°C), a systematical investigation of 

different dynamic softening mechanisms at various deformation conditions for 7150 

aluminum alloy is limited.  

In the present paper, the hot deformation behavior of an Al-Zn-Mg-Cu alloy (7150) is 

studied using uniaxial compression tests performed at various temperatures and strain rates. 
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The microstructural evolution during the hot deformation is investigated in order to 

understand the various dynamic softening mechanisms at different deformation conditions. 

Based on the different decline levels in flow stresses with respect to peak stresses, a decline 

ratio map of flow stresses is proposed to correlate flow stress behavior with dynamic 

softening mechanisms at various deformation conditions. 

3.2 Experimental  

The experiments were conducted on an Al-Zn-Mg-Cu alloy. The chemical composition 

of the experimental alloy analyzed by an optical emission spectrometer is given in Table 3.1. 

The most elements of the alloy are in the range of 7150 composition designation. But no Zr is 

added in this study.  Approximately 3 kg of materials was melted in an electrical resistance 

furnace and then cast into a rectangular permanent steel mold measuring 30 x 40 x 80 mm3. 

The cast ingots were homogenized at 465 °C for 24 h, followed by a direct water quenching. 

Cylindrical samples of 10 mm in diameter and 15 mm long were machined from the 

homogenized ingots. Uniaxial compression tests were conducted on a Gleeble 3800 

thermomechanical simulation unit at strain rates of 0.001, 0.01, 0.1, 1 and 10 s-1 and 

deformation temperatures of 300, 350, 400 and 450 °C respectively. During the tests on the 

Gleeble unit, the samples were heated to the desirable deformation temperature at a heating 

rate of 10 °C/s and held for 3 min to ensure a homogenous temperature distribution through 

the samples. The samples were deformed to a total true strain of 0.8 and then immediately 

water-quenched to maintain the microstructure at the deformation temperature. Some 
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selected samples were also deformed to different true strains of 0.1, 0.3 and 0.5, followed by 

water quenching, in order to investigate the microstructural evolution during deformation 

process.  

The microstructures of the as-cast and as-homogenized materials were examined prior to 

hot deformation under an optical microscope. The intermetallic phases were identified using 

the electron backscattered diffraction (EBSD) technique and the energy dispersive 

spectroscope (EDS) with a scanning electron microscope (SEM, JEOL JSM-6480LV). All 

deformed samples were sectioned parallel to the compression axis along the centerline and 

then polished and etched in the Keller solution for optical microscope observation. 

Additionally, some deformed and as-homogenized samples were selected for EBSD analysis. 

In the EBSD analysis, the boundaries of both the grains and subgrains are defined as low 

angle boundaries (LABs), medium angle boundaries (MABs) and high angle boundaries 

(HABs) for which the misorientation angles of boundaries occur in the ranges of 1-5°, 5-15° 

and greater than 15°, respectively [33]. The spatial resolution for EBSD parallel to the 

sample tilt axis in the W-filament SEM (JEOL JSM-6480LV) is ∼60 nm on aluminum, while 

the angular precision is 1°. The step size between the scanning points was set to 1.0 µm for 

the grain structure of samples. The dynamic recrystallized grains were separated from the 

deformed ones using the grain average misorientation (GAM) method [34,35]. A threshold 

value of GAM (2.5°) inside a grain was determined to distinguish a recrystallized grain from 

a deformed one. Grains with GAM less than 2.5° were considered as recrystallized grains. 
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Subsequently, the size of the recrystallized grains was measured by means of grain 

reconstruction method [36]. For quantitative measurement of misorientation distribution of 

boundaries, EBSD line scan was carried out [36,37], and a sample surface area of about 1.2 

mm2 with a scanning step size of 3.0 µm was selected. In addition, EBSD analysis was 

performed to measure the grain size of the as-homogenized sample using the linear intercept 

method [36]; a surface area of approximately 10 mm2 with a scanning step size of 5.0 µm was 

selected for the sample. Samples for TEM observation were mechanically grinded to the 

thicknesses of 35-60 µm followed by electropolish in a twin-jet polishing unit, which were 

operated at 15 V and -20 °C using a 30 vol.% nitric acid and 70 vol.% methanol solution. 

The disks were observed in a transmission electron microscope (TEM, JEOL-JEM-2100), 

operated at 200 kV.  

Table 3.1 Chemical composition of the experimental alloy (Zr free) (wt%). 

Zn Mg Cu Si Fe Mn V Ti Al 

6.44 2.47 2.29 0.16 0.15 0.002 0.01 0.009 Bal. 

3.3 Results 

3.3.1  Initial microstructure 

Fig. 3.1a shows the initial as-cast microstructure of the alloy, which contained MgZn2(η), 

Al6(FeCu), Mg2Si, Al2CuMg(S) and Al2Cu(θ) intermetallic phases, distributed in the 

interdendritic boundaries. The Al2CuMg phase was observed to be attached with the MgZn2 

phase (lamellar eutectic morphology) and Al2Cu phase (isolated droplet morphology) in the 

aluminum matrix. These phases have been commonly observed in as-cast 7xxx aluminum 
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alloys [38,39]. After homogenization treatment at 465°C for 24 h, the MgZn2 and Al2Cu 

phases were completely dissolved into the aluminum matrix, while the coarse particles of 

Al6(FeCu), Mg2Si and Al2CuMg were only dissolved partially and some of them were 

retained in the matrix (Fig. 3.1b).  

  

Fig. 3.1 The optical micrographs of the alloy: (a) as-cast mictrostructure and (b) 
as-homogenized microstructure. 

3.3.2 Flow stress behavior 

The hot compression tests of the alloy were carried out at deformation temperatures of 

300 to 450 °C and at strain rates of 0.001 to 10 s-1. A series of true stress-true strain curves 

under different deformation conditions are shown in Fig. 3.2. In general, the flow stress 

increased rapidly at the beginning of deformation and then remained fairly constant or 

decreased to some extent after attaining the peak stress. At the early stage of deformation, 

dislocations multiplied dramatically, and the work hardening process was predominant, 

thereby leading to a rapid increase in the flow stress [4]. As the dislocation density increased, 

dynamic softening occurred, which can offset the effect of work hardening [2,4]. Thus the 

(b)	  (a)	  
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flow stress increased at a decreasing rate until the peak stress was reached. Subsequently, the 

flow stress either decreased with increasing strain or remained fairly steady. The former 

behavior is observed when the rate of dynamic softening is higher than that of work 

hardening [2,4]. The latter behavior occurs as a result of a dynamic equilibrium between 

work hardening and dynamic softening [2,4]. In both cases, a distinct peak stress is visible as 

the maximum value in the flow stress curve (see the arrow in Fig. 3.2a). Occasionally, the 

flow stress can continuously increase after the early stage of deformation. In this case, the 

peak stress was identified as the tangent point on the flow stress curve by the extension of a 

line along the steady-state flow stresses (see the arrow in Fig. 3.2b).  

Furthermore, it is evident that the level of the flow stress decreased with increasing 

deformation temperature and with decreasing strain rate. As the deformation temperature 

rises, the thermal activation which favors overcoming an energy barrier to dislocation motion 

is increased, while the stress needed to deform a material decreases [40,41]. Besides, with the 

increase of temperature, the level of dynamic softening is improved, so that the dislocation 

density is reduced to facilitate the further dislocation motion [2,4]. Hence, increasing 

temperature could substantially reduce the resistance to dislocation movement, which results 

in the decline of flow stress. On the other hand, with the decrease of strain rate, the 

dislocation multiplication rate is reduced which leads to less tangled dislocation structures as 

barriers to the dislocation movement [2]. In addition, decreasing strain rate results in an 

increasing level of dynamic softening due to the relatively more time for proceeding of 
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dislocation polygonization, which facilitates the further movement of dislocation [2,4]. 

Therefore, decreasing strain rate is expected to lower the stress which is needed for 

dislocation movement, and leads to the decrease in flow stress.  

   

    
Fig. 3.2 True stress-true strain curves of the alloy during hot compression deformation: 
(a) T = 300 °C; (b) T = 350 °C; (c) T = 400 °C; and (d) T = 450 °C. 

3.3.3 Decline ratio map of flow stresses 

The flow stress curves can be divided in three typical cases, as shown in Fig 4.3a, which 

are closely related to different dynamic softening mechanisms. In the first case, the flow 

stress rises rapidly and then undergoes a continuous increase of stress with increasing strain. 

(b)	  (a)	  

(d)	  (c)	  
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A progressive increase of flow stress is likely due to that the rate of work hardening is higher 

than that of DRV [4]. In the second case, the flow stress increases to a plateau, followed by a 

fairly steady stress. This indicates that a dynamic equilibrium between work hardening and 

DRV is achieved [4]. In the third case, the flow stress exhibits a distinct peak value and then 

decreases significantly. In general, the decline of flow stress can be associated with the 

coalescence of precipitates, enhanced DRV [17,21-24] and DDRX [5-9]. Under conditions of 

low Zener-Hollomon parameter, multiple peaks may be exhibited along with a continuous 

flow softening, which is also as a result of DDRX [4]. Cracking may also occur during hot 

deformation at high strain rates that could result in a decrease in the flow stress after reaching 

the peak stress [42,43]. In addition, the flow stress decrease can be caused by a severe 

deformation heating when deformation is performed at high strain rates [2,16-18]. 

A decline ratio of flow stress, dR , is introduced to characterize the evolution of flow 

stress curves during hot deformation of the alloy. dR  is based on the decline level in flow 

stress at the end of the deformation with respect to the corresponding peak stress, and is 

defined in Equation 3.1. The lower the value of dR , the more decline the flow stress relative 

to the peak stress. 

                          100(%) ×
−

=
p

ps
dR σ

σσ
                        (3.1) 

where sσ  is the value of flow stress at the end of the deformation (at a true strain of 0.8 in 

our study) and pσ  is the value of peak stress.  
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According to the experimental data obtained under deformation at temperatures of 300 to 

450 °C and at strain rates of 0.001 to 10 s-1, the decline ratio map of flow stresses at various 

deformation conditions for the 7150 alloy is presented in Fig. 3.3b. Generally, with 

increasing strain rate, the value of decline ratio increased, indicating an enhanced work 

hardening effect and a decreasing level of dynamic softening. However, at the strain rate of 

10 s-1, the decline ratio value again decreased. This map can be divided into five deformation 

domains: 

Domain I illustrates a significant decrease in flow stress after the peak stress with the 

values of dR  between -13% and -6%, when the deformation was performed at a high strain 

rate of 10 s-1.  

Domain II represents the deformation conditions at temperatures of 300 to 400 °C with 

strain rates of 0.1 to 1 s-1, as well as at higher temperatures of 400 to 450 °C with a strain rate 

of 1 s-1. Either slight decrease or continuous increase in flow stress after the peak stress is 

observed, and the values of dR  vary between -8% and 17%.  

Domain III represents the deformation performed at temperatures of 300 to 400 °C with 

low strain rates of 0.001 to 0.01 s-1. A significant decline in flow stress is observed with the 

values of dR  between -28% and -10%. 

Domain IV is characterized by a large decrease of flow stress with the value of dR  

approximately -12%, during the deformation at a high temperature of 450 °C with strain rates 

of 0.01 to 0.1 s-1. It is of interest to notice that only a single peak followed a steady-state flow 
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was observed in the flow stress curves of Domains III and IV (Fig. 3.2). However, Yamagata 

[5,6] has reported that multiple peaks followed by a continuous flow softening could also be 

induced as a result of DDRX in pure aluminum at those deformation conditions. In both 

cases, the values of dR  could be in the same range, though the softening mechanisms 

resulting in such features might be different. 

Domain V shows a slight decrease of flow stress under the deformation at a high 

temperature of 450 °C with a low strain rate of 0.001 s-1, and the value of dR  is around -5%. 

It is observed that the dR  is generally a function of temperature and strain rate, rather 

than a unique value. The changes of the values of dR  in the Al-Zn-Mg-Cu alloy under 

different deformation domains correspond to various softening mechanisms 

[2,4-9,17,21-24,42,43], which will be discussed in the following sections. 

     
Fig. 3.3 (a) Schematic illustration of evolution of true stress-true strain curves in three 

cases; (b) decline ratio map of flow stresses, (%)dR , as a function of deformation 

temperature and strain rate. 

(b)	  (a)	  
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3.3.4 Microstructural evolution 

The microstructures of deformed samples in different deformation domains were 

examined using the optical microscope. Besides, in an attempt to gain more insight into 

microstructural evolution during hot deformation, orientation imaging maps were generated 

at the same deformation conditions as those in optical micrographs. In an orientation imaging 

map, the boundary misorientation angles of both grains and subgrains can be distinguished 

by the colors: white lines: 1-5°; blue lines: 5-15°; thin black lines: 15-30° and thick black 

lines: (> 30°). Fig. 3.4 illustrates the initial grain structure of the homogenized sample, which 

is composed of uniform equiaxed grains that originates from the casting. The average grain 

size was 127 µm, and the grain boundaries are characterized by high angle boundaries, 

typically with misorientation angles between 30 and 60°. 

     

Fig. 3.4 (a) Grain structure of the alloy after homogenization treatment; (b) 
representation of the color code used to identify the crystallographic orientations on 
standard stereographic projection (red: [001]; blue: [111]; green: [101]). 

(b)	  (a)	  
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During hot compression, the original grains were plastically elongated perpendicular to 

the compression direction (Fig. 3.5). In Domain I, when the alloy was deformed at 300 °C 

and 10 s-1, the original grains were severely torn and broke into irregular deformation bands 

(DBs, see the arrow in Fig 3.5a), due to deformation occurring on different slip systems [33]. 

Shear bands (SBs, see the arrow) were also observed through several grains, as a result of a 

highly localized plastic deformation. Fig 3.5b shows several deformation bands with high 

angle transition boundaries inside the elongated grains, which oriented along the elongation 

direction. Moreover, a large amount of low angle boundaries were observed with 

misorientation angles largely between 1° and 5°, indicating a high density of cell and 

subgrain structures. 

As the deformation temperature increased to 450 °C with a strain rate of 10 s-1, Fig. 3.5c, 

d reveals that, besides the major recovered structure, strings of equiaxed grains with high 

angle boundaries (>15°) have been developed along the original grain boundaries, and in 

regions which were associated with the large intermetallic particles (>1µm). The dark green 

regions in Fig. 3.5d, e represent the intermetallic particles, where no indexing of the EBSD 

pattern of aluminum occurs. This indicates that the formation of those recrystallized grains 

was closely related with the particle stimulated nucleation by large intermetallic particles 

[2,4,12]. Furthermore, the newly formed grains are distinguished by a free of internal 

substructure (cell and subgrain structures). This suggests that they were formed as a result of 

static recrystallization during the quenching process. This phenomenon was also observed in 
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AA1100 and AA5083 aluminum alloys during quenching after deformation at high 

temperatures and high strain rates due to considerable stored energy for static 

recrystallization [44,45].  

   

  
Fig. 3.5 Optical micrographs and orientation imaging maps showing deformed 
microstructures under different deformation conditions: (a) (b) 300°C, 10 s-1; and (c) (d) 
(e) 450°C, 10 s-1. 

In Domain II, under the deformation condition at 350 °C and 0.1 s-1, Fig 3.6a shows that 

the deformation became more homogeneous compared to that in Fig. 3.5a, with fewer 

deformation bands visible under the optical microscope. This is the result of an increase in 

the number of operating slip systems and an increased level of DRV as the temperature 

increased [4]. Fig. 3.6b reveals that the density of low angle boundaries was significantly 

reduced, and subgrains with higher angle boundaries (5-15°) were found along the grain 

(b)	  (a)	  

(d)	  (c)	   (e)	  
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boundaries, thus indicating a further recovered structure. In Domain III, the grain boundaries 

of deformed samples remained planar and deformation bands were not noticeable, as an 

example shown by the sample deformed at 350 °C and 0.001 s-1. Moreover, a strong 

recovered microstructure was observed inside the elongated grains (Fig 3.6c). EBSD result 

shows that the substructure became better organized, and a number of larger subgrains were 

formed with neatly arranged boundaries, which were characterized by misorientation angles 

between 5 and 15° (Fig 3.6d). This suggests an increased level of DRV as strain rate 

decreased, involving the annihilation and rearrangement of dislocations. 

   

   

Fig. 3.6 Optical micrographs and orientation imaging maps showing deformed 
microstructures of under different deformation conditions: (a) (b) 350°C, 0.1 s-1; and (c) 
(d) 350°C, 0.001 s-1. 

(b)	  (a)	  

(d)	  (c)	  
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In Domain IV, during the deformation at 450 °C and 0.01 s-1, the bulging of original 

grain boundaries was frequently observed and small equiaxed grains were found along the 

serrated grain boundaries (see the arrows in Fig 3.7a), indicating a partially recrystallized 

microstructure. An example is given by a misorientation profile of along V1 (Fig. 3.7b, c), 

where a bridging medium angle boundary (8°) has been developed behind a bulged section of 

boundary of an original grain (54°). Furthermore, as deformation processed, a bulged section 

has been completely pinched off and became a refined grain, which contained substructure 

and possessed a similar orientation to its parent grain (V2 in Fig. 3.7b, d). The average size 

of the recrystallized grains is approximately 14 µm. It is approximately 2 times the sizes of 

subgrains (5-7 µm) reported in 7050 and 7075 aluminum alloys at the same deformation 

condition, in which DRV solely operated as the softening mechanism [22,46]. This result is 

in agreement with the study in 5083 aluminum alloy during hot torsion by McQueen et al. 

[44], in which the size of dynamic recrystallized grain is 2-3 times the subgrain size. 

Therefore, partial DRX occurred during the hot deformation, and little grain rotation was 

involved in the formation of those recrystallized grains. 
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Fig. 3.7 Deformed microstructures under deformation condition at 450°C, 0.01 s-1: (a) 
optical micrograph; (b) orientation imaging map; (c) a misorientation profile along the 
vector V1; and (d) a misorientation profile along the vector V2. 

In Domain V, when the deformation was performed at 450 °C and 0.001 s-1, new grains 

with high angle boundaries containing substructures were presented along the elongated 

original grain boundaries (see the arrows in Fig. 3.8a), and a large number of subgrains were 

observed inside the original grains as well, which illustrated a strong dynamic recovered 

microstructure mixed with dynamic recrystallized microstructure (Fig. 3.8a, b). The 

microstructure of the recrystallized grain consists of partially the original grain boundaries 

(30-60°) and the newly formed high angle boundaries (15-30°), as illustrated by V3 in Fig. 

(b)	  (a)	  

(d)	  (c)	  
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3.8b, c. Besides, a misorientation profile, V4 in Fig. 3.8b, d, demonstrates that a subgrain was 

progressively increasing in misorientation and being transformed into a dynamically 

recrystallized grain. Moreover, those recrystallized grains exhibited an average size of 33 µm, 

which is about 3 times the subgrain size (9.5 µm) solely observed in 7050 aluminum alloy 

during deformation at 450 °C and 0.0005 s-1 by Deng et al. [46]. 

  

 

     
Fig. 3.8 Deformed microstructures under deformation condition at 450°C, 0.001 s-1: (a) 
optical micrograph; (b) orientation imaging map; (c) a misorientation profile along the 
vector V3; and (d) a misorientation profile along the vector V4. 

(b)	  (a)	  

(d)	  (c)	  



52 

	  

3.3.5 Quantitative analyses of grain boundaries  

Based on the microstructure observation of samples deformed at various deformation 

conditions, DRV generally occurred during hot deformation in Domains I, II and III, and 

DRX took place when the deformation was conducted in Domains IV and V. For a further 

investigation of the dynamic softening mechanisms during the hot deformation processes, a 

quantitative measurement of misorientation angle distributions of boundaries for samples 

deformed at different deformation conditions was carried out using EBSD technique, and 

results are illustrated in Fig. 3.9. It is evident that at deformation temperatures between 300 

and 400 °C, a continuous decrease in the fraction of low angle boundaries (1-5°), along with 

an increase in the fraction of medium angle boundaries (5-15°) was observed as the 

temperature increased and the strain rate decreased (see the deformation conditions from A to 

D). This implies an increased level of DRV, involving elimination of low angle boundaries 

and transformation into higher angle boundaries, which is consistent with the microstructural 

evolution observed in Fig 3.5 and 3.6. However, there is no indication of DRX occurring 

during the deformation at temperatures of 300 to 400 °C, due to the little variation in the 

fraction of high angle boundaries (>15°). On the other hand, as the temperature increased to 

450 °C with different strain rates of 0.01 s-1 and 0.001 s-1 (deformation conditions E and F), 

the boundaries with misorientation angles between 1 and 15° decreased dramatically, and this 

was associated with a rapid increase in high angle boundaries. This result suggests that DRX 

occurred accompanied by an increasing fraction of high angle boundaries, as a result of the 
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formation of recrystallized grains. This is in good agreement with the microstructure 

observation in Fig 3.7 and 3.8. 

 

Fig. 3.9 Fractions of boundaries with different misorientation levels under different 
deformation conditions: A 300°C, 10 s-1; B 300°C, 1 s-1; C 350°C, 0.1 s-1; D 400°C, 0.01 
s-1; E 450°C, 0.01 s-1; and F 450°C, 0.001 s-1. 

3.4 Discussion 

The decline ratio map of flow stress as a function of temperature and strain rate is divided 

into five domains, which can be utilized to study the relationship between flow stress 

behavior and various dynamic softening mechanisms in the Al-Zn-Mg-Cu alloy (7150) 

during hot deformation at different deformation temperatures and strain rates.  

In Domain I, the microstructure observation confirms that DRV is the main dynamic 

softening mechanism during hot deformation (Fig. 3.5). Although deformed at high strain 

rates, no cracking in the deformed samples was observed. The continuous decline of the flow 
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stress after attaining the peak stress is likely associated with a severe deformation heat 

release. The variations of sample temperatures are shown in Fig. 3.10, which were monitored 

during the compression tests at the target temperatures from 300 to 450 °C with different 

strain rates. When the deformation was performed at the high strain rate of 10 s-1 (Domain I), 

the sample temperature rose continuously with increasing strain at each target deformation 

temperature. The maximum overheating temperature reached 22 °C at the target temperature 

of 450 °C, and increased as high as 35 °C at the target temperature of 300 °C. Those results 

suggest that the heat release during deformation at the high strain rate of 10 s-1 plays an 

important role in the decrease of flow stress, leading to a significant thermal softening, as 

confirmed by other researchers [16-18]. 

However, in other domains, when the deformation was carried out at low strain rates 

between 0.001 s-1 and 0.1 s-1, the sample temperatures kept close to the target temperatures 

(within 2 °C). Thus, it is reasonable to consider that the deformation was under an isothermal 

process. Even at the intermediate strain rate of 1 s-1, the temperature increase was generally 

limited within several degrees (4 to 8 °C). Therefore, it is believed that the thermal softening 

effect in this case plays a minor role in the flow softening.  
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Fig. 3.10 Maximum increase of sample temperature ( maxTΔ ) measured during 

compression tests as a function of deformation temperature and strain rate. 

Domain II represents a typical recovered structure (Fig. 3.6a, b), indicating that DRV is 

the sole dynamic softening mechanism. The flow stress curves showed a continuous increase 

of flow stress after the peak stress at a higher strain rate (1 s-1) or a slight decrease at a lower 

strain rate (0.1 s-1). It is evident that the effect of work hardening was dominant during hot 

deformation at the strain rate of 1 s-1, whereas the dynamic softening slightly overcame the 

work hardening at the lower strain rate of 0.1 s-1.  

In Domain III, DRV still operated as the main dynamic softening mechanism (Fig. 3.6c, 

d). Differentiated from Domain II, a significant decline of the flow stress after the peak stress 

occurred. It was observed that the dynamic precipitation and coarsening took place during the 

hot compression process. Fig 3.11a shows a precipitate-free aluminum matrix after the 
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homogenization prior to the hot deformation. At the beginning of deformation (at a true 

strain of 0.1), as exemplified at the deformation condition at 350°C and 0.001s-1, a large 

number of spherical and rod-shaped precipitates with an average size of 60 nm appeared (Fig. 

3.11b). The TEM-EDS result (Table 3.2) shows that the precipitates contain Mg, Zn and Cu, 

with a composition approaching stoichiometric Mg(Zn,Cu)2 phase [47-49]. Those fine 

precipitates interacted with dislocations and exhibited a strong pinning effect on dislocation 

movement, leading to a high value of the peak stress at the initial stage of deformation. As 

the deformation progressed to a true strain of 0.8, the precipitates remarkably coarsened to an 

average size of 125 nm with a larger interparticle spacing (Fig. 3.11c). The coalescence of 

precipitates, accompanied by enhanced DRV, resulted in a significant flow stress softening. 

Similar behaviors have been observed in solution treated 7012, 7075 and 7085 as well as 

homogenized 2026 aluminum alloys during hot deformation at low strain rates [17,22,24]. 

It should be mentioned that the dynamic precipitation can also occur in Domain II. 

However, the coalescence of precipitates was not observed by TEM due to a relatively short 

deformation time at high strain rates. Those fine precipitates significantly increased the 

multiplication rate of dislocations [2,4], which resulted in a strong work hardening effect and 

a continuous increase of flow stress at strain rate 1 s-1, as shown in Fig. 3.2. 
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Fig. 3.11 Bright-field TEM micrographs showing as-homogenized microstructure prior 
to deformation (a); deformed microstructures at 350°C and 0.001s-1 with the true strain 
of 0.1 (b) and 0.8(c). The electron beam is parallel to [011] of α-Al. 

Table 3.2 Results of TEM-EDS analysis of the precipitates shown in Fig. 3.11b, c. 
Element Mg Cu Zn Al 

Mole fraction 
(%) 26.58 18.82 25.67 28.94 

Moreover, in Domain IV, the deformed microstructure reveals a partially recrystallized 

microstructure at the serrated grain boundaries (Fig. 3.7), which probably involves in the 

(b)	  

(c)	  

(a)	  
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discontinuous dynamic recrystallization (DDRX) by strain-induced boundary migration 

(SIBM). Fig. 3.12 illustrates an example of the formation of one dynamically recrystallized 

grain before pinching off from the original grain in the sample deformed at 450 °C and 0.01 

s-1. The STEM micrograph gives an overview of the recrystallized grain and its surroundings, 

and four bright-field TEM images show the enlarged views in the corresponding areas. The 

misorientation angles of boundary were determined by measuring the shift of Kikuchi line 

intersections on crossing boundary under TEM mode [2,23].  

It can be seen that the recrystallized grain C comprised of partially bulged original grain 

boundary (Fig. 3.12a, c) and a bridging of low angle boundary (3-5°) with the grain B (Fig. 

3.12a, b). This suggests a characteristic feature of SIBM, by which the grain C was gradually 

formed at the expense of the higher density of dislocations in the grain A and displayed a 

similar orientation to its parent grain B. Moreover, the grain C contains substructures of 

dislocations and dislocation networks (Fig. 3.12a, d, e). This provides a direct evidence that 

the new grain was formed dynamically during deformation and suffered a significant strain 

[2,7]. Furthermore, it was reported that a high content of solute atoms, Mg, Zn and Cu in the 

aluminum matrix of the homogenized sample, could reduce the dislocation mobility and 

retard dynamic recovery, thus leading to a high stored energy [2,4,12]. Therefore, the driving 

force for dynamic recrystallization was increased and DDRX took place during the hot 

deformation process at this deformation condition, resulting in an appreciable flow softening 

[2,12].  
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Fig. 3.12 Transmission electron micrographs of the alloy compressed at 450°C and 0.01 
s-1 to a true strain of 0.8: (a) STEM image showing one dynamically recrystallized grain 
and its surroundings; and (b)-(e) bright-field TEM images illustrating the enlarged 
views of four locations in (a). 

During the deformation at a high temperature of 450 °C and at a low strain rate of 0.001 

s-1 in Domain V, bulging of grain boundaries and formation of recrystallized grains by 

DDRX were not observed in Fig 3.8. As a high level of DRV was induced during the slow 

straining process at the high temperature, accumulation rate of dislocations was considerably 

decreased. Hence, the driving force was not sufficient for nucleation and growth of 

recrystallized grains by DDRX. However, a number of newly formed grains with high angle 

boundaries can be clearly seen in the microstructure (Fig 3.8), in which it most probably 

involved a continuous dynamic recrystallization (CDRX). Fig 3.13 shows the evolution of 

substructure and misorientation distribution with increasing strain during the deformation at 

450 °C and 0.001 s-1. At a true strain of 0.3, subgrains were well developed inside the 

original grains (see the arrows in Fig 3.13a), and characterized mainly by low angle 
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boundaries between 1 and 5° (Fig. 3.13c). As the deformation processed to a true strain of 0.5, 

subgrains were presented with boundaries of increased misorientations (see the arrows in Fig. 

3.13b). Besides, the fraction of subgrain boundaries with low misorientations (1-5°) was 

significantly reduced, while the number of boundaries with higher misorientations increased 

(Fig. 3.13d). When the true strain approached to 0.8, recrystallized grains with high angle 

boundaries could be observed (Fig. 3.8), and the fraction of high angle boundaries 

continuously increased, reaching more than 45% (Fig. 3.13e). This result indicates that the 

low angle boundaries (1-5°) were progressively converted into medium angle boundaries 

(5-15°), which in turn transformed into high angle boundaries during the slow deformation 

process (Domain V). Such evolution can be considered as a process of continuous dynamic 

recrystallization (CDRX) [10-12]. In this case, the flow stress curve attained a peak stress 

and then showed a slow decline upon further straining [50].  

 

 

 

 

 

 



61 

	  

   

 

Fig. 3.13 Orientation imaging maps of the alloy deformed at 450°C and 0.001s-1 with the 
true strain of: (a) 0.3 and (b) 0.5; misorientation distribution at the true strain of: (c) 
0.3; (d) 0.5; and (e) 0.8. 

In brief, the decline ratio map of flow stress was utilized to study the relationship 

between flow stress behavior and various dynamic softening mechanisms in the 

Al-Zn-Mg-Cu alloy (7150) during hot deformation. Recovered structures are generally 

observed in the samples deformed in Domains I, II and III. In these cases, DRV is the sole 

dynamic softening mechanism during hot deformation, which is commonly reported in 7xxx 

aluminum alloys [2,22,46,51]. However, a partially recrystallized microstructure is presented 

in the deformed samples in Domains IV and V. It is proved using EBSD and TEM that DRX 

does take place during hot deformation at certain conditions in this alloy. Therefore, besides 

DRV, DRX plays an important role in flow stress softening at the high temperature. 

Furthermore, results reveal that two possible mechanisms of DRX operate during the hot 

(b)	  

(c)	  

(a)	  

(d)	   (e)	  
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forming, in which DDRX is involved in Domain IV and CDRX is implied in Domain V. 

Finally, it should be emphasized that generation of decline ratio map of flow stress, 

accompanied with investigation on typical microstructures in each domain could provide a 

convenient approach to study the dynamic softening mechanisms of materials through hot 

processing.  

Recently, several works have been done to optimize the hot working processes of 7xxx 

aluminum alloys using the processing maps [52-55]. Correlating various deformation 

mechanisms suggested from the decline ratio map with those processing maps, it is possible 

to predict the hot workability of the Al-Zn-Mg-Cu aluminum alloy studied. Results obtained 

in this study show that Domains II, IV and V correspond to the safe processing domains, due 

to DRV and DRX operating as the dynamic softening mechanisms [42,52-55]. Furthermore, 

the optimum hot working parameters for the alloy are considered to be in Domains IV and V, 

i.e. at the temperature of 450 °C and strain rates of 0.001-0.1 s-1, where DRX occurs during 

hot deformation, leading to softening and reconstituting the microstructure [42]. This is in 

agreement with results obtained from 7xxx aluminum alloys by other researchers [52-55]. On 

the other hand, the deformation in Domain I should be avoided, due to the flow instability 

and formation of adiabatic shear bands [42,54,55]. The coarse dynamic precipitates generated 

in Domain III may lead to the deep inter-granular corrosion and large areas of denudation 

layer, which are detrimental to the properties of the deformed material [54]. 
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3.5 Conclusions  

1. The hot deformation behavior of 7150 aluminum alloy (Zr free) is systematically 

investigated at temperatures of 300 to 450 °C and strain rates of 0.001 to 10 s-1. The level 

of flow stress decreases with increasing deformation temperature and with decreasing 

strain rate. 

2. The decline ratio map of flow stresses is proposed and further divided into five 

deformation domains, in which the flow stress behavior is correlated with different 

microstructures and dynamic softening mechanisms at various deformation conditions. 

3. The dynamic recovery is the sole softening mechanism of the alloy when the hot 

deformation is performed at temperatures of 300 to 400 °C with various strain rates, as 

well as at temperatures of 400 to 450°C with strain rates between 1 and 10 s-1. The level 

of dynamic recovery increases with increasing temperature and with decreasing strain 

rate. 

4. At the high strain rate of 10 s-1, the heat release during deformation plays an important 

role in the decrease of flow stress, leading to a significant thermal softening. At low 

strain rates of 0.001 to 0.01 s-1 and temperatures of 300 to 400 °C, the coalescence of 

dynamic precipitation, accompanied by enhanced dynamic recovery, results in a 

considerable decline in flow stress.  
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5. The dynamic recrystallization takes place when the deformation is conducted at the high 

deformation temperature of 450 °C with strain rates of 0.001 to 0.1 s-1, providing an 

alternative softening mechanism. Results reveal that two kinds of DRX may operate at 

the high temperature, in which DDRX is involved at the higher strain rates and CDRX is 

implied at the lower strain rates. 
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Chapter IV   Effect of Zr addition on hot deformation 

behavior and microstructural evolution of 7150 aluminum 

alloy 
	  

Abstract 

The hot deformation behavior of homogenized 7150 aluminum alloys containing 

different Zr contents (0 to 0.19 wt%) was studied. The results reveal no significant variation 

in the peak flow stress or activation energy between the 7150 base alloy and the alloy 

containing 0.04 wt% Zr. With a further increase in the Zr content to 0.19 wt%, the values of 

peak flow stress and activation energy increased significantly. The materials constants and 

activation energy for hot deformation were determined from the experimental compression 

data obtained for all alloys studied. The solved constitutive equations yielded good 

predictions of the peak flow stress over wide temperature and strain-rate ranges for 7150 

alloys with different Zr contents. The dynamic recovery level of the materials was reduced 

after being alloyed with Zr, which was associated with a decrease in the mean misorientation 

angle of boundaries and a decrease in subgrain size. The addition of Zr promoted the 

retardation of dynamic recovery and the inhibition of dynamic recrystallization during hot 

deformation due to the pinning effect of Al3Zr dispersoids on dislocation motion and to 

restrained dynamic restoration.
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4.1 Introduction 

7xxx series aluminum alloys are very attractive materials for their applications in the 

automotive and aerospace industries due to their excellent combination of properties such as 

high strength-to-density ratio, high fracture toughness and resistance to stress corrosion 

cracking [1]. These aluminum alloys are generally subjected to hot forming processes such as 

rolling, extrusion and forging. The mechanical properties of the alloys are affected by their 

chemical composition, strain history and resulting microstructure from thermomechanical 

processing [2,3]. The addition of micro-alloying elements, such as Zr, Sc, Sn, In, Cd and Ag, 

has also been reported to increase the material strength of the alloys and afford reasonably 

high toughness [4-7]. To optimize the mechanical properties and processability of hot formed 

alloys, a better understanding of the effect of micro-alloying elements on deformation 

behavior and microstructural evolution during hot deformation is required. 

Dynamic recovery (DRV) and dynamic recrystallization (DRX) are the typical softening 

mechanisms active in aluminum alloys during deformation at elevated temperatures [8-11]. 

Previous investigations have shown that micro-alloying has significant effects on these 

softening mechanisms during hot deformation [12-15]. Hu et al. [12] suggested that the 

softening mechanism of 7050 aluminum alloy shifted from DRV to DRX with decreasing Z 

(Zener-Hollomon parameter). A minor addition of Sn (0.02 to 0.1 wt%) to Al-Cu-Mg alloy 

resulted in an increase in peak flow stress and deformation activation energy in a study 

reported by Banerjee et al. [13]. McQueen et al. investigated the hot torsion behavior of 8090 
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alloy containing 0.1 wt% Zr and observed that dynamic recovery occurred as the sole 

softening mechanism [14]. However, dynamic recrystallized grains were observed in 

extruded Al-5 wt%Mg-0.8 wt%Mn alloy due to the stimulation of nucleation by Al6Mn 

particles [15].   

The addition of Zr is well known to increase the recrystallization resistance of aluminum 

alloys by forming fine, coherent Al3Zr dispersoids [4,16]. The presence of these dispersoids 

promotes the formation of a stable and refined subgrain structure during the hot deformation 

process, which promotes additional substructure strengthening [17]. In commercial practice, 

Al3Zr dispersoids are generally precipitated during the homogenization of cast billets [4,16]. 

The effectiveness of the dispersoids depends on their size, number density and distribution 

[18], which are strongly influenced by the homogenization treatment [19]. To date, several 

studies have focused on investigating the effect of Zr addition on the static recrystallization 

of aluminum alloys during solution treatment because the fracture toughness is closely 

related to the amount of recrystallized structure [4,16,20-22]. A few studies have been 

conducted on the hot deformation of aluminum alloys containing Zr, in which a pinning 

effect of Al3Zr dispersoids on dislocations and grain boundaries has been reported [14,23,24]. 

However, a systematical investigation of the effect of different Zr contents on the hot 

deformation behavior of 7150 aluminum alloys has not been found in the literature. The 

evolution of the deformed microstructure of 7150 aluminum alloy after adding various 

contents of Zr must be understood.  
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In the present study, the hot deformation behavior of homogenized 7150 alloys with 

different Zr contents (ranging from 0 to 0.19 wt%) was studied by hot compression tests at 

various temperatures and strain rates. The constitutive equations correlating the peak flow 

stress, deformation temperature, strain rate and activation energy were analyzed for these 

alloys. The microstructural evolution of the alloys during hot deformation was investigated to 

understand the effect of Zr addition on the dynamic softening mechanisms that occur under 

various deformation conditions.  

4.2 Experimental  

Experiments were conducted on 7150 alloys with different contents of added Zr ranging 

from 0 to 0.19% (all alloy compositions in wt% unless otherwise indicated). The alloys were 

designated Alloy-A to Alloy-F based on their Zr contents, and their chemical compositions 

are analyzed by an optical emission spectrometer and presented in Table 4.1. Approximately 

3 kg of material was melted in an electrical resistance furnace and held at 750 °C for 30 min 

under mechanical stirring, and then cast into a rectangular permanent steel mold measuring 

30 x 40 x 80 mm3. The cooling rate in the liquid state is approximately ~12 ºC s-1. When the 

content of added Zr exceeded 0.19%, large primary intermetallics of Al3Zr were observed in 

the as-cast microstructure, which is not the interest in the present study. The cast ingots of 

these alloys were homogenized at 465 °C for 24 h, followed by direct water quenching. 

Cylindrical samples measuring 10 mm in diameter and 15 mm long were machined from the 

homogenized ingots. Uniaxial compression tests were conducted on a Gleeble 3800 
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thermomechanical simulation unit at strain rates of 0.001, 0.01, 0.1, 1 and 10 s-1 and 

deformation temperatures of 300, 350, 400 and 450 °C, respectively. During the tests on the 

Gleeble 3800 unit, the samples were heated to the desirable deformation temperature at a 

heating rate of 10 °C/s and held for 3 min to ensure a homogeneous temperature distribution 

throughout the samples. The samples were deformed to a total true strain of 0.8 and then 

immediately water-quenched to retain the microstructure at the deformation temperature.  

The microstructure of the as-homogenized materials was etched by Keller’s solution prior 

to hot deformation. All deformed samples were sectioned parallel to the compression axis 

along the centerline and then metallographically prepared for electron backscattered 

diffraction (EBSD) analysis under a scanning electron microscope (SEM, JEOL 

JSM-6480LV). In EBSD analysis, the boundaries of both grains and subgrains are defined as 

low-angle boundaries (LABs), medium-angle boundaries (MABs) and high-angle boundaries 

(HABs) with misorientation angles of 1-5°, 5-15° and greater than 15°, respectively [25]. The 

step size between the scanning points was set to 1.0 µm for the grain structure of the samples. 

For the quantitative measurement of the misorientation distribution of boundaries, EBSD line 

scanning was carried out [26,27], and a sample surface area of approximately 2.73 mm2 with 

a scanning step size of 1.0 µm was selected. In addition, EBSD analysis was performed to 

measure the subgrain size of the deformed samples using the linear intercept method [26]; a 

surface area of approximately 0.42 mm2 with a scanning step size of 0.1 µm was selected. 

Samples for TEM observation were mechanically ground to a thicknesses of 35-60 µm and 
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followed by electropolishing in a twin-jet polishing unit, which was operated at 15 V and 

-20 °C using a 30% nitric acid and 70% methanol solution. The samples were observed under 

a transmission electron microscope (TEM, JEM-2100) operated at 200 kV. To observe the 

distribution of Al3Zr, electropolished TEM foils of an as-homogenized sample containing 

0.12% Zr were examined using a field-emission gun SEM (Hitachi SU-70) operated at 10 kV 

with a working distance of 10 mm in the backscattered mode. 

Table 4.1 Chemical composition of the alloys studied (wt%). 
Alloy Zn Mg Cu Si Fe Ti Zr Al 

Alloy-A (base alloy) 6.44 2.47 2.29 0.16 0.15 0.009 - Bal. 
Alloy-B (0.04 Zr) 6.27 2.14 2.23 0.11 0.14 0.008 0.04 Bal. 
Alloy-C (0.07 Zr) 6.36 2.31 2.29 0.16 0.15 0.008 0.07 Bal. 
Alloy-D (0.12 Zr) 6.35 2.22 2.34 0.16 0.15 0.008 0.12 Bal. 
Alloy-E (0.15 Zr) 6.16 2.15 2.16 0.11 0.14 0.008 0.15 Bal. 
Alloy-F (0.19 Zr) 6.04 2.08 1.97 0.11 0.14 0.008 0.19 Bal. 

4.3 Results 

4.3.1  Flow stress behavior  

The hot compression tests of 7150 alloys containing different Zr contents were carried 

out at deformation temperatures ranging from 300 to 450 °C and at strain rates ranging from 

0.001 to 10 s-1. A series of typical true stress-true strain curves obtained during hot 

deformation are presented in Fig. 4.1. In general, all of the curves exhibit a peak flow stress 

at a certain strain, followed by dynamic flow softening to the end of straining. Significant 

flow softening beyond the peak stress was observed at the highest strain rate of 10 s-1, which 

was attributed to severe adiabatic deformation heating. This phenomenon was reported in our 
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previous study [28], in which the deformation temperature considerably rose during the 

compression process. Under other deformation conditions, the flow stress curves remained 

fairly constant or decreased to some extent beyond the peak stresses, demonstrating a 

dynamic equilibrium between work hardening and dynamic softening. In addition, it is 

evident that the level of flow stress and peak stress increased with increasing strain rate and 

decreasing deformation temperature, which is in general agreement with the results reported 

in previous studies on metallic alloys [12-15,23,24]. However, the flow stress and peak stress 

levels increased remarkably with an increase in Zr content.  
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Fig. 4.1 Typical true stress-true strain curves during hot compression deformation: (a) 
Alloy-A (base alloy); (b) Alloy-B (0.04 Zr); (c) Alloy-C (0.07 Zr); (d) Alloy-D (0.12 Zr); 
(e) Alloy-E (0.15 Zr); and (f) Alloy-F (0.19 Zr). 

 

(c)	   (d)	  

(e)	   (f)	  

(a)	   (b)	  
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Fig. 4.2 illustrates the evolution of the peak flow stresses of the alloys with different Zr 

contents as a function of strain rate at various deformation temperatures. Under a given 

deformation condition, no significant variation could be observed in the peak stress between 

the base alloy (Alloy-A) and Alloy-B with 0.04% Zr. With the further addition of Zr, 

increasing the content from 0.07 to 0.19%, the peak stress levels increased significantly. The 

values of peak stress showed a gradual rise with increasing content of Zr under the same 

deformation condition. For example, when hot deformation was performed at 300 °C and 0.1 

s-1, the peak stress of the base alloy was 130.4 MPa, which increased to 136.3 MPa and 139.7 

MPa after the material was alloyed with 0.12 and 0.19% Zr, respectively. As the deformation 

temperature increased to 450 °C at the same strain rate of 0.1 s-1, the peak stresses of the 

alloys containing 0.12% and 0.19% Zr increased to 55.68 MPa and 59.22 MPa, representing 

6.2% and 13% increases, respectively, relative to the peak stress in the base alloy. The results 

indicate that micro-alloying with a Zr content greater than 0.04% could remarkably retard the 

dynamic softening of the base material and enhance its deformation resistance during 

deformation at elevated temperatures. 
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Fig. 4.2 The evolution of peak stresses of alloys A-F during hot deformation at (a) 
300 °C; (b) 350 °C; (c) 400 °C; and (d) 450 °C. 

4.3.2 Constitutive analyses 

Constitutive equations are generally developed to model the hot deformation behavior of 

materials and to demonstrate the effects of deformation conditions on the state of the flow 

stress. The hyperbolic-sine equation, proposed by Sellars and McTegart [29], is widely 

employed to describe the relationship between the strain rate, deformation temperature and 

flow stress, especially over a wide range of stresses [2,29], 

(a)	   (b)	  

(c)	   (d)	  
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              (4.1) 

where Z 	   is the Zener-Hollomon parameter, n  and A  are material constants, α  is the 

stress multiplier, σ  is the flow stress (MPa), Q  is the activation energy for hot 

deformation (kJ/mol), R  is the universal gas constant (8.314 J/mol K) and T  is the 

deformation temperature (K). 

In this study, the experimental data obtained for Alloy-D, containing 0.12% Zr, were used 

as an example to derive the activation energy Q  and material constants for all materials 

studied. The peak flow stress pσ  is used to proxy for σ , which is generally utilized in 

aluminum alloys and refers to the dynamic equilibrium between work hardening and 

dynamic restoration [30,31]. The data obtained at a strain rate of 10 s-1 were not taken into 

account due to the flow instability derived from the significant rise in deformation 

temperature. The stress multiplier α  can be defined as 1/nβα =  [29], where β  and 1n  

are evaluated from the mean slopes of the plots of )ln(ε! - pσ  and )ln(ε! - )ln( pσ , 

respectively, for the range of temperatures studied. From Fig. 4.3, the values of β  and 1n  

were calculated and the value of α  for Alloy-D was determined to be 0.011.  
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Fig. 4.3 Relationships between (a) ε!ln  and pσ  and (b) ε!ln  and pσln . 

Differentiating Eq. (4.1) yields: 
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where n 	   is the mean slope of plots of ε!ln - )]ln[sinh( pασ  at different temperatures and 

S  is the mean slope of plots of )]ln[sinh( pασ - T/1  at various strain rates. The relationship 

between ε!ln  and )]ln[sinh( pασ , which was derived from the measured peak stresses (Fig. 

4.2), is shown in Fig. 4.4(a). The mean value of the slopes at four deformation temperatures, 

n , was then calculated. Additionally, the relationship between )]ln[sinh( pασ  and T/1 , 

which was derived from experimental peak stress data (Fig. 4.2), is plotted in Fig. 4.4(b). The 

mean value of the slopes at different strain rates, S , was obtained. The activation energy Q  

could then be determined directly from Eq. (4.2). 

(a)	   (b)	  
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Fig. 4.4 Relationships between (a) ε!ln  and )]ln[sinh( pασ  and (b) )]ln[sinh( pασ  

and T/1000 . 

Taking the natural logarithm of both sides of Eq. (4.1) yields: 

)]ln[sinh()ln(ln pnAZ ασ+=                      (4.3) 

where )ln(A  is obtained from the intercept of the plot of Zln - )]ln[sinh( pασ , as shown in 

Fig. 4.5. Likewise, the material constants A , n  and α  and the activation energies Q  for 

all alloys were calculated according to Eq. (4.1), (4.2) and (4.3). Table 4.2 presents the values 

of these constants and activation energies corresponding to all alloys studied. As shown, α  

remains fairly constant, whereas the values of n  and A  increase with increasing Zr 

content. For example, the value of n  increases from 7.02 for the base alloy to 8.08 for the 

alloy containing 0.19% Zr, whereas the value of A  increases from 1.01 x 1017 for the base 

alloy to 2.08 x 1019 for the alloy containing 0.19% Zr.  

(b)	  (a)	  
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Fig. 4.5 Relationship between Zln  and )]ln[sinh( pασ . 

Table 4. 2 Values of material constants and activation energies for the alloys studied. 
Alloy α (MPa-1) n A (s-1) Q (kJ mol-1) 

Alloy-A (base alloy) 0.012 7.02 1.01 x 1017 229.4  
Alloy-B (0.04 Zr) 0.011  7.00 8.92 x 1016 226.5 
Alloy-C (0.07 Zr) 0.011  7.36 7.65 x 1017 235.7 
Alloy-D (0.12 Zr) 0.011  7.51 5.96 x 1018 247.2 
Alloy-E (0.15 Zr) 0.010  7.65 8.59 x 1018 249.4 
Alloy-F (0.19 Zr) 0.010  8.08 2.08 x 1019 255.2 

Fig. 4.6(a) plots the variation in the hot deformation activation energy, Q , as a function 

of Zr content. Q  is an important physical parameter serving as an indicator of the degree of 

difficulty of plasticity deformation. The activation energy of 229.4 kJ/mol obtained for the 

base alloy is in general agreement with the values reported for similar alloys, such as 7150, 

7050 and 7075 alloys [12,32,33]. Alloy-B, containing 0.04% Zr, exhibited a similar but 

slightly lower value of 226.5 kJ/mol compared with that of the base alloy. With an increase 

in Zr content to 0.19%, Q  showed a distinctly increasing tendency and reached 255.2 

kJ/mol for Alloy-F, which contained 0.19% Zr. These results suggest that the addition of 
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more than 0.04% Zr can significantly increase the resistance of the 7150 aluminum alloy to 

deformation during the hot working process. 

 

 
Fig. 4.6 Relationships between (a) Q, (b) n and (c) lnA and Zr content with polynomial 
fit. 

Based on the above-described analysis, it is evident that the values of the activation 

energy and material constants are closely related with the variation in the Zr content. 

Relatively good polynomial relationships between the activation energy Q , material 

constants n  and A  and the Zr content were obtained (Fig. 4.6), as shown in Eq. (4.4). The 

coefficients of the polynomial are presented in Table 4.3. In addition, it is shown that the 

value of α  remained nearly constant at different Zr contents (Table 4.2); thus, the average 

(c)	  

(a)	   (b)	  
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value of 0.011 was adopted for the alloys studied. 
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where Zr in Eq. (4.4) is the Zr content in wt%. 

Table 4. 3 Coefficients of polynomial fit for Q, n and lnA. 
Q  n  lnA  
B0 229.39 C0 7.01 D0 39.14 
B1 -546.099 C1 -11.92 D1 -85.96 
B2 15902.69 C2 444.49 D2 2940.14 
B3 -117270.53 C3 -3765.92 D3 -22601.70 
B4 276129.49 C4 10068.03 D4 54153.35 

From Eq. (4.1), the peak flow stress, pσ , can be expressed as a function of the 

deformation temperature, strain rate, activation energy and material constants (Eq. (4.5)).	  

Through Eqs. (4.4) and (4.5), the peak flow stress related to the change in Zr content at any 

given temperature and strain rate can be predicted. The predicted values of the peak stresses 

versus the measured ones for the 7150 alloys with different Zr contents are plotted in Fig. 4.7. 

As demonstrated, there is excellent agreement between the predicted and experimental 

results.  

n
p A

RT
Q

/11 ]
)exp(
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α
σ

!
−=                         (4.5) 
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Furthermore, to evaluate the accuracy of the developed constitutive equations (Eq. (4.4)), 

the error between the predicted peak flow stress ( pσ ) and the measured stress ( Mσ ) can be 

expressed as follows: 

100% ×
−

=
M

Mperror
σ

σσ
                        (4.6) 

The mean error for the 7150 alloys with Zr contents ranging from 0 to 0.19%, under the 

various deformation conditions studied, was determined to be 5.32%, which indicates good 

agreement between the predicted and measured peak stresses. Therefore, the developed 

constitutive equations offer excellent prediction of the hot deformation behavior of 7150 

aluminum alloy with a variation in Zr content and can be used to analyze problems 

associated with the hot working process. 

 
Fig. 4.7 Correlation between predicted and experimental peak flow stress. 
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4.3.3 Microstructure evolution 

4.3.3.1 Initial microstructure 

To investigate the microstructural evolution of the alloys studied when alloyed with Zr, 

Alloy-A (base alloy), Alloy-D (0.12% Zr) and Alloy-F (0.19% Zr) were selected for further 

study. Fig. 4.8 shows optical micrographs of these alloys after the homogenization treatment. 

The homogenized structures of the three alloys were composed of uniform equiaxed grains 

formed during casting. The average grain size of Alloy-A was 127 µm. The grain structures 

of the alloys containing Zr were much coarser. The average grain sizes were approximately 

547 µm and 485 µm for Alloy-D and F, respectively. This is due to the poisoning effect of Zr, 

through which the added Zr reacts with iron and silicon in the melt, reducing the growth 

restriction of grains [34]. Moreover, the EBSD analysis results revealed that the grain 

boundaries of all three alloys were characterized by high-angle boundaries, typically with 

misorientation angles between 30 and 60°. 
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Fig. 4.8 Optical micrographs showing the grain structures after homogenization: (a) 
Alloy-A (base alloy); (b) Alloy-D (0.12 Zr); and (c) Alloy-F (0.19 Zr). 

After homogenization at 465 °C for 24 h, the precipitation of Al3Zr dispersoids was 

clearly observed in the materials micro-alloyed with Zr contents ranging from 0.07 to 0.19%. 

Fig. 4.9 shows an example of Alloy-D containing 0.12% Zr. The dark-field TEM micrograph 

shows that a large number of spheroidal and coherent Al3Zr dispersoids with an average size 

of 14.5 nm were precipitated in the aluminum matrix (Fig. 4.9(a)), indicating a strong 

pinning effect on dislocation movement during hot deformation. However, the distribution of 

Al3Zr dispersoids was not homogeneous, and dispersoid-free bands were observed in the 

interdendritic region (Fig. 4.9(b)) and near grain boundaries (Fig. 4.9(c)). During casting, 

(a)	   (b)	  

(c)	  
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zirconium tended to segregate in the dendrite centers, which resulted in a high concentration 

of Zr and hence a sufficiently high level of supersaturation that allowed for the precipitation 

of a large number of Al3Zr dispersoids. On the other hand, the matrix toward the edge of the 

dendrites and in the area adjacent to the grain boundaries contained an insufficient Zr 

concentration, leading to a relatively dispersoid-free zone [16,35]. In the samples with low Zr 

contents (0.04%), almost no Al3Zr dispersoids could be found, indicating that the added Zr 

mainly existed as the solute atoms in the aluminum matrix. The role of these fine Al3Zr 

dispersoids in hot deformation will be discussed in the following sections. 
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Fig. 4.9 TEM and FEG-SEM micrographs displaying precipitation of Al3Zr dispersoids 
in Alloy D (0.12 Zr) after homogenization at 465 for 24 h. (a) A dark-field TEM image 
recorded near the [011]α zone axis by using the (100) superlattice reflections of Al3Zr 
(L12). The inset image is the corresponding diffraction pattern. (b) FEG-SEM images 
across an interdendritic region and (c) near a grain boundary. 

4.3.3.2 Hot deformed microstructure 

To investigate the microstructures during hot deformation, orientation imaging maps of 

the deformed samples of Alloy-A, D and F were generated under different deformation 

conditions using the EBSD technique (Fig. 4.10). In orientation imaging maps, the boundary 

misorientation angles of both grains and subgrains can be distinguished as follows: white 

(a)	  

(b)	   (c)	  
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lines: 1-5°; blue lines: 5-15°; thin black lines: 15-30° and thick black lines: (> 30°). 

When the deformation was performed at 300 °C and 1 s-1, the original grains of the three 

alloys were severely torn and broke into irregular deformation bands (Fig. 4.10(a), (d) and 

(g)). A large amount of low-angle boundaries of 1-5° were observed, indicating a high 

density of cell and subgrain structures. For the deformation processes conducted at higher 

temperatures and lower strain rates, the evolution of the substructures of all three alloys 

showed a similar tendency: the deformation became more homogeneous (Fig. 4.10(b), (e) 

and (h)). The substructures became better organized, and larger subgrains were formed with 

neatly arranged boundaries between 1° and 15° (Fig. 4.10(c), (f) and (i)). The rise of this 

organized structure was due to the increase in the number of operating slip systems and the 

increase in the dynamic recovery level as the temperature increased and strain rate decreased 

[2]. 

It should be emphasized that, in the base alloy deformed at 450 °C and 1 s-1, a large 

number of subgrains with higher angle boundaries (5-15°) existed along the serrated grain 

boundaries (Fig. 4.10(b)), indicating a strong dynamically recovered structure [2,18]. On the 

other hand, in the alloys containing 0.12 and 0.19% Zr, the serration of the grain boundaries 

disappeared and the recovered substructures were mainly characterized by low-angle 

boundaries (1-5°). This result demonstrates that the dynamic recovery was remarkably 

restricted when alloying with Zr.  

Furthermore, as the strain rate was lowered to 0.01 s-1 at 450 °C, in addition to the 
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development of a recovered structure, partially dynamic recrystallization occurred during the 

deformation of the base alloy. Small equiaxed grains with high-angle boundaries (>15°) that 

contained substructures were observed along the bulged grain boundaries (see the arrows in 

Fig. 4.10(c)). However, only dynamically recovered microstructures were observed in the 

alloys containing 0.12 and 0.19% Zr (Fig. 4.10(f) and (i)). Subgrains with boundaries of 

misorientation angles between 5 and 15° were observed along the elongated grain boundaries. 

Hence, the addition of Zr was observed to inhibit dynamic recrystallization.  

 

Fig. 4.10 Orientation imaging maps of Alloy-A (base alloy), Alloy-D (0.12 Zr) and 
Alloy-F (0.19 Zr) under different deformation conditions. The crystallographic 
orientations illustrated on standard stereographic projection (red: [001]; blue: [111]; 
green: [101]). 
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4.3.3.3 Quantitative characterization of substructure 

To further study the effects of deformation temperature, strain rate and Zr addition on 

dynamic softening, the misorientation angles of boundaries as well as subgrain sizes under 

different deformation conditions were quantitatively analyzed for the deformed samples of 

Alloy-A, D and F using the EBSD technique. As the temperature increased from 350 to 

450 °C and the strain rate decreased from 0.1 to 0.01 s-1, the mean misorientation angle of 

boundaries was continuously increased in the three alloys (Fig. 4.11). This result suggests an 

increased level of dynamic restoration with increasing temperature and decreasing strain rate 

[18], which is consistent with the microstructural observations shown in Fig. 4.10. On the 

other hand, under the same deformation conditions, the mean misorientation angle of 

boundaries was largely reduced with the addition of Zr. Alloy-F, which contained the highest 

Zr content, exhibited the lowest mean misorientation angles. 

 

Fig. 4.11 Evolution of mean misorientation angles of boundaries in Alloy-A (base alloy), 
Alloy-D (0.12 Zr) and Alloy-F (0.19 Zr) under different deformation conditions. 
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Fig. 4.12 shows an example of the misorientation angle distributions of three alloys 

deformed at 450 °C and 0.01s-1. The deformed structures of those alloys were characterized 

by high fractions of subgrains with boundary misorientation angles between 1 and 15°. 

Generally, among the three alloys, the fraction of high-angle boundaries (>15°) in the base 

alloy was clearly observed to be higher, approximately 34.4%. This high fraction is attributed 

to the formation of dynamically recrystallized grains with high-angle boundaries, as shown in 

Fig 4.10(c). However, no increase in the number of high-angle boundaries was observed 

when alloying with Zr (Fig. 4.12(b) and (c)), indicating an inhibition of dynamic 

recrystallization, which is in agreement with the solely recovered structures in Fig. 4.10(f) 

and (i). Furthermore, with the increase in Zr content from 0.12 to 0.19%, the fraction of 

boundaries with higher misorientation angles (5-15°) declined, which is associated with an 

increase in the fraction of low-angle boundaries (1-5°), as shown in Fig. 4.12(b) and (c). This 

result indicates a decrease in dislocation polygonization and subgrain coalescence with 

increasing Zr content [2,18]. Therefore, the addition of Zr significantly restrained dynamic 

recovery during hot deformation, and the level of dynamic recovery decreased with 

increasing Zr content. 
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Fig. 4.12 Evolution of misorientation angle distribution of boundaries under 
deformation at 450 °C and 0.01s-1 for (a) Alloy-A (base alloy); (b) Alloy-D (0.12 Zr) and 
(c) Alloy-F (0.19 Zr). 

Fig. 4.13(a) shows the change in subgrain sizes with deformation condition in three alloys. 

The average subgrain sizes of all of those alloys increased with increasing temperature and 

decreasing strain rate. The increase in subgrain size was due to an increase in the rate of 

subgrain formation and growth as the temperature increased, and the time required for 

subgrain coalescence increased as the strain rate decreased [18]. Under a given deformation 

condition, the subgrain size decreased as the Zr content increased (Fig. 4.13(a)). Alloy-F, 

(a)	   (b)	  

(c)	  
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containing 0.19% Zr, exhibited the smallest subgrain sizes among the three alloys, indicating 

a slowing of dynamic recovery with increased Zr addition [2,18]. Moreover, the decrease in 

subgrain size after alloying with Zr was observed to increase in magnitude at higher 

deformation temperatures (Fig. 4.13(a)). This trend was probably because the high rate of 

subgrain coalescence at elevated temperatures was effectively constrained by adding Zr. 

Fig. 4.13(b) illustrates the relationship between the steady-state flow stress at a true strain 

of 0.8, sσ , with the subgrain size, d , in Alloy-A, Alloy-D and Alloy-F. It is clear that the 

steady-state flow stress increased with decreasing subgrain size, and a good linear 

relationship between the flow stress and reciprocal subgrain size was established, as 

described by Eq. (4.7):  

  52.5361.384 1 −= −dsσ                        (4.7) 

This relationship agrees well with that reported for aluminum alloys under hot 

compression, torsion and extrusion by McQueen et al. and Jonas et al. [14,36,37]. It is 

believed that the deformation conditions (temperature and strain rate) define the steady-state 

subgrain size, which in turn determines the flow stress [2]. As temperature decreased and 

strain rate increased, a higher flow stress was induced as a result of a finer subgrain size 

generated during hot deformation [2]. Furthermore, when adding Zr, the level of dynamic 

recovery was considerably reduced, leading to a finer subgrain structure (Fig. 4.13(a)). Hence, 

the flow stress was higher compared with that of the 7150 base alloy under the same 

deformation condition.  
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Fig. 4.13 (a) Evolution of subgrain diameters under different deformation conditions 
and (b) relationship between steady-state flow stress and reciprocal subgrain size for 
Alloy-A (base alloy), Alloy-D (0.12 Zr) and Alloy-F (0.19 Zr). 

4.4 Discussion 

The hot deformation behavior of 7150 aluminum alloys with a systematic variation in Zr 

content was studied. When alloyed with Zr of 0.04%, the alloys showed very little 

precipitation of Al3Zr dispersoids because the Zr concentration just approached the solubility 

of Zr (approximately 0.04%) in the aluminum matrix at the homogenization temperature of 

465 °C [38,39]. With the increase in Zr content from 0.07 to 0.19%, the precipitation of 

Al3Zr dispersoids became more evident (Fig. 4.9), and the amount of Al3Zr dispersoids 

remarkably increased as the Zr content increased. However, when the content of added Zr 

exceeded 0.19%, large primary intermetallics of Al3Zr appeared, and the supersaturation of 

Zr in the aluminum matrix could increase no further. The presence of those large 

intermetallic particles is also known to promote recrystallization and to reduce the strength 

and fracture toughness of the material [16,21,40]. Therefore, the content of added Zr was 

(a)	   (b)	  
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limited to 0.19% to investigate the effect of Zr on the hot deformation of 7150 aluminum 

alloy.  

No significant variation could be observed in the peak flow stress or activation energy 

between the 7150 base alloy and the alloy containing 0.04% Zr. However, with a further 

increase in the Zr content from 0.07 to 0.19%, the peak flow stress and activation energy 

increased significantly. The addition of Zr promoted the retardation of dynamic recovery and 

the inhibition of dynamic recrystallization during the hot deformation process.  

In general, the level of dynamic recovery of the base alloy, as well as that of the alloys 

containing Zr, increased with increasing temperature and decreasing strain rate (Fig. 4.10, 

4.11 and 4.13), which was characterized by an increase in mean misorientation angle of 

boundaries and an increase in subgrain size (Fig. 4.11 and 4.13). On the other hand, the level 

of dynamic recovery was observed to decrease after alloying with Zr (Fig. 4.10, 4.11 and 

4.13). When Zr was added, the precipitation of Al3Zr dispersoids during homogenization 

played an important role in dynamic softening. Fig. 4.14 shows the interaction of Al3Zr 

dispersoids with deformed substructures as exemplified in Alloy-D, containing 0.12% Zr, 

under deformation performed at 450 °C and 0.01s-1. Fig. 4.14(a) shows the edge dislocations 

bowing at the points where they encountered Al3Zr dispersoids, indicating a strong pinning 

effect of Al3Zr dispersoids on dislocation slip [14,23,24]. Moreover, it is observed that the 

low-angle subgrain boundaries were strongly pinned by those dispersoids (Fig. 4.14(b)), and 

thus, the ability for subgrain rotation to lead to coalescence was reduced [2,14,18]. Hence, 
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dynamic recovery in the alloys containing Zr was restrained due to the pinning effect of 

Al3Zr dispersoids on dislocation motion and subgrain rotation [2,18]. When a higher content 

of Zr was added, the increased amount of Al3Zr dispersoids generated a stronger effective 

pinning effect on substructures and resulted in a further decrease in the dynamic recovery 

level, which was associated with a decrease in the mean misorientation angle of boundaries 

and a decrease in subgrain size (Fig. 4.11 and 4.13).  

  

Fig. 4.14 Bright-field TEM images (with the g=(200) reflection at [011]α) of Alloy-D 
deformed at 450 °C and 0.01s-1 showing the interaction of Al3Zr dispersoids with (a) 
dislocations and (b) subgrain boundaries. 

It is worth noting that, when alloyed with Zr, coarse grain structures were induced as a 

result of the poisoning effect of Zr (Fig. 4.8). However, the increase in flow stress due to the 

change in grain size could be neglected. In aluminum alloys, grain boundary sliding becomes 

pronounced above 300 °C, which reduces the effectiveness of grain boundary strengthening 

[2]. McQueen et al. [2] indicated that a decrease in grain size has a relatively small effect on 

(a)	   (b)	  
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increasing flow stress during high-temperature deformation. On the other hand, with the 

addition of Zr, the pinning effect of Al3Zr dispersoids on dislocation slip and restrained 

dynamic recovery resulted in a significant increase in the peak flow stress and activation 

energy of 7150 aluminum alloy. 

4.5 Conclusions 

1. No significant variation in peak flow stress was observed between the 7150 base alloy 

(Zr free) and the alloy containing 0.04% Zr. With a further increase in the Zr content 

from 0.07 to 0.19%, the peak flow stress increased significantly. 

2. The materials constants and activation energy for hot deformation were determined from 

the experimental compression data gathered for all alloys studied. The solved 

constitutive equations yielded good predictions of the peak flow stress over wide 

temperature and strain-rate ranges for 7150 alloys with different Zr contents. 

3. With increasing Zr content, the hot deformation activation energy of the 7150 alloys 

progressively increased from 229.4 kJ/mol for the base alloy to 255.2 kJ/mol for the 

alloy containing 0.19% Zr. 

4. The level of dynamic recovery was reduced after alloying with Zr, which was associated 

with a decrease in the mean misorientation angle of boundaries and a reduction in 

subgrain size. 

5. The addition of Zr promoted the retardation of dynamic recovery and the inhibition of 
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dynamic recrystallization in the 7150 alloys during hot deformation due to the pinning 

effect of Al3Zr dispersoids on dislocation motion and due to restrained dynamic 

restoration. Dynamic recovery is the sole dynamic softening mechanism in the alloys 

containing Zr. 
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Chapter V   Effect of V addition on hot deformation and 

microstructural evolution of 7150 aluminum alloy 
	  

Abstract 

The hot deformation behavior of 7150 aluminum alloys containing different V contents (0.01 

to 0.19 wt%) was studied. The results reveal the peak flow stresses of the 7150 alloy 

significantly increased when V was added. The alloys containing 0.03-0.05 wt% V displayed 

higher values of peak flow stress than those with 0.11-0.19 wt% V at low temperatures, 

whereas they displayed comparable values at higher temperatures. The materials constants 

and activation energies for hot deformation were determined from the experimental 

compression data for all alloys studied. The activation energy for hot deformation increased 

from 229 kJ/mol for the base alloy to approximately 270 kJ/mol for the alloys containing 

0.03-0.05 wt% V. With further increases in V contents up to 0.19 wt%, the activation energy 

returned to approximately 250 kJ/mol. The vanadium-solute diffusion acted as the 

deformation rate-controlling mechanism for the alloys containing up to 0.05 wt% V, resulting 

in enhanced work hardening and improved subgrain strengthening effects. The precipitation 

of Al21V2 dispersoids in the alloys containing 0.11 to 0.19 wt% V promoted the retardation of 

dynamic recovery and the inhibition of dynamic recrystallization due to their pinning effect 

on dislocation motion and subgrain rotation. 
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5.1 Introduction 

Al-Zn-Mg-Cu (7xxx) aluminum alloys with a high strength-to-density ratio and excellent 

mechanical properties have been widely used for aircraft and vehicles [1]. These alloys are 

generally subjected to thermomechanical processing at elevated temperatures, such as rolling, 

extrusion and forging. The microstructure evolution during hot deformation can significantly 

affect the strength and fracture toughness of the materials [2,3]. Recently, a number of 

studies on the hot deformation behavior and microstructural evolution of 7xxx alloys have 

been reported [4-6]. Shi et al. [4] proposed a decline ratio map of flow stresses for the 7150 

alloy in which the flow stress behavior was correlated with different microstructures and 

dynamic softening mechanisms. Hu et al. [5] reported that the main deformation mechanism 

of the 7050 alloy was the grain boundary slip at high Z values and the grain boundary sliding 

at low Z values. Chen et al. [6] found that dynamic precipitation and coarsening were 

responsible for the flow softening in the 7085 alloy at low temperatures, whereas dynamic 

recovery and dynamic recrystallization were the softening mechanisms at high temperatures.  

Dynamic recovery (DRV) and dynamic recrystallization (DRX) are the typical softening 

mechanisms active in aluminum alloys during deformation at elevated temperatures. 

Previous investigations have demonstrated that the hot deformation behavior of aluminum 

alloys is significantly affected by alloying elements [2,7-14]. Solute addition can lead to 

decreasing grain boundary mobility, impeding dislocation movement and accelerating 

dislocation multiplication [2,7,8]. Cerri et al. [9] observed that the addition of 5.2 wt% Mg 
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caused the solute drag effect during the hot torsion of the aluminum, leading to the decrease 

in subgrain size. Sherby et al. [10] found that the diffusion of solute atoms within the 

subgrain boundary determined the rate-controlling creep process and observed a decreasing 

creep rate of the pure aluminum after the trace addition of 0.054 wt% Fe. On the other hand, 

the presence of dispersoids has a strong pinning effect on dislocation motion and migration 

of grain boundary, as well as stabilizing the substructure [2,11]. McQueen et al. investigated 

the effect of 0.1 wt% Zr addition on the hot torsion of an Al-Li-Cu-Mg-Zr (8090) alloy and 

observed dynamic recovery was significantly restricted by the Al3Zr dispersoids [12]. Li et al. 

[13] reported that the dynamic precipitation of Al3Zr and Al20Cu2Mn3 dispersoids inhibited 

dynamic recrystallization and increased the activation energy of the Al-Cu-Mg-Mn-Zr alloy. 

However, dynamic recrystallized grains were observed in the extruded Al-5 wt%Mg-0.8 

wt%Mn alloy due to the stimulation of nucleation by Al6Mn particles [14].  

Vanadium is known to maintain high-temperature strength in aluminum alloys by 

forming thermally stable dispersoids of Al11V [15,16]. The presence of these dispersoids can 

retard dynamic softening and raise the recrystallization temperature during hot working 

processes [17]. Previous studies have mainly focused on investigating the precipitation of 

Al11V dispersoids in aluminum alloys containing V using rapid solidification technique 

[15,18-21]. Ning and Li [21] studied the age hardening response of a rapid solidified 

Al-3.9V-0.1Zr alloy, and found that the precipitation of Al11V dispersoids at 450 °C was 

responsible for the peak age hardening. Kazakova et al. [15] suggested that addition of 
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vanadium in the Al-Fe alloys caused the precipitation hardening by forming Al3Fe and Al11V 

dispersoids during annealing. Recently, Wang et al. [22] reported that the addition of 0.045 

wt% V in the 5083 aluminum alloy resulted in a restriction of the growth of recrystallized 

grains and yielded a refined fibrous structure in the rolling sheet. However, a systematic 

investigation of the effect of different V contents on the hot deformation behavior of 7xxx 

aluminum alloys cannot currently be found in the literature. The evolution of the deformed 

microstructure of 7xxx aluminum alloys after adding various contents of V should be better 

understood. 

In the present study, the hot deformation behavior of homogenized 7150 alloys with 

different V contents (ranging from 0 to 0.19 wt%) was studied by hot compression tests at 

various temperatures and strain rates. The constitutive equations correlating the peak flow 

stress, deformation temperature, strain rate and activation energy were analyzed for these 

alloys. The microstructural evolution of the alloys during hot deformation was investigated to 

understand the effect of V addition on the deformation and dynamic softening mechanisms 

that occur under various deformation conditions.  

5.2 Experimental  

Experiments were conducted on 7150 alloys (Zr free) with different V contents ranging 

from 0.01 to 0.19% (all alloy compositions are in wt% unless otherwise indicated). The 

alloys were designated Alloy-A to Alloy-F based on their V contents, and their chemical 

compositions are analyzed by an optical emission spectrometer and provided in Table 5.1. 
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For each V content, approximately 3 kg of material was batched in an electrical resistance 

furnace and held at 750 °C for 30 min under mechanical stirring, and then cast into a 

rectangular permanent steel mold measuring 30 x 40 x 80 mm3 with a cooling rate of 

approximately ~12 ºC s-1 in the liquid state. The cast ingots of these alloys were homogenized 

at 465 °C for 24 h, followed by water quenching to room temperature. Cylindrical samples 

measuring 10 mm in diameter and 15 mm in length were machined from the homogenized 

ingots. Uniaxial compression tests were conducted on a Gleeble 3800 thermomechanical 

simulation unit at strain rates of 0.001, 0.01, 0.1, 1 and 10 s-1 and deformation temperatures 

of 300, 350, 400 and 450 °C, respectively. During the tests on the Gleeble 3800 unit, the 

samples were heated to the desirable deformation temperature at a heating rate of 10 °C/s and 

held for 3 min to ensure a homogeneous temperature distribution throughout the samples. 

The samples were deformed to a total true strain of 0.8 and then immediately water-quenched 

to retain the microstructure at the deformation temperature.  

The microstructure of the as-homogenized materials was etched by Keller’s solution prior 

to hot deformation. All deformed samples were sectioned parallel to the compression axis 

along the centerline and then metallographically prepared for electron backscattered 

diffraction (EBSD) analysis under a scanning electron microscope (SEM, JEOL 

JSM-6480LV). The step size between the scanning points was set to 1.0 µm for the grain 

structure of the samples. For the quantitative measurement of the misorientation distribution 

of boundaries, EBSD line scanning was performed [23,24], and the same sample surface 
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areas of approximately 2.73 mm2 with a scanning step size of 1.0 µm were selected for all the 

alloys under any given deformation condition. In addition, EBSD analysis was performed to 

measure the subgrain size of the deformed samples using the linear intercept method [23]; a 

surface area of approximately 0.42 mm2 with a scanning step size of 0.1 µm was selected. 

Samples for TEM observation were mechanically ground to a thicknesses of 35-60 µm, 

followed by electropolishing in a twin-jet polishing unit, which was operated at 15 V and 

-20 °C using a 30% nitric acid and 70% methanol solution. The samples were observed under 

a transmission electron microscope (TEM, JEOL JEM-2100) operated at 200 kV. To observe 

the distribution of V-containing dispersoids, TEM foils of the homogenized sample 

containing 0.11% V were examined using a field-emission gun SEM (Hitachi SU-70) 

operated at 10 kV with a working distance of 10 mm in backscattered mode. 

Table 5.1 Chemical composition of the alloys studied (wt%). 
Alloy Zn Mg Cu Si Fe Ti V Al 

Alloy-A (base alloy) 6.44 2.47 2.29 0.16 0.15 0.009 0.01 Bal. 
Alloy-B (0.03 V) 6.24 2.10 2.17 0.16 0.13 0.008 0.03 Bal. 
Alloy-C (0.05 V) 6.21 2.18 2.20 0.16 0.14 0.009 0.05 Bal. 
Alloy-D (0.11 V) 6.31 2.30 2.24 0.16 0.14 0.008 0.11 Bal. 
Alloy-E (0.15 V) 6.16 2.10 2.15 0.16 0.13 0.008 0.15 Bal. 
Alloy-F (0.19 V) 6.25 2.17 2.27 0.16 0.14 0.009 0.19 Bal. 

5.3 Results 

5.3.1  Effect of V on flow stress behavior  

The hot compression tests of the 7150 alloys containing different V contents were 

conducted at deformation temperatures ranging from 300 to 450 °C and at strain rates 



108 

	  

ranging from 0.001 to 10 s-1. Fig. 5.1 presents a series of typical true stress-true strain curves 

obtained during hot deformation. A peak flow stress was generally exhibited at a certain 

strain, followed by dynamic flow softening to the end of straining. Significant flow softening 

beyond the peak stress existed at the highest strain rate of 10 s-1, which was also observed 

during hot deformation of 7150 alloys containing Zr in our previous studies [4,25]. This was 

a result of severe adiabatic deformation heating, which considerably increased the 

deformation temperature during the compression process. Under other deformation 

conditions, the flow stress curves remained fairly constant or decreased to some extent 

beyond the peak flow stresses, demonstrating a dynamic equilibrium between work 

hardening and dynamic softening. It is evident that the level of flow stress and peak flow 

stress increased with increasing strain rate and decreasing deformation temperature. 

Moreover, the flow stress and peak flow stress levels increased significantly with the addition 

of V.  
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Fig. 5.1 Typical true stress-true strain curves during hot compression deformation: (a) 
Alloy-A (base alloy); (b) Alloy-B (0.03% V); (c) Alloy-C (0.05% V); (d) Alloy-D (0.11% 
V); (e) Alloy-E (0.15% V); (f) Alloy-F (0.19% V). 

(a)	   (b)	  

(c)	   (d)	  

(f)	  (e)	  
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Fig. 5.2 illustrates the evolution of the peak flow stresses of the alloys with different V 

contents as a function of strain rate at various deformation temperatures. Under a given 

deformation condition, the peak stress levels of the 7150 alloys increased significantly when 

V was added. However, the increase of peak stress varied depending on the V content and the 

deformation condition.  

Alloy-B and Alloy-C, containing 0.03 and 0.05% V, displayed dramatic increases of peak 

stress relative to the base alloy. With increasing V contents to 0.11 and 0.15% (Alloy-D and 

Alloy-E), an increase of peak stress was also observed. However, with a further increase in V 

content to 0.19% (Alloy-F), instead of a progressive rise, the values of peak stress slightly 

decreased compared with those of the alloy with 0.15% V at all deformation conditions.  

Moreover, it is of interest to note that at low deformation temperatures (300-350 °C), 

Alloy-B and Alloy-C (0.03 and 0.05% V) illustrated much higher values of peak stress 

compared with those observed in Alloy-D and Alloy-E (0.11 and 0.15% V) under the same 

deformation condition (Fig. 5.2a and b). However, as the deformation temperature increased 

to 400 and 450 °C, the peak stresses of Alloy-B and Alloy-C demonstrated comparable 

values with Alloy-D. Alloy-E exhibited even higher peak stresses than those of Alloy-B and 

Alloy-C during deformation at 400-450°C (Fig. 5.2c and d). For example, when hot 

deformation was performed at 300 °C and 0.1 s-1, the peak stresses of the alloys with 0.03 

and 0.05% V were 144 MPa and 148 MPa, respectively, whereas the alloys containing 0.11 

and 0.15% V displayed lower peak stresses of 138 MPa and 141 MPa, respectively. As the 
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deformation temperature increased to 400 °C at the same strain rate of 0.1 s-1, the peak 

stresses of the alloys with 0.03% and 0.05% V were 72 MPa and 73 MPa, respectively, 

whereas, the peak stresses of the alloys containing 0.11 and 0.15% V were 73 MPa and 77 

MPa, respectively. 

The results indicate that the low V additions from 0.03 to 0.05% could remarkably 

enhance the deformation resistance, especially at low deformation temperatures of 

300-350 °C. Alloying with V from 0.11 to 0.15% generally retarded the dynamic softening 

and significantly increased the flow stress during deformation at all temperature ranges 

investigated. Furthermore, when the V addition reached 0.19%, the effect on flow stress 

became less evident. 
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Fig. 5.2 The evolution of peak stresses of alloys A-F during hot deformation at (a) 
300 °C; (b) 350 °C; (c) 400 °C; (d) 450 °C.	  

5.3.2 Constitutive analyses 

The hyperbolic-sine equation, which was proposed by Sellars and McTegart [26], is 

widely employed to describe the relationship between the strain rate, deformation 

temperature and flow stress, especially over a wide range of stresses [2,26,27], 

(a)	   (b)	  

(c)	   (d)	  
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nA
RT
QZ )][sinh()exp( ασε == !  

       
             (5.1) 

where Z 	   is the Zener-Hollomon parameter; n  and A  are material constants; α  is the 

stress multiplier; σ 	   is the flow stress (MPa); Q  is the activation energy for hot 

deformation (kJ/mol); R  is the universal gas constant (8.314 J/mol K); T is the 

deformation temperature (K). 

In this study, the experimental data obtained for Alloy-D, which contains 0.11% V, were 

used as an example to derive the activation energy Q  and material constants for all 

materials studied. The peak flow stress pσ  is used as a proxy for σ , which is generally 

utilized in aluminum alloys and refers to the dynamic equilibrium between work hardening 

and dynamic restoration [28,29]. The data obtained at a strain rate of 10 s-1 were not taken 

into account because of the flow instability derived from the significant rise in deformation 

temperature. The stress multiplier α  can be defined as 1/nβα =  [26], where β  and 1n  

are evaluated from the mean slopes of the plots of )ln(ε! - pσ  and )ln(ε! - )ln( pσ , 

respectively, for the range of temperatures studied. From Fig. 5.3, the values of β  and 1n  

were calculated, and the value of α  for Alloy-D was determined to be 0.011.  
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Fig. 5.3 Relationships between (a) ε!ln  and pσ  and (b) ε!ln  and pσln . 

Differentiating Eq. (5.1) yields the following: 
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where n 	   is the mean slope of plots of ε!ln - )]ln[sinh( pασ  at different temperatures, and 

S  is the mean slope of plots of )]ln[sinh( pασ - T/1  at various strain rates. The relationship 

between ε!ln  and )]ln[sinh( pασ , which was derived from the measured peak stresses (Fig. 

5.2), is shown in Fig. 5.4(a). The mean value of the slopes at four deformation temperatures, 

n , was then calculated. In addition, the relationship between )]ln[sinh( pασ - T/1 , which 

was derived from experimental peak stress data (Fig. 5.2), is plotted in Fig. 5.4(b). The mean 

value of the slopes at different strain rates, S , was obtained. The activation energy Q  

could then be determined directly from Eq. (5.2). 

(a)	   (b)	  
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Fig. 5.4 Relationships between (a) ε!ln  and )]ln[sinh( pασ  and (b) )]ln[sinh( pασ  

and T/1000 . 

Taking the natural logarithm of both sides of Eq. (5.1) yields the following: 

)]ln[sinh()ln(ln pnAZ ασ+=                        (5.3) 

where )ln(A  is obtained from the intercept of the plot of Zln - )]ln[sinh( pασ , as shown in 

Fig. 5.5. Likewise, the material constants A , n  and α and the activation energies Q  for 

all alloys were calculated according to Eqs. (5.1), (5.2) and (5.3). Table 5.2 presents the 

values of these constants and activation energies corresponding to all alloys studied. As 

shown, α  remains fairly constant, whereas the values of n  and A  vary with increases in 

the V content.  

(a)	   (b)	  
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Fig. 5.5 Relationship between Zln  and )]ln[sinh( pασ . 

Table 5.2 Values of material constants and activation energies for the alloys studied. 
Alloy α (MPa-1) n A (s-1) Q (kJ mol-1) 

Alloy-A (base alloy) 0.012 7.020 1.01 x 1017 229.4  
Alloy-B (0.03 V) 0.011  7.762  1.79 x 1020 270.6 
Alloy-C (0.05 V) 0.011  7.764  2.35 x 1020 272.7 
Alloy-D (0.11 V) 0.011  7.113  6.15 x 1017 242.0 
Alloy-E (0.15 V) 0.012  7.301  5.26 x 1018 254.9 
Alloy-F (0.19 V) 0.011  7.212  2.68 x 1018 248.3 

Fig. 5.6 presents a plot of the variation in the hot deformation activation energy, Q , as a 

function of the V content. The activation energy of 229 kJ/mol obtained for the base alloy is 

in general agreement with the values reported for similar alloys, such as the 7050 and 7075 

alloys [5,30]. However, it is much higher than that of pure aluminum (142 kJ/mol) [31]. This 

difference is attributed to the solute drag effect of Zn, Mg and Cu dissolved in the 7xxx 

aluminum matrix on the dislocation glide, resulting in increased deformation resistance 

[9,32]. The solute drag effect is suggested to be comparable for all the alloys studied, due to 
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the little variations in Zn, Mg and Cu contents as shown in Table 5.1. Moreover, Alloy-B and 

C, containing 0.03 and 0.05% V, exhibited distinct increases in activation energy, reaching 

approximately 270 kJ/mol. With the increase of the V content from 0.11 to 0.19%, the Q  

returned to the level of approximately 250 kJ/mol, which displayed higher values compared 

with that of the base alloy but lower values than those of the alloys with 0.03 and 0.05% V. 

In addition, the Q  value displayed an increasing tendency when the V content increased 

from 0.11 to 0.15% and then decreased slightly after the V content reached 0.19%. The 

results suggest that the addition of V can significantly increase the deformation resistance of 

the 7150 aluminum alloy during the hot working process. However, various V contents 

played different roles in the hot deformation, which will be discussed in the following 

sections.  

 

Fig. 5.6 The activation energy for hot deformation of 7150 alloys, Q, as a function of the 
V content. 
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5.3.3 Effect of V on microstructural evolution 

5.3.3.1 Initial microstructures 

To investigate the microstructural evolution of the alloys with different V contents, 

Alloy-A (base), Alloy-C (0.05% V), Alloy-D (0.11% V), Alloy-E (0.15% V) and Alloy-F 

(0.19% V) were selected for further study. Fig. 5.7 shows optical micrographs of these alloys 

after the homogenization treatment. The homogenized structures of all five alloys are 

characterized by uniform equiaxed grains originated from casting. The average grain size of 

the base alloy is 127 µm. The V addition appears to slightly coarsen the grain structure. The 

average grain sizes are approximately 157, 152, 133 and 131 µm for Alloy-C, D, E and F, 

respectively. After the homogenization, some intermetallic phases, including Al6(FeCu), 

Mg2Si and Al2CuMg, were only partially dissolved and retained in the interdendritic regions, 

which is consistent with our previous study [4]. EDX results indicate that the chemical 

compositions of these intermetallic phases were not effected by the alloying with V, while 

image analysis results suggest similar volume fractions of those phases for all the alloys 

studied. Up to a V addition of 0.15%, the base alloy and V-containing alloys have similar 

microstructures. However, when the V content reached 0.19% (Alloy-F), coarse primary 

V-bearing intermetallic particles with needle-like or block-like morphologies appeared and 

were randomly distributed in the matrix (see the arrows in Fig. 5.7e). After homogenization, 

those primary intermetallic particles were undissolved and remained in the matrix. Based on 

Al-V binary phase diagram, the precipitation of primary V-bearing intermetallic particles in 
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the alloy with 0.19% V occurs and the peritectic reaction has insufficient time to complete 

the transformation of those primary particles into the Al solid solution. Therefore, the 

primary V-bearing particles remained in the microstructure. 

  

  

 

Fig. 5.7 Optical micrographs showing the grain structures after homogenization: (a) 
Alloy-A (base alloy); (b) Alloy-C (0.05% V); (c) Alloy-D (0.11% V); (d) Alloy-E (0.15% 
V); (e) Alloy-F (0.19% V). 

(a)	   (b)	  

(c)	   (d)	  

(e)	  
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After homogenization at 465 °C for 24 h, the precipitation of V-containing dispersoids 

was clearly observed in the alloys with V contents ranging from 0.11 to 0.19%. These 

dispersoids were identified as a Al21V2-type phase by TEM selected area electron diffraction 

[33,34], and these dispersoids are often designated as Al11V dispersoids in the literature 

[15,18-21]. Both Al21V2 and Al11V have the same face-centered cubic structure in the same 

space group of Fd3m , and exhibit very close lattice parameters of 1.4492 and 1.4568 nm 

respectively. Fig. 5.8 gives an example of Alloy-D and Alloy-E containing 0.11 and 0.15% V, 

respectively. The STEM micrographs show that a large number of spheroidal Al21V2 

dispersoids were precipitated in the aluminum matrix (Fig. 5.8a and b), with average sizes of 

51 and 52 nm for Alloy-D and Alloy-E, respectively. These dispersoids were distributed 

homogeneously in the centers of dendrites, whereas precipitate-free zones were observed in 

the interdendritic regions and near grain boundaries. To reveal the distribution of 

V-containing dispersoids in the dendrite structure, the TEM foils of Alloy-D were examined 

under a field-emission gun SEM. Because of a relatively low V concentration in the 

dispersoids, the contrast of Al21V2 dispersoids was rather poorer than the similar Al3Zr 

dispersoids in 7xxx alloys [25]. By careful analysis of FE-SEM images, the distribution 

feature of Al21V2 dispersoids across the intersection of dendrites can be outlined (Fig. 5.8c). 

As a consequence of the peritectic reaction during solidification [34], vanadium tended to be 

enriched in the dendrite centers, which resulted in a high degree of supersaturation at the 

as-cast condition and allowed the precipitation of a large number of Al21V2 dispersoids in the 

dendritic cores during homogenization. Conversely, the matrix toward the edge of the 
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dendrites and the area adjacent to the grain boundaries were depleted in V, leading to 

precipitate-free zones. These results are consistent with the observations reported in other 

similar peritectic systems, such as the precipitation of Al3Zr dispersoids in the Al-Zr alloy 

[35,36]. However, when 0.19% V was added to the alloy, the distribution of Al21V2 

dispersoids became more heterogeneous even at the macro scale, and the precipitate-free 

zones were often observed in the dendrite centers. The formation of coarse primary 

intermetallic particles largely consumed the V atoms and led to a depletion of V 

concentration in the vicinity of those particles. Therefore, the precipitate-free zones were not 

only observed in the interdendritic regions but also in the dendrite centers near the primary 

intermetallic particles. In the samples with low V contents (0.03 and 0.05%), almost no 

Al21V2 dispersoids could be found, indicating that the added V mainly existed as the solute 

atoms in the aluminum matrix. In the samples with low V contents (0.03 and 0.05%), almost 

no Al21V2 dispersoids could be found, indicating that the added V mainly existed as the 

solute atoms in the aluminum matrix. The influences of the Al21V2 dispersoids and the V 

solute atoms on hot deformation will be discussed later.  
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Fig. 5.8 STEM and FE-SEM micrographs showing the precipitation of Al21V2 
dispersoids after homogenization at 465 °C for 24 h in (a) Alloy-D (0.11% V); (b) 
Alloy-E (0.15% V); (c) FE-SEM image across an intersection of dendrites in Alloy-D. 

5.3.3.2 Hot deformed microstructures 

Fig. 5.9 shows orientation imaging maps of the deformed samples of Alloys A, C, D and 

E generated under different deformation conditions using the EBSD technique. In orientation 

imaging maps, the misorientation angles of both grains and subgrains can be distinguished as 

follows: white lines: 1-5°; red lines: 5-15°; thin black lines: 15-30° and thick black lines: 

(>30°). In addition, in an attempt to gain more insight into microstructural evolution, the 

misorientation angle distributions of boundaries for these alloys were measured at the same 

deformation conditions as those in the orientation imaging maps, and the results are 

(c)	  

(b)	  (a)	  
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illustrated in Fig. 5.10. 

Under the deformation condition at 350 °C and 0.1 s-1, large numbers of low-angle 

boundaries of 1-5° were mainly observed inside the elongated grains of the four alloys, 

indicating high densities of dislocation cells and subgrains (Fig. 5.9a, d, g and j). The 

deformed samples of the four alloys were all characterized by recovered structures, whereas 

the level of the dynamic recovery varied with the V contents. Compared to Alloy-A (base), 

Fig. 5.10a shows that the alloys containing V present a decrease in the fraction of boundaries 

between 5° and 15°, which is associated with the increase in the fraction of low-angle 

boundaries (1-5°). This implies a reduced level of dynamic recovery after the V addition 

[2,37]. Furthermore, the addition of 0.05% V resulted in the highest increase in the fraction 

of low-angle boundaries (1-5°) among the three V-containing alloys (Fig. 5.10a), which 

suggests a strong restriction on dynamic recovery.  

With the increasing deformation temperature and the decreasing strain rate, the evolution 

of substructures in all four alloys exhibited a similar tendency: the serration of original grain 

boundaries was frequently observed. The substructures became better organized, and larger 

subgrains were formed with neatly arranged boundaries between 1° and 15° (Fig. 5.9), which 

corresponds to increasing fractions of medium-angle boundaries (5-15°) and decreases in 

low-angle ones (1-5°) (Fig. 5.10b and c). This suggests an increasing level of dynamic 

recovery as the temperature increased and the strain rate decreased [2,37]. As the 

deformation temperature increased to 450 °C at 0.1 s-1, in addition to the development of a 
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recovered structure, small equiaxed grains with high-angle boundaries (>15°) that contained 

substructures were observed along the bulged grain boundaries in the base alloy and Alloy-C 

(0.05% V) (see the arrows in Fig. 5.9b and e). Thus, partially dynamic recrystallization 

occurred during the deformation, which was characterized by a significant increase in the 

fraction of high-angle boundaries compared with those deformed at 350 °C and 0.1 s-1 (Fig. 

5.10a and b). However, only dynamically recovered microstructures were observed in the 

alloys containing 0.11% and 0.15% V (Fig. 5.9h and k), which is consistent with the low 

level of high-angle boundaries shown in Fig. 5.10b. It is evident that the addition of higher V 

levels (0.11% and 0.15%) could inhibit the dynamic recrystallization.  

Furthermore, with a lower strain rate of 0.01 s-1 at 450 °C, an increased amount of 

dynamically recrystallized grains were observed in Alloy-A and Alloy-C compared with 

those formed at 450 °C and 0.1 s-1 (see the arrows in Fig. 5.9c and f). This is due to the 

longer time for the growth of those recrystallized grains as the strain rate decreased. 

Moreover, it was observed that a larger size of recrystallized grains and a higher fraction of 

high-angle boundaries were presented in Alloy-C than those in the base alloy (Fig. 5.9f and 

5.10c). This indicates an improved degree of dynamic recrystallization with the 0.05% V 

addition. On the other hand, the deformed samples of Alloy-D and Alloy-E still exhibited 

solely dynamically recovered microstructures (Fig. 5.9i and l) with much lower levels of 

high-angle boundaries (Fig. 5.10c).  
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Fig. 5.9 Orientation imaging maps of Alloy-A (base alloy), Alloy-C (0.05% V), Alloy-D 
(0.11% V) and Alloy-E (0.15% V) under different deformation conditions. 
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Fig. 5.10 Evolution of misorientation angle distribution of boundaries as a function of V 
content under different deformation conditions: (a) 350 °C and 0.1 s-1; (b) 450 °C and 
0.1 s-1 and (c) 450 °C and 0.01 s-1. 

5.3.3.3 Quantitative characterization of substructures 

To further investigate the effects of deformation temperature, strain rate and V addition 

on dynamic softening, the mean misorientation angles of boundaries as well as subgrain sizes 

under different deformation conditions were quantitatively analyzed for the deformed 

samples of Alloys A, C, D and E using the EBSD technique. As the temperature increased 

from 350 to 450 °C, and the strain rate decreased from 0.1 to 0.01 s-1, the mean 

(a)	   (b)	  

(c)	  
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misorientation angles of boundaries were continuously increased in the four alloys (Fig. 5.11). 

This result implies an increased level of dynamic restoration with increasing temperature and 

decreasing strain rate [37], which is consistent with the microstructural observations shown 

in Fig. 5.9.  

For the higher V levels (0.11 and 0.15%), the mean misorientation angles were 

consistently lower than that of the base alloy at any given deformation condition, indicating a 

retardation of dynamic recovery and the inhibition of dynamic recrystallization. On the other 

hand, at a low V level (Alloy-C with 0.05% V), the mean misorientation angle was 

remarkably reduced and displayed the lowest value among four alloys at a low temperature 

(350°C). However, as the temperature increased to 450 °C, the mean misorientation angles of 

Alloy-C sharply increased at both strain rates of 0.1 and 0.01 s-1 and displayed even higher 

values than those of the base alloy at the same deformation conditions. This is a result of a 

higher level of dynamic recrystallization in Alloy-C relative to the base alloy, as observed in 

Fig. 5.9.  
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Fig. 5.11 Evolution of mean misorientation angles of boundaries in Alloy-A (base alloy), 
Alloy-C (0.05% V), Alloy-D (0.11% V) and Alloy-E (0.15% V) under different 
deformation conditions. 

Fig. 5.12a shows the changes in subgrain sizes with deformation conditions in four alloys. 

The average subgrain sizes of all of those alloys increased with increasing temperature and 

decreasing strain rate. Under a given deformation condition, the subgrain size was reduced 

when V was added (Fig. 5.12a). When the deformation was performed at 350 °C and 0.1 s-1, 

Alloy-C (0.05% V) exhibited the smallest subgrain sizes among four alloys, indicating a 

significant restriction of dynamic recovery [2,37]. However, as the temperature increased to 

450 °C at both strain rates of 0.1 and 0.01 s-1, the subgrain sizes of Alloy-C became larger 

than those of Alloy-E (0.15% V), which suggests a higher rate of subgrain coalescence in 

Alloy-C at higher deformation temperatures. 

The relationship between the steady-state flow stress at a true strain of 0.8, sσ , with the 

subgrain size, d , in Alloys A, C, D and E, is shown in Fig. 5.12b. It is evident that the 
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steady-state flow stress increased with decreasing subgrain size, and a good linear 

relationship between the flow stress and reciprocal subgrain size was established, as 

described by Eq. (5.4):  

                           98.3781.317 1 −= −dsσ                       (5.4)  

This relationship agrees well with that reported for aluminum alloys under hot 

compression, torsion and extrusion [12,25,38,39]. It is believed that the deformation 

conditions (temperature and strain rate) define the steady-state subgrain size, which, in turn, 

determines the flow stress [2]. When adding V, the level of dynamic recovery was 

considerably reduced, leading to a finer subgrain structure (Fig. 5.12a). Hence, the flow 

stress was higher compared with that of the base alloy under the same deformation 

conditions.  

 

Fig. 5.12 (a) Evolution of subgrain diameters under different deformation conditions 
and (b) relationship between steady-state flow stress and reciprocal subgrain size for 
Alloy-A (base alloy), Alloy-C (0.05% V), Alloy-D (0.11% V) and Alloy-E (0.15% V). 

(a)	   (b)	  
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5.4 Discussion 

The hot deformation behavior of 7150 aluminum alloys with a systematic variation in V 

contents was studied. When alloyed with low V levels (0.03-0.05%), the alloys had almost no 

precipitation of Al21V2 dispersoids, and the V existed as solute atoms in the aluminum matrix. 

With the increase of V content from 0.11 to 0.15%, the precipitation of Al21V2 dispersoids 

became predominant (Fig. 5.8), and the amount of Al21V2 dispersoids increased as the V 

content increased. However, when the V content reached 0.19%, large primary V-bearing 

intermetallic particles appeared in the microstructure, and the amount of the Al21V2 

dispersoids could not increase, with their distribution becoming more heterogeneous. In 

addition, the presence of those large intermetallic particles is also known to promote 

recrystallization and reduce the strength and fracture toughness of the material [40,41].  

5.4.1  Effect of the V solute atoms 

When the materials were alloyed with low V levels (0.03-0.05%), significant increases in 

peak flow stress and activation energy were observed (Figs. 5.2 and 5.6). The results might 

be attributed to the vanadium-solute-diffusion-controlled hot deformation proposed in a 

dislocation climb model by Sherby et al. [10,42]. The vanadium solutes could segregate at 

subgrain boundaries during hot deformation to lower the energy of dislocation. In the initial 

stage, the pile-up of dislocations at a subgrain boundary occurs under the applied shear stress. 

Then, the opposing stress fields from subgrain boundaries and from piled-up dislocations 

during deformation are cyclically relaxed through the vanadium solute diffusion. Thereby, 



131 

	  

the lead dislocation from the pile-up is allowed to glide or climb, and then deformation of the 

material occurs [10,42]. 

Fig. 5.13 shows that the diffusivity of vanadium in aluminum is much lower than the 

aluminum self-diffusion at a given temperature [43]. Due to a very low diffusion rate of 

vanadium solutes, the pile-up dislocations were strongly pinned at the subgrain boundaries 

[10,42]. This resulted in a high multiplication rate of dislocations (Fig. 5.9), which acted as 

barriers to further dislocation movement, leading to an enhanced work hardening effect. In 

addition, the dynamic recovery, which involved rearrangement and annihilation of 

dislocations, was restrained, developing a finer subgrain structure, as observed in Fig. 5.12a. 

The fine substructure was stabilized by the solutes of vanadium, which acted as effective 

barriers to dislocation motion [8,10,42]. Therefore, low diffusivity of vanadium, enhanced 

work hardening and increased subgrain strengthening led to the significant increases of the 

flow stress during the hot deformation process.  

It should be mentioned that during the deformation at a high temperature of 450 °C, an 

increased level of dynamic recrystallization was observed in the alloy with 0.05% V 

compared to the base alloy (Fig. 5.9 and 5.10). Due to the higher multiplication rate of 

dislocations and the restrained dynamic recovery with vanadium solutes, the driving force for 

dynamic recrystallization is increased [2,37], whereas the drag effect of solute atoms on 

mobility of high-angle boundaries becomes limited because of the higher diffusion rate of 

solutes at high temperature [7,9]. Thus, dynamic recrystallization steadily occurred by 
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bulging of grain boundaries and caused a higher degree of recrystallized structure. However, 

the experimental results suggest that the increased level of dynamic recrystallization in 

Alloy-C (0.05% V) could not completely offset the raised strengthening effects induced by 

the vanadium solutes at higher temperatures and resulted in an increase in flow stresses 

during hot deformation even at higher temperatures compared to the base alloy. Furthermore, 

Alloy-B and Alloy-C (0.03 and 0.05% V) displayed similar activation energy values for hot 

deformation, 271 kJ/mol and 273 kJ/mol, respectively, which are close to the activation 

energy for vanadium solute diffusion in aluminum of 303 kJ/mol [16,43]. This finding 

implies that the hot deformation process involved the vanadium solute diffusion, which acted 

as the deformation rate-controlling mechanism [10,42]. Similar results were reported during 

the high temperature creep of aluminum alloys containing dilute solutes, such as 0.054% Fe, 

1.0% Mn and 0.068% Cu [10,42,44].  

In our previous study [25], no remarkable change in the peak flow stress and activation 

energy was observed between the 7150 base alloy and an alloy containing 0.04% Zr in which 

the Zr mainly existed as a solute in the aluminum matrix. The activation energy for 

zirconium solute diffusion in aluminum is 242 kJ/mol [16,43], whereas the 7150 base alloy 

exhibits an activation energy for hot deformation of 229 kJ/mol, indicating a similar energy 

barrier to dislocation motion for the base alloy and the alloy containing 0.04% Zr. Therefore, 

the similar deformation resistance leads to the comparable values of peak flow stress and 

activation energy for hot deformation between the base alloy and the alloy with 0.04% Zr. 
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Moreover, the zirconium solute has a lower diffusion activation energy and higher diffusivity 

than does the vanadium solute in aluminum (Fig. 5.13), resulting in a weaker solute 

strengthening and a reduced flow stress relative to the alloys containing V in solution.   

 

Fig. 5.13 The diffusivity of aluminum, zirconium and vanadium in aluminum as a 
function of the reciprocal temperature [43]. 

5.4.2 Effect of the V-containing dispersoids 

With a further increase of V contents from 0.11 to 0.19%, the peak flow stress and 

activation energy increased considerably compared with those of the base alloy (Figs. 5.2 and 

5.6). The addition of V resulted in the precipitation of a large number of Al21V2 dispersoids 

during homogenization, which promoted the retardation of dynamic recovery and the 

inhibition of dynamic recrystallization during hot deformation processes (Figs. 5.9 and 5.10). 

Fig. 5.14 shows the interaction of Al21V2 dispersoids with deformed substructures as 

exemplified in Alloy-D (0.11% V) under the deformation condition at 450 °C and 0.01 s-1. 
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Fig. 5.14a reveals the edge dislocations bowing at the points where they encountered the 

dispersoids, indicating a strong pinning effect of dispersoids upon dislocation slip. Moreover, 

it was observed that the low-angle subgrain boundaries were strongly pinned by those 

dispersoids (Fig. 5.14b), and the ability for subgrain rotation to lead to coalescence was thus 

reduced [2,12,37]. Hence, dynamic recovery in the alloy containing 0.11% V was restrained 

because of the pinning effect of the dispersoids on dislocation motion and subgrain rotation. 

When a higher V content of 0.15% was added, the increased amount of Al21V2 dispersoids 

generated a stronger pinning effect on substructures and resulted in a further decrease both in 

the mean misorientation angle and subgrain size (Figs. 5.11 and 5.12), leading to a decrease 

in the dynamic recovery and an increase in the peak flow stress and activation energy. 

Conversely, when alloyed with 0.19% V, the peak flow stress and activation energy exhibited 

a decreasing trend, most likely attributed to the heterogeneous distribution of the dispersoids 

caused by the formation of coarse primary V-bearing intermetallic particles. 
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Fig. 5.14 Bright-field TEM images (with the g=(200) reflection at [011]α) of Alloy-D 
deformed at 450 °C and 0.01 s-1 showing the interaction of Al21V2 dispersoids with (a) 
dislocations and (b) subgrain boundaries. 

It is interesting to notice that the 7150 alloys containing 0.11-0.19% V, and the alloys 

containing 0.12-0.19% Zr [25] displayed almost the same values of activation energy for hot 

deformation, being 242-255 kJ/mol and 247-255 kJ/mol, respectively. The alloys containing 

the same range of V and Zr levels exhibited the similar size and amount of Al21V2 and Al3Zr 

dispersoids that resulted in strong pinning effects on the substructures during the hot 

deformation, leading to the equivalent increases in the hot deformation activation energy 

relative to that of the base alloy. 

It is worth noting that under the deformation conditions at low temperatures of 

300-350 °C and at a given strain rate, the alloys containing V in solution (0.03-0.05% V) 

demonstrated higher peak stresses compared with those of the alloys containing Al21V2 

dispersoids (0.11-0.19% V), as shown in Fig. 5.2, indicating a stronger solute strengthening. 

(a)	   (b)	  
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Similar results were observed by Sherby et al. [10] during the creep process of Al-Fe alloys 

at 200-250 °C, where the Al-0.04% Fe alloy exhibited a higher creep strength than the 

Al-0.45% Fe alloy containing Al3Fe dispersoids. Conversely, when the deformation was 

performed at higher temperatures (400-450 °C), the peak stresses of the alloys containing V 

in solution displayed comparable values to those alloys containing dispersoids, which 

suggests a decreased strengthening effect by the solutes as the temperature increased. At 

higher temperatures, the diffusion rate of vanadium in the aluminum matrix increased 

significantly, as illustrated in Fig. 5.13, which could reduce the pinning ability on the 

dislocation slip and increase the dynamic recovery. In addition, a partial dynamic 

recrystallization occurred at higher deformation temperature (450 °C), and the dislocation 

density was thus considerably reduced to facilitate further dislocation motion.  

Furthermore, higher values of activation energy for the alloys containing 0.03-0.05% V 

were observed relative to the alloys with 0.11-0.19% V (Fig. 5.6). It should be mentioned 

that the activation energy for hot deformation calculated from Eq. (2) is an average value at 

all temperatures studied. Our previous study [27] demonstrated that the hot deformation 

activation energy decreases remarkably with increasing temperature at a given strain rate. For 

example, the activation energy for hot deformation of the 7150 base alloy reached 500 

kJ/mol under the condition of 300 °C and 0.001 s-1 and decreased to 206 kJ/mol under the 

condition of 450 °C and 0.001 s-1. The activation energies at lower temperatures contribute a 

much larger portion to the average value of the activation energy than at higher temperatures. 
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For a given strain rate, the higher peak stress levels in the alloys containing 0.03-0.05% V 

involved in a significant rise of hot deformation activation energy at low temperatures 

compared to the alloys with 0.11-0.19% V, whereas at high temperatures, the former alloys 

had comparable values of hot deformation activation energy with the latter alloys. Therefore, 

higher average activation energy values are observed for the alloys containing 0.03-0.05% V 

compared with the alloys with 0.11-0.19% V (Table 5.2 and Fig. 5.6).  

5.5 Conclusions 

1. The hot deformation behavior of 7150 aluminum alloys (Zr free) containing different V 

levels (0 to 0.19 wt%) was studied at various temperatures (300 to 450 °C) and strain 

rates (0.001 to 10 s-1). The materials constants and activation energies for hot 

deformation were determined from the experimental compression data gathered for all 

alloys studied.  

2. The peak flow stresses of the 7150 alloy significantly increased when V was added. The 

alloys containing 0.03-0.05% V displayed higher values of peak stresses than the alloys 

containing 0.11-0.19% V at low temperatures of 300-350 °C, whereas they displayed 

comparable values at high temperatures of 400-450 °C.  

3. The activation energy for hot deformation in 7150 alloys increased from 229 kJ/mol for 

the base alloy to approximately 270 kJ/mol for the alloys containing 0.03-0.05% V. With 

a further increase in V content up to 0.19%, the activation energy for hot deformation 

returned to approximately 250 kJ/mol.  
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4. For the alloys with low V levels (0.03-0.05%), the V mainly existed as solute atoms in 

the aluminum matrix. The vanadium-solute-diffusion acted as the deformation 

rate-controlling mechanism for these alloys and resulted in the enhanced work hardening 

and the improved subgrain strengthening effects. 

5. At high V levels (0.11-0.19%), the precipitation of a large number of Al21V2 dispersoids 

occurred during homogenization, which promoted the retardation of dynamic recovery 

and the inhibition of dynamic recrystallization because of their pinning effect on 

dislocation motion and subgrain rotation. 
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Chapter VI   Hot workability and processing maps of 

7150 aluminum alloys with Zr and V additions 

Abstract 

The hot workability and processing maps of 7150 aluminum alloys with different Zr 

additions (0 to 0.15 wt%) and V additions (0.01 to 0.15 wt%) were investigated using 

uniaxial compression tests conducted at various temperatures (300 to 450 °C) and strain rates 

(0.001 to 10 s-1). The results reveal that the processing map of the 7150 base alloy exhibits a 

single domain (Domain I) associated with dynamic recovery and partially dynamic 

recrystallization. With increasing Zr and V additions, Domain I shrinks towards higher 

temperatures and higher strain rates and exhibits decreases in efficiency of power dissipation 

due to a restrained level of dynamic recovery caused by the pinning effect of Al3Zr and 

Al21V2 dispersoids. When the added Zr and V contents reach 0.15 wt%, another domain 

(Domain II) is formed, corresponding to cavity formation in the microstructure. Flow 

instability during hot deformation of 7150 alloys is attributed to the formation of adiabatic 

shear bands and deformation bands. The instability region extends toward lower strain rates 

when alloyed with Zr and V. The optimum hot-working parameters for those alloys are 

determined to be a deformation temperature of 450 °C and a strain rate of 0.01 s-1. 
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6.1 Introduction  

In recent years, aluminum alloys have been progressively used in aircraft and 

transportation industries due to their remarkable physical and mechanical properties. Among 

all, the 7xxx series (Al-Zn-Mg-Cu) aluminum alloys are utilized extensively due to their high 

fracture toughnesses, good corrosion resistance, and heat treatability properties [1]. These 

aluminum alloys are generally subjected to hot forming processes such as rolling, extrusion 

and forging; it is thus necessary to optimize the parameters of these processes for maximum 

efficiency and workability of the product metals. The hot workability is usually defined as 

the ease with which a material can be shaped by plastic deformation without the onset of 

fracture or reaching other undesirable conditions and is influenced by thermomechanical 

processing parameters and the alloying elements used [2,3]. A clear understanding of the 

effects of the alloying elements used on the hot workability of the alloy is required to 

establish optimum processing conditions and improve mechanical properties.  

Zirconium addition is well known to increase the recrystallization resistance of aluminum 

alloys by forming fine, coherent Al3Zr dispersoids [4,5]. The presence of these dispersoids 

promotes the formation of a stable and refined subgrain structure during hot working, which 

provides additional substructure strengthening [6]. Morere et al. [7] investigated the effects 

of Zr addition on the static recrystallization of AA7010 aluminum alloys during solution 

treatment. A few studies have been conducted on the hot deformation of aluminum alloys 

containing Zr, in which a pinning effect of Al3Zr dispersoids on dislocations and grain 
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boundaries has been reported [8,9]. In the author’s recent work [10], the effects of various Zr 

additions (0-0.19 wt%) on the microstructural evolution during hot compression of 7150 

aluminum alloys was studied, and it was found that the dynamic recovery level was reduced 

after being alloyed with Zr due to the pinning effects of Al3Zr dispersoids on dislocation 

motion and also due to restrained dynamic restoration.  

Vanadium addition has been reported to maintain the high temperature strength of the 

aluminum alloy by forming thermally stable dispersoids of Al11V [11,12]. The presence of 

these dispersoids could retard dynamic softening and raise the recrystallization temperature 

during hot working processes [13]. Wang et al. [14] found that the addition of 0.045 wt% V 

into the 5083 aluminum alloy exhibited a restriction on the growth of recrystallized grains 

and yielded a refined fibrous structure in the rolling sheet. With the addition of 0.15 wt% V, 

Cui et al. observed the precipitation of V-containing dispersoids in AA2091 

(2.15Li-2.04Cu-1.5Mg-0.14Zr) alloy [15]. The effect of different V additions (0.01-0.19 wt%) 

on the hot deformation behavior of 7150 aluminum alloy was reported in the author’s 

previous work [16]; it was suggested that vanadium-solute diffusion acted as the deformation 

rate controlling mechanism for alloys containing up to 0.05 wt% V, whereas the precipitation 

of Al21V2 dispersoids in the alloys containing 0.11 to 0.19 wt% V promoted the retardation of 

dynamic recovery and the inhibition of dynamic recrystallization.  

Processing maps were developed on the basis of the dynamic materials model (DMM) 

and have been used to design hot working schedules for a wide variety of materials [3]. The 
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maps explicitly represent local peak efficiencies of power dissipation and regions of flow 

instability, which are associated with specific deformation mechanisms [3,17]. With the help 

of processing maps, the deformation temperature and the strain rate corresponding to local 

peak efficiencies of power dissipation in the safe domain is chosen as the optimum 

processing parameters for the hot working of materials. Hot working should not be 

performed in the regions of flow instability to prevent the occurrence of microstructure 

defects [18]. Recently, processing maps had been widely used to optimize the processing 

parameters during the hot working of aluminum alloys. Luo et al. [19] developed the 

processing maps of 7050 aluminum alloys at different strains and obtained the optimum 

processing parameters at a strain of 0.7 with an efficiency of 42%. Various microstructural 

defects generated during hot deformation in 2124 aluminum alloys were studied using a 

processing map; the flow instability was found to be caused by the adiabatic shear band, and 

matrix cracking was observed [20]. Ganesan et al. [21] developed the processing map for 

6061 Al/15 vol% SiCp using the flow stresses predicted from a neural network model, and 

the safe domains of hot working were identified and validated through microstructural 

investigations. A 4D process map was developed by Bhimavarapu et al. [22], illustrating the 

contours of power dissipation and flow instability with respect to the strain rate, temperature 

and strain. However, most of these studies focused on the influence of thermomechanical 

parameters on the processing map of an individual material. Studies that investigate the 

effects of micro-alloying elements on the processing maps for hot working of aluminum 

alloys are not common.  
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In the present study, the effects of different Zr concentrations (0.04 to 0.15 wt%) and V 

additions (0.05 to 0.15 wt%) on the processing maps of homogenized 7150 alloys were 

studied by hot compression tests at various temperatures and strain rates. The microstructural 

evolution of the alloys during hot deformation was investigated to understand the effects of 

Zr and V additions on the processing maps and dynamic deformation mechanisms that 

occurred under various deformation conditions. 

6.2 Experimental  

Experiments were conducted on 7150 base alloy (Zr free) and alloys with Zr contents 

from 0.04 to 0.15% and V contents from 0.05 to 0.15%. All alloy compositions are in wt% 

unless otherwise indicated. The chemical compositions of these alloys are provided in Table 

6.1. Approximately 3 kg of each material was melted in an electrical resistance furnace and 

then cast into a rectangular permanent steel mold measuring 30 x 40 x 80 mm3. The cast 

ingots of these alloys were homogenized at 465 °C for 24 h, followed by direct water 

quenching to room temperature. Cylindrical samples measuring 10 mm in diameter and 15 

mm long were machined from the homogenized ingots. Uniaxial compression tests were 

conducted on a Gleeble 3800 thermomechanical simulation unit at strain rates of 0.001, 0.01, 

0.1, 1 and 10 s-1 and deformation temperatures of 300, 350, 400 and 450 °C, respectively. 

During the tests, the samples were heated to the desirable deformation temperature at a 

heating rate of 10 °C/s and held for 3 min to ensure a homogeneous temperature distribution 

throughout the samples. The samples were deformed to a total true strain of 0.8 and then 
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immediately water-quenched to retain the microstructure at the deformation temperature.  

The microstructure of the homogenized materials was etched by Keller’s solution prior to 

hot deformation. All deformed samples were sectioned parallel to the compression axis along 

the centerline, and then polished and etched in the Keller solution for optical microscope 

observation. Additionally, some deformed samples were selected for electron backscattered 

diffraction (EBSD) analysis under a scanning electron microscope (SEM, JEOL 

JSM-6480LV). The step size between the scanning points was set to 1.0 µm. Samples for 

TEM observation were mechanically ground to a thicknesses of 35-60 µm and followed by 

electropolishing in a twin-jet polishing unit, which was operated at 15 V and -20 °C using a 

30% nitric acid and 70% methanol solution. The samples were observed under a transmission 

electron microscope (TEM, JEOL JEM-2100) operated at 200 kV.  

Table 6.1 Chemical composition of the alloys studied (wt%).	  
Alloy Zn Mg Cu Si Fe Ti Zr V Al 

7150 base alloy 6.44 2.47 2.29 0.16 0.15 0.009 - 0.01 Bal. 
7150-0.04%Zr 6.27 2.14 2.23 0.11 0.14 0.008 0.04 0.01 Bal. 
7150-0.12%Zr 6.35 2.22 2.34 0.16 0.15 0.008 0.12 0.01 Bal. 
7150-0.15%Zr 6.16 2.15 2.16 0.11 0.14 0.008 0.15 0.01 Bal. 
7150-0.05%V 6.21 2.18 2.20 0.16 0.14 0.009 - 0.05 Bal. 
7150-0.11%V 6.31 2.30 2.24 0.16 0.14 0.008 - 0.11 Bal. 
7150-0.15%V 6.16 2.10 2.15 0.16 0.13 0.008 - 0.15 Bal. 

6.3 Results 

6.3.1  Flow stress behavior 

The flow stress behavior of the 7150 alloys with Zr additions from 0.04 to 0.19% and 
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those with V additions from 0.03 to 0.19% was investigated in the author’s previous studies 

[10,16]. Fig. 6.1 presents a series of typical true stress-true strain curves obtained during hot 

deformation for the alloys containing different Zr and V contents. It is evident that the flow 

stresses increase rapidly at the beginning of deformation and then either remain fairly 

constant or decrease to some extent after attaining a peak stress. The level of flow stress 

increases with increasing strain rate and decreasing deformation temperature, which is a 

general trend in hot deformation [2]. Previous results [10,16] revealed that under a given 

deformation condition, no significant variation in flow stress was observed between the base 

alloy and the alloy containing 0.04% Zr. However, the values of flow stress show a gradual 

rise with increasing content of Zr from 0.04 to 0.19%. Conversely, the alloys containing 

0.03-0.05% V display dramatic increases of flow stress relative to the base alloy, especially 

at low deformation temperatures of 300-350 °C. With increasing V contents from 0.11 and 

0.15%, the flow stress is increased significantly during deformation at all temperature ranges 

investigated. Furthermore, when the V addition reaches 0.19%, the effect on flow stress 

becomes less evident. To study the effects of Zr and V additions on the processing map for 

hot deformation of 7150 alloy, seven alloys including the base alloy (Table 6.1) were 

selected in the present work. 
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Fig. 6.1 Typical true stress-true strain curves during hot compression deformation: (a) 
base alloy and the alloys with  (b) 0.04% Zr ; (c) 0.12% Zr ; (d) 0.15% Zr (e) 0.05%V; 
(f) 0.11% V and (g) 0.15% V. 

6.3.2  Initial microstructure 

Fig. 6.2 gives an example of the microstructural evolution of the 7150 alloys with 0.12% 

Zr and 0.11% V addition after homogenization. The homogenized structures of all three 

alloys are composed of uniform equiaxed grains formed during casting. The average grain 

size of the base alloy is determined to be 127 µm. The alloys containing Zr exhibit much 

coarser grain structures. The average grain sizes are approximately 586, 547 and 524 µm for 

the alloys with 0.04, 0.12 and 0.15% Zr, respectively. This is due to the poisoning effect of 

Zr, through which the added Zr reacts with iron and silicon in the melt, reducing the growth 

restriction of grains [23]. The V addition appears to slightly coarsen the grain structure. The 

average grain sizes are approximately 157, 152 and 133 µm for the alloys containing 0.05, 

0.11 and 0.15% V, respectively. In addition, the EBSD analysis results reveal that the grain 

boundaries of all of the alloys are characterized by high-angle boundaries, typically with 

misorientation angles between 30 and 60°.  

(d) (g) 
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After homogenization at 465 °C for 24 h, the precipitation of Al3Zr dispersoids was 

clearly observed in the alloys with 0.12 and 0.15% Zr. The dark-field TEM micrograph in 

Fig. 6.3a shows an example of the precipitation of spheroidal and coherent Al3Zr dispersoids 

with an average diameter of 15 nm in the alloy containing 0.12% Zr. When V was added into 

the alloy, the precipitation of V-containing dispersoids was found in the alloys containing 

0.11 and 0.15% V. These dispersoids were determined to be in the Al21V2-type phase by 

TEM selected area electron diffraction in the author’s previous studies [24]. The STEM 

micrograph (Fig. 6.3b) shows that a large number of spheroidal Al21V2 dispersoids with an 

average diameter of 51 nm were precipitated in the alloy containing 0.11% V. In the samples 

with lower contents of Zr (0.04%) and V (0.05%), almost no Al3Zr and Al21V2 dispersoids 

were observed, indicating that the added Zr and V mainly existed as the solute atoms in the 

aluminum matrix.  
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Fig. 6.2 Optical micrographs showing the grain structures after homogenization: (a) the 
base alloy and alloys with (b) 0.12% Zr and (c) 0.11% V. 
	  
	  
	  
	  
	  

(c) 

(a) (b) 
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Fig. 6.3 The precipitation of Al3Zr and Al21V2 dispersoids after homogenization at 
465 °C for 24 h: (a) Dark-field TEM micrograph displaying Al3Zr dispersoids in alloy 
with 0.12% Zr, recorded near the [011]α zone axis by using the (100) superlattice 
reflections of Al3Zr (L12); (b) STEM image showing Al21V2 dispersoids in alloy with 
0.11% V. 

6.3.3  Effects of Zr and V on processing map 

Processing maps have been widely used to understand the hot workability of materials in 

terms of various dynamic deformation mechanisms operating at different deformation 

conditions, which were developed on the basis of the dynamic materials model by Prasad 

[3,17]. In this method, the efficiency of power dissipation, η , represents the energy 

dissipated through the microstructural evolution and is given in Eq. (6.1): 

                               
η =

2m
2m+1

                            (6.1) 

where m  is the strain rate sensitivity of the material given by ∂ lnσ
∂ ln !ε .

	  

The contour plot of the iso-efficiency η values as a function of temperature and strain 

(a) (b) 



153 

	  

rate constitutes the power dissipation map. Different domains in the power dissipation map 

imply specific microstructural manifestations, such as dynamic recrystallization, dynamic 

recovery, wedge cracking and void formation [3,17]. However, during the deformation 

process, flow instability may occur and lead to deformation defects in the microstructure, 

including flow localization, adiabatic shear deformation, flow rotation and kinking [3]. The 

criterion to evaluate the flow instabilities is expressed as: 

                         ξ = ∂ ln[m / (m+1)]
∂ ln !ε

+m < 0                      (6.2) 

The material may exhibit the deformation defects when ξ  is negative [3]. Hence, the 

instability map can be generated based on the variation of ξ  with the temperature and strain 

rate. Finally, the processing map is obtained by superimposing the instability map on the 

power dissipation map. 

Fig. 6.4 shows the typical processing maps developed for the base alloy and alloys 

containing different Zr and V contents at the true strain of 0.8. The contour numbers 

represent the efficiency of power dissipation and the shaded zones correspond to the flow 

instability region. It can be seen that in the base alloy, the efficiency of power dissipation 

generally increases with increasing deformation temperature, indicating an increased level of 

energy dissipated through the dynamic deformation mechanisms [3]. A single domain 

(Domain I) is observed at the temperatures of 402-450 °C and the strain rates of 0.001-0.4 s-1, 

reaching a peak efficiency of 42% at 450 °C and 0.01 s-1  (Fig. 6.4a).  
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At a lower Zr content of 0.04% (Fig. 6.4b), the alloy exhibits a similar processing map to 

the base alloy, in which only one domain is present and is located in the same range of 

temperatures and strain rates as the base alloy; an identical peak efficiency of 42% is also 

reached at 450 °C and 0.01 s-1. This is as a result of little variation in flow stress from the 

base alloy (Fig. 6.1). 

At higher Zr contents (0.12 to 0.15%), Al3Zr dispersoids begin to precipitate, influencing 

the processing map. Domain I appears to shrink towards higher temperatures and higher 

strain rates, and a decrease of the efficiency value in this domain is observed at a given 

deformation condition compared with the base alloy (Fig. 6.4c and d). In addition, under the 

deformation conditions at 350-400 °C and 0.001-0.003 s-1 in the alloy with 0.12% Zr, the 

efficiency level is increased relative to that of the base alloy (Fig. 6.4c). When a higher Zr 

content of 0.15% is added (Fig. 6.4d), another domain (Domain II) appears between 

378-412 °C and 0.001-0.005 s-1, which is associated with a significant increase in efficiency. 

It is apparent that the processing map of the alloy with 0.12% Zr still exhibits a single 

domain between 406-450 °C and 0.003-0.2 s-1 with a peak efficiency of 39% at 450 °C and 

0.01 s-1, while two domains occur in the alloy containing 0.15% Zr. Domain I is located 

between 420-450 °C and 0.008-0.15 s-1 with a peak efficiency of 38% at 450 and 0.01 s-1, 

and Domain II is situated between 378-412 °C and 0.001-0.005 s-1 with a peak efficiency of 

37% at 400 and 0.001 s-1, respectively (Fig. 6.4d). 

Compared with the base alloy, the processing map of the alloy containing 0.05% V (Fig. 
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6.4e) displays higher efficiency values at lower temperatures (350-410 °C) and lower strain 

rates (0.001-0.003 s-1). A single domain is observed in the same range of temperatures and 

strain rates as the base alloy, but with a slightly lower peak efficiency of 40% at 450 °C and 

0.01 s-1. 

Conversely, the precipitation of Al21V2 dispersoids is observed in the alloys with V from 

0.11 to 0.15%, as shown in Fig. 6.3. The evolution of the processing map of these alloys 

displays a similar trend to that of the alloys containing Al3Zr dispersoids. Compared with the 

base alloy, Domain I narrows at higher temperatures and higher strain rates (Fig. 6.4f and g). 

With increasing V addition to 0.15%, Domain II gradually forms with a high degree of power 

dissipation efficiency, as shown in Fig. 6.4g. The processing map of the alloy with 0.11% V 

exhibits only one domain between 428-450 °C and 0.004-0.1 s-1 with a peak efficiency of 37% 

at 450 °C and 0.01 s-1. For the alloy with 0.15% V, two domains are observed: Domain I 

between 422-450 °C and 0.008-0.12 s-1 with a peak efficiency of 36% at 450 and 0.01 s-1, 

and Domain II between 375-415 °C and 0.001-0.005 s-1 with a peak efficiency of 36% at 

400 °C and 0.001 s-1, respectively.  

Moreover, a large region of flow instability is observed in the base alloy at the strain rates 

above 0.1 s-1 in the temperature range studied. After alloyed with Zr (0.04-0.15%) and V 

(0.05-0.15%), the evolution of the flow instability regions in all six alloys exhibits a similar 

tendency: the flow instability region expands towards lower strain rates. For the alloys 

containing Al3Zr or Al21V2 dispersoids, the instability region extends up to the strain rate of 



156 

	  

0.01 s-1, particularly at lower temperatures between 300 and 350 °C. It is evident that the flow 

instability regions in all alloys present lower values of power dissipation efficiencies, 

compared with the adjacent stable regions. For example, the efficiency values are 

approximately 2-28% when the deformation is conducted at the strain rates of 1-10 s-1; 

however, they increase up to 36-42% under the deformation conditions in Domain I. 

Therefore, the processing parameters should not be chosen in the instability region of those 

alloys to obtain good hot workability and to prevent the occurrence of deformation defects. 
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Fig. 6.4 The processing maps developed at the true strain of 0.8 for (a) base alloy and 
the alloys with  (b) 0.04% Zr; (c) 0.12% Zr; (d) 0.15% Zr; (e) 0.05%V; (f) 0.11% V 
and (g) 0.15% V. 

6.3.4  Microstructural evolution of deformed samples 

To understand the effects of Zr and V additions on the dynamic deformation mechanisms 

operating in each domain and on the manifestations of flow instability, the deformed samples 

of the base alloy and alloys containing 0.15% Zr, 0.05% V and 0.15% V under different 

deformation conditions at the true strain of 0.8 were selected for microstructure examination 

using the optical microscope and the EBSD technique. In EBSD analysis, the misorientation 

angles of both grains and subgrains are distinguished as follows: white lines: 1-5°; red lines: 

5-15°; thin black lines: 15-30° and thick black lines: (>30°).  

6.3.4.1 Domain I 

Fig. 6.5 shows the orientation imaging maps of the deformed samples of the four alloys 

under the deformation condition at 450 °C and 0.01 s-1, which corresponds to the peak 

efficiencies of power dissipation in Domain I (Fig. 6.4). In the base alloy, small equiaxed 

(d) (g) 



159 

	  

grains with high angle boundaries (>15°) containing substructures are formed along the 

bulged grain boundaries (see the arrows in Fig. 6.5a). A large number of subgrains with low 

and medium angle boundaries (1-15°) are observed inside the deformed grains. These results 

indicate a strong dynamic recovered microstructure mixed with partially dynamic 

recrystallization. However, only dynamically recovered microstructures are observed in the 

alloys containing Al3Zr or Al21V2 dispersoids (0.15% Zr and 0.15% V), and the subgrains 

were formed with neatly arranged boundaries between 1° and 15° (Fig. 6.5b and d). In this 

case, dynamic recrystallization is inhibited as a result of the pinning effect of the dispersoids 

on the migration of high-angle boundaries [10,16]. Conversely, the alloy containing 0.05% V 

in solution displays a partially recrystallized structure and a larger number of recrystallized 

grains is presented, compared with that in the base alloy (see the arrows in Fig. 6.5c), 

showing an increasing level of dynamic recrystallization. A previous study [16] reveals that 

the V solutes in the 7150 alloy can cause a higher multiplication rate of dislocations and 

restrain dynamic recovery, thereby leading to an improved driving force for dynamic 

recrystallization [2,25], whereas the drag effect of solute atoms on the mobility of high-angle 

boundaries becomes limited due to the higher diffusion rate of solutes at high temperature 

[26]. Hence, dynamic recrystallization steadily occurs and causes a higher degree of 

recrystallized structure. Therefore, during the deformation in Domain I, the dynamic 

recovery and partially dynamic recrystallization act as the deformation mechanisms in the 

base alloy and the alloy containing 0.05% V. For the alloys with 0.15% V and 0.15% Zr, the 

mechanism is solely dynamic recovery. 
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Fig. 6.5 Orientation imaging maps under the deformation condition at 450 °Cand 0.01 
s-1 with the true strain of 0.8, (a) the base alloy and the alloys with (b) 0.15% Zr; (c) 
0.05% V; and (d) 0.15% V. 

6.3.4.2 Domain II 

When the deformation is conducted at 400 °C and 0.001 s-1, both the alloys with 0.15% 

Zr and 0.15% V display high values of peak efficiency in Domain II, and a remarkable 

increase in the efficiency is also observed after the 0.05% V addition, compared with the 

base alloy (Fig. 6.4). As shown in Fig. 6.6, cracking is observed in the deformed 

microstructures of the micro-alloyed Zr and V materials. However, no obvious cracks are 

found in the base alloy.  

(a) (b) 

(c) (d) 
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During a slow strain rate deformation and creep process at elevated temperatures, 

microcracks are usually observed in the deformed microstructure of metals, which is 

generally reported to occur in two modes: wedge cracking and cavity formation [3,20,27-30]. 

Wedge cracks are produced at triple junctions of grain boundaries to relieve stress 

concentrations, when grain boundary sliding occurs under shear stress [3,27]. Conversely, 

cavities are frequently observed along grain boundaries due to the stress concentration arising 

from dislocation pile-up against the grain boundary and the intermetallic particles at grain 

boundaries; this process involves the Zener-Stroh mechanism [27,29]. 

The deformed sample of the base alloy displays a high occurrence of dynamically 

recovered structures, in which the dislocation density is largely decreased and the subgrains 

are well organized with higher angle boundaries of 5-15° (Fig. 6.7a). The formation of 

subgrains and the continuous increase in subgrain boundary misorientation effectively lead to 

grain refinement near the original grain boundaries. The dispersed fine subgrains 

subsequently accommodate the stress concentration at triple junctions of original grain 

boundaries by the subgrain boundary sliding during hot deformation, leading to a 

homogenous deformation without cracking [31].  

When the deformation is conducted in the alloys containing Al3Zr or Al21V2 dispersoids 

(0.15% Zr and 0.15% V), the formation of cavities along the grain boundaries is observed 

(Fig. 6.6a and b). EBSD results show that the deformed structure is characterized by a large 

number of low-angle boundaries of 1-5° along the grain boundaries (Fig. 6.7b and d), 
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indicating a low level of dynamic recovery and a high density of dislocation tangle and cell 

structures. Thus, the deformation cannot be accommodated through subgrain boundary 

sliding, as occurred in the base alloy. During hot deformation, dislocation pile-up generally 

occurs at the grain boundaries under the applied shear stress. However, the slip and climb of 

the dislocations are strongly pinned by the dispersoids, resulting in a high concentration of 

dislocations accumulated at the grain boundaries (Fig. 6.7b and d). Subsequently, cavities can 

be initiated to release high energies induced by the dislocation pile-up, and then grow rapidly 

by the vacancy diffusion along the grain boundaries [27,29]. With further straining, the 

propagation of the cavities could lead to intercrystalline cracking, which was widely 

observed during hot deformation at low strain rates ranging from 0.003 to 0.001 s-1 in 

different alloys, including Ni-20Cr, Mg-11.5Li-1.5Al alloy and cast TXA321 magnesium 

alloy [3,32]. Conversely, wedge cracking is rarely found at the triple junction of grain 

boundaries because grain boundary sliding is effectively pinned by the dispersoids [25].  

The formation of cavities along grain boundaries are also present in the deformed sample 

of the alloy with 0.05% V (Fig. 6.6c). Fig. 6.7c illustrates a much less recovered 

microstructure with numerous dislocation substructures along grain boundaries, which is 

similar to those observed in alloys containing dispersoids (Fig. 6.7b and d), due to the V 

solute drag effect on dislocation motion and subgrain coalescence [16]. High stress 

concentrations resulting from dislocation pile-up at grain boundaries stimulates the formation 

of cavities. However, wedge cracking at the triple junctions of grain boundaries is also 
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observed (Fig. 6.6c). Due to the limited drag effect of V solutes on the boundary mobility at 

high temperatures [16,26], original grain boundary sliding occurs during deformation, 

leading to accumulated stress at triple junctions and the formation of wedge cracks 

[20,27,28].  

Cavity formation is also observed in the alloys with 0.11% V and 0.12% Zr at 400°C and 

0.001 s-1; this likely causes the comparable increase in efficiency with the alloy containing 

0.05% V (Fig. 6.4). Therefore, the presence of microcracks in alloys with 0.12-0.15% Zr and 

0.05-0.15% V likely results in significant increases in the efficiency of power dissipation 

under deformation conditions at low strain rates of 0.001-0.003 s-1 in the temperature range 

of 350 to 410°C. 
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Fig. 6.6 Optical micrographs under deformation condition at 400 °C and 0.001 s-1 with 
the true strain of 0.8, (a) 0.15% Zr; (b) 0.15% V and (c) 0.05% V. 
 

 
 
 
 
 
 

(a) (b) 

(c) 
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Fig. 6.7 Orientation imaging maps under deformation condition at 400 °C and 0.001 s-1 
with the true strain of 0.8, (a) base alloy; (b) 0.15% Zr; (c) 0.05% V and (d) 0.15% V. 

6.3.4.3 Flow instability region 

Fig. 6.8 shows the microstructure of four alloys under deformation conditions at 300 °C 

and 1 s-1, which is located in the flow instability region (Fig. 6.4). The original grains of all 

four alloys are severely torn and broke into irregular deformation bands (DBs), which are 

often found in individual grains as a result of either inhomogeneous stresses transmitted by 

neighboring grains or the intrinsic instability of the grains during deformation [25]. Adiabatic 

shear bands (ASBs) are also observed and extend through several grains, implying highly 

localized plastic deformation. EBSD analyses indicate that these deformation bands are 

characterized by high-angle transition boundaries (>15°), and contain a large amount of 

(a) (b) 

(c) (d) 
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low-level recovered substructures. Hence, the formation of deformation bands and adiabatic 

shear bands are the major mechanism causing the flow instability during hot deformation of 

the alloys. 

	   	   	  

	   	   	  

Fig. 6.8 Optical micrographs under deformation condition at 300 °C and 1 s-1 with the 
true strain of 0.8, (a) base alloy; (b) 0.15% Zr; (c) 0.05% V and (d) 0.15% V. The inset 
image represents the corresponding orientation imaging map of deformation bands. 

6.3.5  Effect of strain on processing map 

In commercial 7150 aluminum alloys, Zr is added at 0.08-0.15% to inhibit 

recrystallization by forming Al3Zr dispersoids during homogenization treatment. To 

understand the effect of strain on processing map of 7150 alloys, the alloy with 0.15% Zr was 

(a) (b) 

(c) (d) 
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selected for study. Fig. 6.9 shows the evolution of the processing map of the alloy containing 

0.15% Zr with increasing strain. At the early stage of deformation (i.e., a true strain of 0.2), 

dynamic recovery occurs as the deformation mechanism in the flow stable region and leads 

to the increase in efficiency of power dissipation as the temperature increases [3,25], as 

illustrated in Fig. 6.9a. As true strain increases from 0.2 to 0.6, the region with higher 

efficiencies gradually shifts to higher temperatures and higher strain rates, and Domain I is 

formed between 405-450 °C and 0.005-0.3 s-1 with a peak efficiency of 37% at 450 °C and 

0.01 s-1 (Fig. 6.9b and c). In addition, another domain (Domain II) begins to form at the lower 

temperatures of 330-385 °C and lower strain rates of 0.001-0.003 s-1 with a peak efficiency 

of 33% at 350 °C and 0.001 s-1 (Fig. 6.9c). As the deformation strain further increases from 

0.6 to 0.8, the dislocation density continuously rises; however, the movement of dislocations 

is strongly pinned by the Al3Zr dispersoids, leading to a restrained dynamic recovery. A 

higher level of energy dissipated through dynamic recovery can only be achieved when the 

deformation temperature and strain rate increase [25,33], thereby resulting in Domain I with 

high efficiencies appearing at higher temperatures and higher strain rates (Fig. 6.4d). 

Conversely, Domain II is completely formed between 378-412 °C, which can be primarily 

attributed to the formation and propagation of cavities along grain boundaries. Compared to 

the true strain of 0.6, Domain II is observed to shift towards higher temperatures and displays 

an increased value of peak efficiency (from 33 to 37%), as illustrated in Fig. 6.9c and 6.4d. 

The continuously increased density of dislocations with increasing strain stimulates the 

initiation of cavities at grain boundaries, which quickly grow as the temperature increases 
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due to the increased diffusion rate of vacancy [27,29], contributing to an improved peak 

efficiency in Domain II.  

At the lower true strain of 0.2, flow instability regions initiate at two high strain rate 

corners, namely one at the strain rates of 0.1-10 s-1 with lower temperatures (300-350 °C) and 

another at the strain rates of 1-10 s-1 with higher temperatures (400-450 °C). This is attributed 

to the formation of adiabatic shear bands and deformation bands in the microstructure, which 

are commonly reported during the deformation of aluminum alloys at high strain rates [3]. 

With increasing strain, the two instability regions are gradually connected (Fig. 6.9b and c), 

and then extend towards a lower strain rate of 0.01 s-1, particularly at low temperatures of 

300-350 °C (Fig. 6.4d).  
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Fig. 6.9 The processing maps of 7150 aluminum alloy with 0.15% Zr at the true strains 
of (a) 0.2; (b) 0.4 and (c) 0.6. For the true strain of 0.8 see Fig. 6.4d. 

6.4 Discussion  

To understand the effects of micro-alloying with Zr and V on the processing map, the 

evolution of processing map during hot deformation of 7150 aluminum alloys with Zr 

addition ranging from 0-0.15% and V addition ranging from 0.01-0.15% was studied. The 

effects of Zr and V additions on the dynamic deformation mechanisms operating in different 

deformation domains and on manifestations of flow instability were investigated.  

(a) (b) 

(c) 
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6.4.1  Effects of Zr and V on Domain I 

In Domain I, microstructural observations reveal that dynamic recovery and partially 

dynamic recrystallization are the deformation mechanisms of the base alloy (Fig. 6.5a), 

leading to a high degree of dislocation annihilation and the high efficiencies of power 

dissipation [3], as shown in Fig. 6.4a. When alloyed with higher Zr contents from 0.12 to 

0.15%, dynamic recrystallization is inhibited, and only dynamic recovery takes place, which 

is less efficient at dissipating stored deformation energy than dynamic recrystallization [3]. 

This results in a lower efficiency value at a given deformation condition in Domain I 

compared to the base alloy (Fig. 6.4c and d). With increasing Zr addition from 0.12 to 0.15%, 

Domain I shrinks towards higher temperatures and higher strain rates. With increasing 

temperature, the level of dynamic recovery can be improved [2,25]. Conversely, with 

increasing strain rate, the applied external force increases and leads to an augmented shear 

stress to activate the motion of dislocations, which favors dynamic recovery [34,35]. In 

addition, the dislocation multiplication rate increases with increasing strain rate, which 

increases the rate of dynamic recovery [25]. Therefore, in alloys containing Al3Zr dispersoids, 

a high degree of power dissipation efficiency can be achieved as the temperature and strain 

rate increase, which offsets the restriction of dynamic recovery caused by the dispersoids and 

thereby resulting in a narrow Domain I. Similarly, in alloys containing Al21V2 dispersoids 

(0.11-0.15% V), dynamic recovery operates as the deformation mechanism, leading to 

decreases in efficiency compared to the base alloy in Domain I (Fig. 6.4f and g). Domain I 
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also narrows towards higher temperatures and higher strain rates, as observed in the alloys 

containing Al3Zr dispersoids.  

For the alloy containing a lower V content of 0.05% in which V mainly exists as solutes 

in the aluminum matrix, Domain I displays slightly lower efficiencies relative to the base 

alloy (Fig. 6.4e). A high level of dynamic recrystallization is observed after the 0.05% V 

addition (Fig. 6.5c), which contributes to a large portion of power dissipation. However, the 

V solute drag effect on dislocation motion and restrained dynamic recovery leads to a 

significant restriction of power dissipation. Hence, the overall efficiency of power dissipation 

of the alloy with 0.05% V displays a slightly lower value than that of the base alloy at a given 

condition in Domain I. Conversely, the alloy containing 0.04% Zr in solution demonstrates 

an identical variation in efficiency with temperature and strain rate in Domain I compared 

with the base alloy (Fig. 6.4b), indicating a limited solute drag effect. Zirconium solute has a 

lower diffusion activation energy and higher diffusivity than does the vanadium solute in 

aluminum [36], resulting in weaker solute strengthening. 

The evolution of peak efficiencies in Domain I of the 7150 alloys with different Zr and V 

additions is shown in Fig. 6.10. It is evident that the peak efficiency continuously decreases 

with increasing Zr and V additions. This indicates that the material flow becomes more 

difficult as the Zr and V contents increase, leading to a decrease in hot workability [17]. With 

the same addition of Zr and V, the alloys containing V exhibit an even lower peak efficiency 

relative to the alloys containing Zr, which may be attributed to a higher level of solution or 
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dispersoid strengthening of V alloying. These results are in good agreement with those 

reported in the author’s previous studies [10,16]: the flow stresses and activation energy for 

hot deformation of the 7150 alloy significantly increase when alloyed with Zr and V, and the 

alloys containing V result in higher flow stresses and activation energies compared with the 

same level of Zr addition. 

  
Fig. 6.10 The evolution of peak efficiency of power dissipation in Domain I as a function 
of Zr and V content. 

6.4.2  Effects of Zr and V on Domain II 

When the deformation is performed at low strain rates between 0.001-0.003 s-1 in the 

temperature range of 350 to 410 °C, a fine subgrain structure with medium-angle boundaries 

is formed in the base alloy; plastic deformation is then accommodated by subgrain boundary 

sliding, resulting in a homogenous deformation without cracking (Fig. 6.7a). However, for 

the alloys containing Al3Zr and Al21V2 dispersoids (0.12-0.15% Zr and 0.11-0.15% V), 

pile-up dislocations at grain boundaries are strongly pinned by dispersoids, and cavities are 
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formed along grain boundaries to release the high induced energy (Fig. 6.6a and b), which 

contributes to a significant increase in efficiency of power dissipation relative to the base 

alloy [3], as illustrated in Fig. 6.4c, d, f and g. It should be emphasized that at higher contents 

of Zr and V of 0.15%, Domain II with relatively higher values of peak efficiency are formed 

(Fig. 6.4d and g). This is likely associated with a number of cavities formed due to the higher 

stress concentrations induced by the stronger pinning effect as the Zr and V contents increase. 

Conversely, at the lower V content of 0.05%, higher efficiencies of power dissipation are 

also observed at temperatures between 350-410 °C with low strain rates between 0.001-0.003 

s-1 (Fig. 6.4e), which are mostly correlated with cavity formation due to the V solute drag 

effect on dislocation motion as well as with wedge cracking by grain boundary sliding (Fig. 

6.6c). However, no obvious cracks are found in the alloy containing 0.04% Zr, which is 

attributed to the much weaker Zr solute strengthening and a high level of dynamic recovery.  

6.4.3  Effects of Zr and V on flow instability region 

The flow instability during hot deformation of 7150 alloys is caused by the formation of 

adiabatic shear bands and deformation bands (Fig. 6.8). When Zr and V are added and Al3Zr 

and Al21V2 dispersoids form in the material, the instability regions exhibit a clear trend to 

extend towards lower strain rates, particularly at low temperatures of 300-350 °C (Fig. 6.4), 

which may cause some deformation defects in those conditions. Duckham et al. [37] 

suggested that a decrease in dynamic recovery during deformation led to greater development 

of shear bands. Due to the restriction of dynamic recovery after Zr and V additions, instable 
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flow may take place in the originally flow stable area adjacent to the instability region as 

shown in the base alloy, resulting in enlargements of flow instability regions towards lower 

strain rates. In addition, decreases in dynamic recovery and the number of active dislocation 

slipping systems with decreasing temperature give rise to more heterogeneous deformation 

[25,37,38], attributing to extension of instability regions particularly at lower temperatures.  

However, the calculated values of the instability factor, ξ , are between -0.02 and 0.05 

for all alloys containing Zr and V under the deformation conditions at temperatures between 

300 and 350 °C and strain rates between 0.01 and 0.1 s-1. These values are near zero, 

indicating a low susceptibility of unstable deformation occurring under those conditions 

[3,39], compared to the base alloy. Although the area of instability region enlarges, the flow 

instability of 7150 alloys may not be substantially influenced by micro-alloying of Zr and V.  

 

In summary, the large strain deformation of 7150 aluminum alloys with Zr and V 

additions is preferred under the deformation conditions in Domain I, which is associated with 

high efficiencies of power dissipation for good hot workability and the safe deformation 

mechanisms of dynamic recrystallization or dynamic recovery. Dynamic recrystallization 

yields good workability by simultaneous softening the material and reconstituting the 

microstructure [3]. In addition, dynamic recovery provides a stable flow and a well-defined 

subgrain structure [2,3]. Deformation is avoided at low strain rates between 0.001-0.003 s-1 in 

the temperature range of 350-410 °C for the 7150 alloys containing more than 0.12% Zr or 
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0.05% V due to the occurrence of cavities and cracking. Furthermore, processing parameters 

should not be chosen in the unstable flow regions to obtain good hot workability and to 

prevent deformation defects. Therefore, the optimum hot-working parameters for these alloys 

at a strain of 0.8 are determined to be a deformation temperature of 450 °C and a strain rate 

of 0.01 s-1, which are correlated with the peak efficiencies of power dissipation in the safe 

Domain I. 

6.5 Conclusions 

1. The processing map of the 7150 base alloy (Zr free) at a true strain of 0.8 exhibits a 

single domain (Domain I), in which dynamic recovery and partially dynamic 

recrystallization operate as the deformation mechanism. 

2. With increasing Zr and V additions, Domain I shrinks towards higher temperatures and 

higher strain rates and exhibits decreases in efficiency of power dissipation as a result of 

restrained dynamic recovery caused by the pinning effect of Al3Zr and Al21V2 

dispersoids. 

3. When the added Zr and V contents reach 0.15%, another domain (Domain II) is formed, 

corresponding to the occurrence of cavities along the grain boundaries in the 

microstructure.  

4. Flow instability during hot deformation of 7150 alloys is attributed to the formation of 

adiabatic shear bands and deformation bands. The instability regions are enlarged 

towards lower strain rates after being alloyed with Zr and V. 
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5. The optimum hot-working parameters for all 7150 alloys are a deformation temperature 

of 450 °C and a strain rate of 0.01 s-1. 
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Chapter VII   Evolution of activation energy during hot 

deformation of 7150 aluminum alloy 

Abstract 

The hot deformation behavior of a homogenized 7150 aluminum alloy was studied in 

compression tests conducted at various temperatures (573~723 K) and strain rates (0.001~10 

s−1). The flow stress behavior and microstructural evolution were observed during the hot 

deformation process. A revised Sellars’ constitutive equation was proposed, which 

considered the effects of the deformation temperature and strain rate on the material variables 

and which provided an accurate estimate of the hot deformation behavior of the 7150 

aluminum alloy. The results revealed that the activation energy for the hot deformation of the 

7150 aluminum alloy is not a constant value but rather varies as a function of the deformation 

conditions. The activation energy for hot deformation decreased with increasing deformation 

temperature and with increasing strain rate. The peak flow stresses under various 

deformation conditions were predicted by a revised constitutive equation and correlated with 

the experimental data with excellent accuracy.  
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7.1 Introduction 

The 7xxx aluminum alloys with a high strength-to-density ratio and excellent mechanical 

fracture toughness have been widely used in the aircraft and aerospace industries [1]. These 

aluminum alloys are generally subjected to hot-forming processes such as rolling, forging 

and extrusion. Mechanical properties are affected by the chemical composition, strain history 

and microstructure resulting from thermomechanical processing. The flow behavior of 

aluminum alloys during hot deformation is of great importance for the design of 

metal-forming processes due to its effective role in the required deformation energy as well 

as in the kinetics of metallurgical transformations, such as dynamic recovery (DRV) and 

dynamic recrystallization (DRX) [2-3]. Furthermore, the flow behavior is influenced by 

thermomechanical factors such as the degree of deformation, strain rate and deformation 

temperature [2].  

A constitutive relation is generally used to describe the plastic flow properties of metals 

and alloys, which are correlated with the flow stress, strain rate and deformation temperature. 

Several models have been proposed to describe the hot deformation behavior, including 

physical-based, phenomenological and artificial neural network models and equations [4-13]. 

Sellars and McTegart [4] developed a hyperbolic-sine constitutive law to describe the hot 

working and creep behavior of aluminum, nickel, copper and steel materials. Johnson and 

Cook [5] proposed a phenomenological model, which Lin et al. [6] then modified to evaluate 

the hot compressive behavior of a 7075 aluminum alloy by considering the effects of strain 
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rate and the deformation temperature. Chai et al. [7] conducted a comparative study on the 

capability of a back propagation neural network model and a strain-compensated, 

Arrhenius-type constitutive equation to represent the elevated temperature flow behavior of 

XC45 steel. Lin et al. [8] proposed a revised Arrhenius constitutive equation to describe the 

effect of strain on material constants and on the flow behavior of 42CrMo steel. In addition, 

some researchers have applied these constitutive models and equations to evaluate the hot 

deformation behavior of various metals and alloys [9-13]. 

With various constitutive models and equations available, the hyperbolic-sine law, 

proposed by Sellars and McTegart [4], has been proven to be most applicable over a wide 

range of stresses. The activation energy of a material for hot deformation derived from this 

relation is usually used as an indicator of the degree of difficulty of the hot deformation 

process. It may provide a guideline for optimizing the hot working process and also furnish 

additional information on the microstructure and flow stress evolution in successive 

deformation processes. In the majority of research on the hot deformation behavior of 

materials [4-13], the activation energy has been treated as a constant value for all applied hot 

deformation conditions. In fact, the activation energy of an aluminum alloy for hot 

deformation represents mainly the free energy barrier to dislocation slipping on slip planes. 

As the energy required for dislocation slipping is affected by the temperature and external 

stress during hot-forming processes [2, 14], the activation energy for hot deformation cannot 

remain constant, but should instead be a function of the main deformation parameters, 
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including deformation temperature and strain rate. However, the effects of deformation 

temperature and strain rate on the evolution of activation energy have rarely been reported. 

Moreover, the thermodynamic mechanism of the evolution of the activation energy under 

different deformation conditions has not been clarified.  

In the present paper, the hot deformation behavior of a homogenized 7150 alloy is studied 

using hot compression tests performed at various temperatures and strain rates. Considering 

the effect of deformation temperature and strain rate, a revised Sellars’ constitutive equation 

is proposed to predict the hot deformation behavior of an 7150 aluminum alloy. The 

evolution of the activation energy for hot deformation under various deformation conditions 

is described. 

7.2 Experimental 

The experiments were conducted on a 7150 aluminum alloy (Zr free), which was taken as 

the starting material in the form of cylindrical DC cast billets. Approximately 3 kg of 

materials was remelted in an electrical resistance furnace and then cast into a rectangular 

permanent steel mold measuring 30 x 40 x 80 mm. The chemical composition of the alloy 

used is given in Table. 7.1. The cast ingots were homogenized at 738 K for 24 h, followed by 

a direct water quench. Small cylindrical samples 10 mm in diameter and 15 mm long were 

machined from the homogenized ingots. Uniaxial compression tests were conducted on a 

Gleeble 3800 thermomechanical simulation unit at strain rates of 0.001 s−1 to 10 s−1 and 

deformation temperatures of 573 K to 723 K. During the tests on the Gleeble unit, the 
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samples were heated to the desirable deformation temperature at a heating rate of 10 K/s and 

held at that temperature for 3 min prior to compression. The samples were deformed to a 

total true strain of 0.8 and then immediately water-quenched. 

All deformed samples were sectioned parallel to the compression axis along the 

centerline and then polished and etched in Keller solution for observation under an optical 

microscope. The microstructure of the as-homogenized material was also examined prior to 

hot deformation. Additionally, some samples were selected for analysis using the electron 

backscattered diffraction (EBSD) technique with a scanning electron microscope (SEM, 

JEOL JSM-6480LV). In EBSD analysis, the boundaries of both the grains and subgrains are 

defined as low angle boundaries (LAB), medium angle boundaries (MAB) and high angle 

boundaries (HAB) for which the angles of boundary misorientation occur in the ranges of 

1-5°, 5-15° and greater than 15°, respectively [15]. The step size between the scanning points 

was set to 1.0 µm for the deformed grain structure. In addition, EBSD analysis was 

performed to measure the grain size of the as-homogenized sample using the linear intercept 

method [16]; a surface area of approximately 10 mm2 with a scanning step size of 5.0 µm was 

selected for the sample.  

Table 7.1 Chemical composition of the 7150 aluminum alloy (Zr free) studied. 

Material 
Chemical compositions, wt% 

Zn Mg Cu Si Fe V Al 
7150 alloy 6.44 2.47 2.29 0.16 0.15 0.01 Bal. 
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7.3 Results  

7.3.1  Flow stress behavior 

The true stress-true strain curves obtained during hot compression of the 7150 aluminum 

alloy at strain rates of 0.001~10 s-1 and at deformation temperatures of 573~723 K are 

presented in Fig. 7.1. In general, the flow stresses increased rapidly at the beginning of 

deformation and then either remained fairly constant or decreased to some extent after 

attaining the peak stress. At the early stages of deformation, dislocations multiplied 

dramatically, and the work hardening process was predominant, thereby leading to a rapid 

increase in the flow stress. As the dislocation density increased, dynamic softening occurred, 

which can offset the effect of work hardening; thus, the flow stress increased at a decreasing 

rate until the peak stress was reached. Subsequently, the flow stress either decreased with 

increasing strain or remained steady. The former behavior is observed when the rate of 

dynamic softening is higher than that of work hardening. In this case, the peak stress is 

defined as the maximum value of the flow stress curve at which a distinct peak appears 

(indicated by an arrow in Fig. 7.1(a)). The latter behavior occurs as a result of a dynamic 

equilibrium between work hardening and dynamic softening, in which the peak stress was 

identified as the tangent point on the flow curve by the extension of a line along the 

steady-state flow stresses (indicated by an arrow in Fig. 7.1(b). It is evident that the level of 

both the peak stress and the flow stress increased with increasing strain rate and with 

decreasing deformation temperature. The peak stress was the highest (189 MPa) at a strain 



188 

	  

rate of 10 s-1 and at a deformation temperature of 573 K, whereas the lowest peak stress (18 

MPa) was obtained at a strain rate of 0.001 s-1 and at a temperature of 723 K. For a given 

strain rate, the driving force for dynamic softening which counteracts work hardening was 

reduced with decreasing temperature [2], thereby leading to an increase in both the peak 

stress and the overall flow stress. On the other hand, for a given temperature, the greater the 

strain rate, the higher the peak stress and the flow stress. It has been reported that the higher 

multiplication of dislocations and the formation of tangled dislocation structures, as barriers 

to dislocation movement, were caused by an increase in the strain rate [2]. These 

observations are in good agreement with earlier reports on 7xxx alloys [6, 17-19]. 
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Fig. 7.1 True stress-true strain curves of 7150 aluminum alloy during hot compression 
deformation: (a) ε! =10 s-1; (b) ε!=1 s-1; (c) ε! =0.1 s-1; (d) ε! =0.01 s-1; (e) ε! =0.001 s-1. 
	  

(a)	   (b)	  

(c)	   (d)	  

(e)	  
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7.3.2 Microstructural evolution 

Fig. 7.2 illustrates the initial grain structure of the homogenized 7150 alloy prior to hot 

compression, as well as some representative microstructures deformed under various 

conditions.  Fig. 7.2(a) reveals that the homogenized alloy is composed of uniform equiaxed 

grains that originate from the casting. The average grain size was 127 µm. During hot 

compression, the original grains were plastically elongated perpendicular to the compression 

direction. When the alloy was deformed at 573 K and 10 s−1 (Fig. 7.2(b)), the original grains 

were severely torn and broke into irregular deformation bands due to deformation occurring 

on different slip systems [15]. As the deformation temperature increased to 673 K with a 

strain rate of 10 s−1 (Fig. 7.2(c)), the deformation became more homogeneous, with fewer 

large-scale deformation bands visible under the optical microscope, which was the result of 

an increase in the number of operating slip systems and an increasing level of dynamic 

recovery as the temperature increased [20]. Moreover, when the strain rate was lowered to 

0.01 s−1 at 673 K, the original grain boundaries became serrated along which subgrains 

became visible (Fig. 7.2(d)). This morphology is related to the migration of high angle grain 

boundaries in response to both the boundary tensions of the substructure and to variations in 

dislocations, which indicates a stronger dynamic recovered structure compared with the 

microstructure resulting from deformation at 673 K with higher strain rates. 

In an attempt to gain more insight into microstructural evolution during the hot 

compression process, orientation imaging maps were generated under different deformation 
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conditions, as shown in Fig. 7.3. The results from EBSD analysis indicate that the original 

grain boundaries of the homogenized 7150 alloy are characterized by high angle boundaries, 

especially those with misorientation angles between 30° and 60°. When the alloy was 

deformed at 573 K and 10 s−1, several irregular deformation bands with high angle transition 

boundaries were observed inside the elongated grains and oriented along the elongation 

direction. A large amount of low angle boundaries were observed with misorientation angles 

largely between 1° and 5°, indicating a high density of cell and subgrain structures (Fig. 

7.3(a)). As the deformation temperature increased to 673K with a strain rate of 10 s−1, fewer 

deformation bands were present in certain grains that exhibited more homogeneous 

deformation, and the density of low angle boundaries was reduced due to further 

polygonization (Fig. 7.3(b)). Moreover, as the strain rate was lowered to 0.01 s−1 at 673 K, 

the substructure became better organized, and larger subgrains were formed with neatly 

arranged boundaries, which were characterized by low and medium angle boundaries 

between 1° and 15° (Fig. 7.3(c)). This suggests an increased level of dynamic recovery, 

involving the annihilation and rearrangement of dislocations. 

It is observed that the deformed 7150 alloy possessed a recovered grain structure during 

the hot compression process, indicating that the main softening mechanism of a 7150 alloy 

during hot deformation is dynamic recovery, which is consistent with previously reported 

studies [17, 18]. It is a general trend that the level of dynamic recovery increased with 

increasing temperature and with decreasing strain rate, thus resulting in a decrease in both the 
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peak stress and flow stresses. 

  

  
Fig. 7.2 Optical micrographs of the 7150 aluminum alloy: (a) as-homogenized grain 
structure; and deformed microstructures under different conditions: (b) 573 K, 10 s-1; 
(c) 673 K, 10 s-1; (d) 673 K, 0.01 s-1. 
	  
	  
	  

 
 

(a)	   (b)	  

(d)	  (c)	  
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Fig. 7.3 Orientation imaging maps of the 7150 aluminum alloy under different 
deformation conditions: (a) 573 K, 10 s-1; (b) 673 K, 10 s-1; (c) 673 K, 0.01 s-1. Boundary 
misorientation as indicated by the following: white lines: 1-5°; blue lines: 5-15°; thin 
black lines: 15-30°; thick black lines: (> 30°). 

7.3.3 Constitutive analyses  

7.3.3.1 Sellars’ constitutive equation 

In general, constitutive equations are developed to model the hot deformation behavior of 

the materials and to demonstrate the effects of the deformation conditions on the state of the 

flow stress [4-13]. The hyperbolic-sine equation, proposed by Sellars and McTegart [4], is 

widely employed to describe the relationship between the strain rate, deformation 

temperature and flow stress, especially over a wide range of stresses [2, 4, 21], 

(a)	   (b)	  

(c)	  
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)exp()][sinh(

RT
QA n −= ασε!

      
                  (7.1) 

where n  and A  are material constants, α  is the stress multiplier, σ  is the flow stress 

(MPa), Q  is the activation energy for hot deformation (kJ/mol), R  is the universal gas 

constant (8.314 J/mol K), and T  is the deformation temperature (K). 

Here, the peak stress pσ  is used as the σ  term, which is generally utilized in 

aluminum alloys, and refers to a dynamic equilibrium between work hardening and dynamic 

restoration [22,23]. The stress multiplier α  can be defined as 1/nβα =  [4], where β  

and 1n  are evaluated from the slopes of the plots of )ln(ε! - pσ and )ln(ε! -‐ )ln( pσ , 

respectively, for the range of temperatures studied; thus, the value of α  in our study for the 

homogenized 7150 alloy was calculated to be 0.011.	   	  

Differentiating Eq. (7.1) gives, 
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         (7.2) 

where n 	   is the mean slope of plots of ε!ln - )]ln[sinh( pασ  at different temperatures and 

S  is the mean slope of plots of )]ln[sinh( pασ - T/1  at various strain rates. The relationship 

between ε!ln  and )]ln[sinh( pασ , which was derived from the measured true stress-true 

stain curves (Fig. 7.1), is shown in Fig. 7.4(a). The mean value of the slopes at four 

deformation temperatures, n , was then calculated. Likewise, the relationship between 

)]ln[sinh( pασ  and T/1 , which was derived from experimental true stress-true stain data 

(Fig. 7.1), is plotted in Fig. 7.4(b). The mean value of the slopes at each strain rate, S , is 
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obtained. The activation energy Q  can then be determined directly from Eq. (7.2). 

Taking the natural logarithm of both sides of Eq. (7.1) gives, 

)]ln[sinh()ln(ln pnA
RT
Q

ασε +=+!                    (7.3) 

where, )ln(A  is obtained from the intercept of )(ln
RT
Q

+ε! - )]ln[sinh( pασ plot. 

Consequently, the material constants A , n , α  and the activation energy Q  for the 7150 

aluminum alloy were extracted and are presented in Table. 7.2. 

Table 7.2 Values of material constants and activation energy for the 7150 aluminum 
alloy. 

A (s-1) n α (MPa-1) Q (kJmol-1) 
1.42x1017 6.47 0.011 227 

The activation energy of 227 kJ/mol obtained in the present study is comparable to the 

value for a homogenized 7150 alloy (229.75 kJ/mol) reported by Jin et al. [19]. However, it 

is much higher than either that of an aged 7150 alloy (158.8~161.4 kJ/mol) [24] or that of a 

precipitated and overaged 7075 alloy (143~156 kJ/mol) [17]. This result indicates that the 

activation energy for hot deformation is closely correlated with the material composition and 

the temper state. However, with this approach, the effects of applied thermomechanical 

factors, such as the deformation temperature and strain rate, on the evolution of the activation 

energy are not considered. 

In the original Sellars’ equation [4], both n  and A  were always considered to be 

material constants, likely due to simplifications. To calculate the activation energy Q  of a 

material based on the experimental data, only the mean values of n 	   and S  were taken. 
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Therefore, the activation energy Q  derived from Eqs. (7.1) and (7.2) became a constant 

value that was independent of the deformation conditions (T  and ε! ). In fact, the values of 

n , namely the slopes of the ε!ln  - )]ln[sinh( pασ  curves at each temperature, are 

considerably different in our experiment (Fig. 7.4(a)) and other studies [4-13, 16, 17, 21], 

thus indicating that n  is obviously temperature dependent. Likewise, the values of S , 

namely the slopes of the )]ln[sinh( pασ  - T/1 curves at each strain rate, are also remarkably 

different in our experimental data (Fig. 7.4(b)) and other studies [4-13, 17, 18, 22], showing 

that the S  is dependent on strain rate. Moreover, it is generally recognized that the hot 

deformation of alloys occurs mainly by dislocation slipping, which is a thermally activated 

process [2]. The activation energy of dislocation slips is reduced by applied external stress, 

and the deformation difficulty is affected by temperature [14]. Dorn et al. [25, 26] have 

studied the evolution of activation energy for high-purity aluminum during creep at constant 

stress and concluded that the activation energy is temperature dependent. The hot 

deformation conditions for aluminum alloys generally vary over a wide range of 

temperatures and strain rates. It is obvious that hot deformation is a complex process that 

involves dislocation slip [2, 27, 28], and the effects of thermomechanical factors on the 

evolution of the activation energy should be considered. Therefore, the original Sellars’ 

equation cannot adequately represent the hot deformation behavior of aluminum alloys.  

7.3.3.2 A revised Sellars’ constitutive equation 

Based on the experimental data of the hot compressive deformation (Fig. 7.4), the 
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material constants in the original equation, n  and A , should be treated as material 

variables. It is assumed that n  is a function of deformation temperature while A  is a 

function of both deformation temperature and strain rate. Thus, the activation energy Q  

becomes temperature and strain rate dependent. To overcome the shortcomings of the 

original Sellars’ equation, the following expression is proposed: 

)),(exp()])[sinh(,( )(

RT
TQTA Tn

p
ε

ασεε
!

!! −=                (7.4) 

where pσ  is peak stress. The material variables n , A , and activation energy Q  are 

functions of the deformation temperature and the strain rate. 

Determination of )(Tn  

Taking the natural logarithm of both sides of Eq. (7.4) gives, 

)]ln[sinh()(]),(),([lnln pTn
RT
TQTA ασ
ε

εε +−=
!

!!             (7.5) 

The values of n  at each deformation temperature can be obtained from the slopes of the  

ε!ln  - )]ln[sinh( pασ  plots (Fig. 7.4(a)). By linear fitting, a good linear relationship 

between n  and the deformation temperature is obtained, as illustrated in Fig. 7.5(a). It is 

evident that n  is not a material constant, but rather decreases linearly with increasing 

temperature, which indicates an obvious dependency on deformation temperature. The 

variation of n  with the deformation temperature has also commonly been observed in many 

studies on various metals and alloys [4-13, 17, 18, 22].  
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Fig. 7.4 Relationships between: (a) ε!ln  and )]ln[sinh( pασ ; (b) )]ln[sinh( pασ  and 

T/1000 . 

Determination of ),( ε!TQ  

At a constant strain rate, partial differentiation of Eq. (7.4) gives, 
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We define the terms in the braces as P , which was commonly assumed to be zero [4, 

6-13, 17, 18, 22]. We assumed that P≈0 is valid as well. The validity of this assumption will 

be verified in the following discussion. 
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Hence, after above assumption, the Eq. (7.6) can be simplified as 

(a)	   (b)	  
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Based on the measured true stress-true strain data, the values of S 	   at each of the strain 

rates can be determined from the slopes of the )]ln[sinh( pασ  - T/1  plots (Fig. 7.4(b)). 

From regression fitting, an excellent polynomial relationship between S  and strain rate is 

found (Fig. 7.5(b)), which is expressed in Eq. (7.9). Based on the known )(Tn  and )(ε!S

functions, the activation energy ),( ε!TQ  can be evaluated in Eq. (7.10).  

2)(ln023.0)(ln281.0767.2)( εεε !!! +−=S               (7.9)

22 )(ln289.6)(ln319.80)(ln008.0)(ln098.0973.0986.797),( εεεεε !!!!! +−−+−= TTTTQ  (7.10) 

 
Fig. 7.5 Relationships between: (a) n and T; (b) S  and ε! . 

Fig. 7.6(a) shows the evolution of Q  values calculated from the experimental data by 

substituting the values of n  at each deformation temperature and S  at each strain rate into 

Eq. (8). It can be seen that the activation energy for hot deformation tends to decrease with 

increasing temperature and strain rate. The activation energy reached 500 kJ/mol under the 

most severe condition (573 K and 0.001 s−1) and declined by 84% (81 kJ/mol) under the 

(a)	   (b)	  
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easiest condition (723 K and 10 s−1). Interestingly, if the average value of Q  is calculated at 

all deformation conditions, it is equal to 227 kJ/mol, which is the same value as that derived 

from the original Sellars’ equation (in Table. 7.2). However, the results in Fig. 7.6(a) indicate 

that as the hot deformation varies over a wide range of temperature and strain rate, so also do 

the values of the activation energy for hot deformation. It is evident that the activation energy 

for hot deformation is quite sensitive to the deformation conditions, and plastic deformation 

occurs more easily as the temperature and strain rate increase. Furthermore, the predicted 

values of Q  derived from Eq. (7.10) are shown in Fig. 7.6(b), which demonstrate excellent 

agreement with those obtained from the experimental data (Fig. 7.6(a)). 

  
Fig. 7.6 The evolution of Q value (kJ/mol) as a function of deformation temperature and 
strain rate: (a) experimental results; (b) predicted results. 

Determination of ),( ε!TA  

The values of ]),(),([ln
RT
TQTA ε

ε
!

! −  at different deformation temperatures can be 

(a)	   (b)	  
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determined from the intercepts of the ε!ln - )]ln[sinh( pασ  plots according to Eq. (7.5), as 

illustrated in Fig. 7.4(a). Subsequent substitution of Q 	   and the Aln  at each deformation 

temperature and strain rate can be obtained, and the results are shown in Fig. 7.7. It is found 

that the value of Aln  decreases with increasing temperature and strain rate. Because the 

term ]),(),([ln
RT
TQTA ε

ε
!

! −  is equal to a constant at each temperature, the relation of Aln 	  

to temperature and strain rate is expected to be similar to that of ),( ε!TQ . By regression 

fitting, a good polynomial relationship between Aln 	   and T , ε! , is calculated in Eq. (7.11) 

with a coefficient of 992.02 =R .  

22 )(ln4381.1)(ln3661.18)(ln002.0)(ln023.0163.0774.133),(ln εεεεε !!!!! +−−+−= TTTTA   

(7.11) 

 

 
Fig. 7.7 The evolution of Aln  (s-1) as a function of strain rate and deformation 
temperature. 
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Verification of the revised constitutive equation  

Based on the analysis above, it is apparent that there are relatively good linear or 

polynomial relationships among the material variables, n , A , the activation energy Q  and 

thermomechanical factors, T  and ε! . Therefore, a revised Sellars’ constitutive equation to 

evaluate the hot deformation of the 7150 aluminum alloy can be expressed as, 

n
p A

RT
Q

/11 ]
)exp(

[sinh1 ε

α
σ

!
−=  

011.0=α  

Tn 0423.0-688.34=                                                    (7.12) 

22 )(ln289.6)(ln319.80)(ln008.0)(ln0981.0973.0986.797 εεεε !!!! +−−+−= TTTQ  

22 )(ln4381.1)(ln3661.18)(ln002.0)(ln023.0163.0774.133ln εεεε !!!! +−−+−= TTTA  

It is noteworthy that, according to Eq. (7.12), the values of the P  term in Eq. (7.7) can 

be obtained at different deformation conditions. The ratios of the P  value to the Q  value 

are determined to lie between 0.0078 and 0.0562, which are quite small. Therefore, it is 

reasonable to simplify Eq. (7.6) by neglecting the P  term for convenient calculation of the 

Q value.  

Furthermore, to verify the validity of the revised constitutive equation for prediction of 

the deformation behavior of the 7150 aluminum alloy at elevated temperatures (Eq. (7.12)), 

the measured and predicted values of the peak stresses are plotted in Fig. 7.8 as a function of 
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deformation temperature and strain rate. As demonstrated, there is excellent agreement 

between the experimental and predicted results. 

  
Fig. 7.8 The evolution of peak stresses (MPa) as a function of strain rate and 
deformation temperature: (a) experimental results; (b) predicted results. 

In addition, for better comparison, the error between the predicted peak flow stress ( pσ ) 

and the measured stress ( Mσ ) can be expressed as [11, 29], 

100% ×
−

=
M

Mperror
σ

σσ
                     (7.13)

 

The mean error under the deformation conditions studied is determined to be 3.41%, 

which shows good agreement between the predicted and measured peak stresses. Therefore, 

the revised constitutive equations reflects an excellent prediction of the deformation behavior 

for 7150 aluminum alloys at elevated temperatures and can be used to analyze the problems 

during hot working process. 

(a)	   (b)	  
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7.4 Discussion  

A revised Sellars’ constitutive equation was proposed after considering the effects of 

thermomechanical factors on the hot deformation of materials in which the material variables, 

n , A  and the activation energy for hot deformation Q , depend on the deformation 

temperature and the strain rate. The results show that the activation energy decreases with 

increasing deformation temperature and with increasing strain rate. This is closely correlated 

with the thermodynamic mechanism of dislocation movement. Plastic deformation in 

aluminum alloys mainly occurs as a result of dislocation slipping on slip planes [2, 27 ,28]. 

Dislocations can move randomly when the energy barrier, i.e., an activation energy, is 

overcome, which is a thermally activated process [14]. Furthermore, dislocations can move 

when an external shear stress is applied in the direction of slip on the slip plane, which must 

exceed a minimum stress, the Peierls-Nabarro stress [28]; the energy barrier can also be 

overcome for dislocations that are free to move. [28].  

Thermal activation, which favors overcoming the energy barrier to dislocation motion, 

increases with increasing deformation temperature [14], while the activation energy does not 

change. However, the level of dynamic restoration is improved with increasing temperature, 

such that the dislocation density is reduced to facilitate further dislocation motion [2, 20]. 

Hence, increasing the deformation temperature could substantially reduce the resistance to 

dislocation slipping and, thus, decrease the activation energy for hot deformation. 

On the other hand, the applied external force increases with increasing strain rate, thus 
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leading to an augmented shear stress to activate the motion of dislocations [14, 28], while the 

thermal energy needed to overcome the energy barrier is reduced. In addition, the dislocation 

multiplication rate increases with increasing strain rate, thereby resulting in an increase in the 

rate of dynamic restoration, which facilitates further movement of dislocations [2, 20, 28]. 

However, increasing the strain rate might induce more tangled dislocation structures as 

barriers to dislocation movement [2] and might decrease the level of dynamic restoration due 

to the relatively lesser amount of time for dislocation polygonization. Therefore, the 

influence of the first two aspects is expected to decrease the activation energy of dislocation 

movement and favors plastic deformation, whereas the effect of the last aspect increases the 

activation energy and the difficulty of the plastic deformation. The experimental results 

suggest that the first two effects are predominant during the hot deformation process and 

result in a decrease in activation energy with increasing strain rate. 

The evolution of the activation energy for hot deformation indicates that the processing of 

deformation depends on the thermal activation, which is substantially influenced by 

deformation temperature and strain rate. Understanding the thermomechanical dependency of 

the activation energy could help to reveal more details of hot deformation and of 

corresponding microstructural changes under various deformation conditions, which could 

not be addressed solely based on a constant value of the activation energy. Furthermore, the 

revised Sellars’ constitutive equation allows for excellent predictions of the deformation 

behavior for 7150 aluminum alloys at elevated temperatures. The predicted peak flow 
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stresses at different deformation temperatures and strain rates agree well with experimental 

data, and the solved constitutive equation can be used to analyze problems encountered 

during hot working processes. 

7.5 Conclusions  

1. Both the peak stress and flow stress decreased with increasing deformation temperature 

and decreasing strain rate. The peak stress of 7150 aluminum alloy (Zr free) varied from 

the highest value of 189 MPa at 573 K with a strain rate of 10 s-1 to the lowest value of 

18 MPa at 723 K with a strain rate of 0.001 s-1. 

2. The deformed 7150 alloy exhibited a recovered grain structure during the hot 

compression process; the softening mechanism of the homogenized 7150 aluminum 

alloy during hot compression is mainly dynamic recovery. 

3. The activation energy for hot deformation is a function of the deformation conditions, 

and it decreased with increasing temperature and increasing strain rate. The activation 

energy for the 7150 aluminum alloy reached 500 kJ/mol under the severest deformation 

condition (573 K and 0.001 s−1) and decreased to 81 kJ/mol under the easiest condition 

(723 K and 10 s−1). 

4. The revised Sellars’ constitutive equation provides excellent predictions of the 

deformation behavior of 7150 aluminum alloys at elevated temperatures.  
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Chapter VIII General Conclusions and Recommendations 
	  

8.1 General Conclusions 

The hot deformation behavior of 7150 aluminum alloy (Zr free) is systematically 

investigated at temperatures of 300 to 450 °C and strain rates of 0.001 to 10 s-1. A decline 

ratio map of flow stresses is developed and further divided into several deformation domains, 

in which the flow stress behavior is correlated with various dynamic softening mechanisms at 

different deformation conditions.  

When micro-alloyed with Zr, no significant variation in peak flow stress or hot 

deformation activation energy occurs between the 7150 base alloy and the alloy with 0.04 wt% 

Zr. As the added Zr increases from 0.07 to 0.19 wt%, the peak flow stress and activation 

energy increased significantly. The level of dynamic recovery was decreased after alloying 

with Zr, which was associated with a decrease in the mean misorientation angle of 

boundaries and a reduction in subgrain size. The addition of Zr promoted the retardation of 

dynamic recovery and the inhibition of dynamic recrystallization due to the pinning effect of 

Al3Zr dispersoids on dislocation motion and due to restrained dynamic restoration.  

When V was added, the peak flow stresses of the 7150 alloy significantly increased. The 

alloys containing 0.03-0.05 wt% V displayed higher values of peak stresses than the alloys 

containing 0.11-0.19 wt% V at low temperatures of 300-350 °C, whereas they displayed 

comparable values at high temperatures of 400-450 °C. The hot deformation activation 
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energy increased from 229 kJ/mol for the base alloy to approximately 270 kJ/mol for the 

alloys containing 0.03-0.05 wt% V. With a further increase in V content up to 0.19 wt%, the 

activation energy returned to approximately 250 kJ/mol. The vanadium-solute diffusion acted 

as the deformation rate-controlling mechanism for the alloys containing up to 0.05 wt% V. 

The precipitation of Al21V2 dispersoids in the alloys containing 0.11 to 0.19 wt% V promoted 

the retardation of dynamic recovery and the inhibition of dynamic recrystallization.  

The precipitation of Al3Zr dispersoids with an average diameter of ~15 nm and Al21V2 

dispersoids with an average size of ~50 nm in 7150 alloys with 0.12 to 0.19 wt% Zr and 0.11 

to 0.19 wt% V were observed during homogenization at 465 °C for 24 h respectively. Both 

dispersoids were mainly distributed in supersaturated dendrite cells, whereas the 

precipitate-free zones were located in the interdendritic regions and near grain boundaries. 

Zirconium solute in the alloy containing 0.04 wt% Zr has a lower diffusion activation energy 

and higher diffusivity than does the vanadium solute in aluminum, resulting in a weaker 

solute strengthening relative to the alloys containing V in solution (0.03-0.05 wt% V).  

The processing map of the 7150 base alloy exhibits a single domain (Domain I), 

associated with dynamic recovery and partially dynamic recrystallization. With increasing Zr 

and V additions, Domain I shrinks towards higher temperatures and higher strain rates with 

decreases in efficiency of power dissipation. When the added Zr and V contents reach 0.15 

wt%, another domain (Domain II) is formed, corresponding to the cavity formation in 

microstructure. The flow instability during hot deformation of 7150 alloys is attributed to the 
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formation of adiabatic shear bands and deformation bands. The instability region extends 

toward lower strain rates when alloyed with Zr and V. The optimum hot-working parameters 

for those alloys are determined to be the deformation temperature of 450 °C and strain rate of 

0.01 s-1. 

A revised Sellars’ constitutive equation was proposed, which provided an accurate 

estimate of the hot deformation behavior of the 7150 aluminum alloy. The activation energy 

for the hot deformation is not a constant value but rather varies as a function of the 

deformation conditions. The activation energy for hot deformation decreased with increasing 

deformation temperature and with increasing strain rate.  

8.2 Recommendations 

The effect of Zr and V addition on hot deformation and microstructural evolution of the 

7150 aluminum alloy were systematically investigated. Furthermore, the influence of Zr and 

V addition on the hot workability of the 7150 aluminum alloy were investigated using 

processing map. Based on the present study, following recommendations can be drawn for 

future work in this field: 

• Dynamic precipitation behavior during hot deformation of 7150 aluminum alloy 

should be quantitatively studied to further understand the relationship between the 

evolution of flow stress and dynamic precipitation under different deformation 

conditions. 
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• The precipitation evolution of Al21V2 dispersoids in the aluminum alloy should be 

systematically investigated under different isothermal or isochronal aging schedules.  

• The effects of grain refinement and multiple microalloying in 7150 aluminum alloy on 

microstructure, hot deformation behavior and mechanical property are suggested to 

study.  

• Hot extrusion process can be designed by finite element modeling, and then be 

validated by simulated hot compression tests at different deformation conditions, in 

order to control the microstructure during hot extrusion process. 


