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RESUME

Les alliages aluminium-silicium, particuliérement a la composition eutectique, sont souvent
employés dans 1'industrie de 1’automobile en raison de leur de faible densité relative a des
matériaux traditionnels. Les propriétés mécaniques de tels alliages sont déterminées
principalement par les constituants microstructuraux de leur structure aprés la coulée, les
morphologies et les quantités de leurs phases intermétalliques. Dans 1'état non modifié, les
alliages Al-Si montrent un silicium eutectique ayant une forme aciculaire ou lamellaire, de
ce fait, ces alliages ont tendance & montrer de faibles résistance et ductilité. Ainsi, les
alliages avec une structure principalement eutectique doivent subir la modification afin
d'assurer des propriétés mécaniques adéquates. La qualité de du produit coulé peut étre
améliorée par affinement des grains, ceci permet de réduire la taille des grains primaires de
la phase oraluminium qui solidifie autrement dans une structure de grain grossiére. La
production des alliages Al-Si avec une structure et des propriétés mécaniques améliorées
implique 'application de deux processus principaux : (i) addition de tels éléments d'alliage
comme Mg, Cu, Mn, et autres ¢léments semblables, pendant 1’état liquide; et (ii) traitement
thermique. Les €léments de microalliage ou éléments de trace utilisés dans les alliages
commerciaux d'aluminium sont de 0.5 & 1.0 % en poids de Pb, Bi, Sn et In, qui ont peu ou
pas de solubilité en aluminium, c.-a-d. ils ont des coefficients de distribution extrémement
bas.

L'influence du fer (0.5-1 % en poids), du manganése (0.5-1 % en poids), du cuivre (2.25-
3.25 % en poids), et du magnésium (0.3-0.5 % en poids), aussi bien que celle des éléments
Pb, Bi, Sn, et In, sur la microstructure et les propriétés mécaniques de 1’alliage
préeutectique Al-10.8%S1 modifié et raffiné a été étudiée dans deux conditions, a savoir, tel
que coulé et application d’un traitement thermique. Les alliages en fusion ont été versés
dans (a) un moule métallique graphite-enduit rectangulaire de forme L préchauffé a 450 °C
pour des mesures métallographiques et de dureté ; et (b) un moule permanent de type
ASTM B-108 et (c) un moule d'essai au choc d'acier doux pour produire les échantillons du
test nécessaire. L'évaluation microstructurale a été effectuée en utilisant la microscopie
optique en méme temps que l'analyse d'image pour la quantification. L'identification de
phase a été effectuée en utilisant la microsonde électronique (EPMA), couplé aux
équipements d'EDX et de WDS. Les barreaux d'essai ont été divisés en sept jeux : un
ensemble a ét¢ gardé dans la condition de tel que coulé, alors que les six autres ensembles
étaient traités thermiquement, une mise en solution a 495°C pour 8 h, puis une trempe dans
I'eau chaude 4 65°C, suivi d’un vieillissement artificiel & 155 °C, 180 °C, 200 °C, 220 °C, et
240°C, respectivement, pendant 5 heures (c.-a-d. les traitements T6 et T7). Les propriétés
mécaniques ont été évaluées a la température ambiante par la dureté, les propriétés de
traction et d'impact pour les deux conditions, tel que coulé et application du traitement
thermique. Les mesures de dureté ont été effectuées en utilisant un appareil de contrdle
brinell de dureté. Des propriétés de traction ont été déterminées a l'aide d'une machine
d'essai mécanique de Servohydraulic MTS. Les propriétés d'impact ont été évaluées a 'aide
d'une machine de test d'impact Charpy.
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En matiére de l'addition des éléments d'alliage, les résultats prouvent que l'effet de
modification du Sr diminue a mesure que la quantité de cuivre et de magnésium
supplémentaires est augmentée, en raison des interactions entre ces éléments, ce qui cause
une ségrégation grave des phases d'Al,Cu dans les secteurs loin du silicium eutectique
modifié et change la séquence de précipitation de la phase o-Al;s(Fe,Mn);Si, d'une réaction
post-dendritique a pré-dendritique ou l'intermétallique est observé pour se produire dans les
dendrites d'a-Al. Dépendant de la teneur en Fe et en Mn dans l'alliage, une grande variation
dans la phase o est observée sous forme de particules formées polyhédrales connues sous le
nom de « sludge ». La phase d'Al,Cu est vue pour se dissoudre presque totalement pendant
le traitement thermique de mise en solution, alors que les phases AlsCu,MgsSis et les
phases intermétalliques du fer o~Al;s(Fe,Mn);Si, s'aveérent pour persister pour tous les
alliages étudiés, particuliérement ceux qui contiennent les niveaux élevés du Mg et du Fe.
La phase intermétallique de fer de B-Als(Fe,Mn);Si se dissout partiellement dans les
alliages modifiés par le Sr, et sa dissolution devient plus prononcée aprés traitement
thermique de mise en solution.

Pour les alliages soumis & un traitement thermique, un vieillissement maximal est réalisé a
180 °C, bien que lindex de la plus haute qualité corresponde & la température du
vieillissement 155 °C, et ce est pour tous les alliages étudiés. En conséquence, 155 °C peut
étre considéré comme traitement de vieillissement optimal. A 0.5% Mn, la phase B-Fe
forme quand le contenu de Fe est au-dessus de 0.75%, entrainant une diminution massive
au niveau des propriétés mécaniques. Le méme résultat est obtenu quand les niveaux du Fe
et du Mn sont augmentés au deld de 0.75%, en raison de la formation du résidu « sludge ».
D'autre part, les propri¢tés mécaniques des alliages contenant du cuivre sont affectées
légérement aux niveaux élevés du magnésium en raison de la formation de la phase
AlsCuMgsSis qui diminue la quantité de magnésium libre disponible pour former la phase
d'Al,CuMg. Le contour courbé de la corrélation entre 'UTS (limite ultime) et I'allongement
observé pour tous les alliages soumis au vieillissement refléte la transition d'une forte
corrélation dans les conditions sous-vieillissement et vieillissement maximal liée a la faible
corrélation associée avec la condition de survieillissement. L'énergie d'impact de Charpy de
l'alliage Al-10.8%Si est influencée par sa microstructure qui dépend fortement de la
composition d’alliage. La morphologie du silicium fibreux en alliages modifiés par le Sr
augmente la dureté en raison de son effet fondamental sur le déclenchement des fissures et
la résistance de propagation de fissure. Dans les alliages contenant ~1% de fer et 1% ou
0.5% Mn, I'addition du fer méne a une plus grande précipitation du résidu et des plaquettes
B-Fe, respectivement; ces particules intermétalliques agissent en tant qu'emplacements de
déclenchement de fissures et réduisent les propriétés d'impact considérablement. Dans les
alliages contenant des niveaux élevés en cuivre, le niveau de Cu accru abaisse les propriétés
d'impact de maniere significative, puisque le comportement de rupture est maintenant
également influencé par la phase d'ALCu en plus des particules de silicium.
Indépendamment de la composition d’alliage, le tracé combiné de ’énergie d’impact et le
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pourcentage d'élongation montre des relations linéaires pour tous les alliages, que ce soit
dans la condition tel que coulé ou traité thermiquement.

Des modéles de régression multiples ont été développés afin de prévoir l'influence des
variations compositionnelles sur les propriétés mécaniques (L.U, L.E, %A, et Er) de
I'alliage Al-10.8%Si soumis a un traitement T6. Ces équations, sous forme de formules
d'interpolation, fournissent des informations sur I’effet conjugué aussi bien que sur les
effets conjugués de changer individuellement les additions d'élément d'alliage faites a
l'alliage. Les équations montrent que 1’augmentation de la teneur de Cu, de Mn et de Mg
résulte de Paugmentation de la dureté et de la résistance a la traction. Le cuivre apporte la
contribution la plus élevée de chacun des trois éléments a la résistance pour la gamme de
composition étudiée, alors que le fer a des effets délétéres sur les propriétés mécaniques de
l'alliage. Chacun des quatre éléments réduit 1'élongation et la dureté, avec du Cu ayant
l'effet le plus intense. L'analyse détaillée indique que l'interaction des coefficients ne
semble pas contribuer de manicre significative aux propriétés mécaniques des alliages.
L'exactitude des équations a été vérifiée contre les résultats expérimentaux dans les
gammes de la variation des variables étudiées. Ces équations peuvent étre employées pour
prévoir les propriétés d'alliage dans ces marges de variation.

En ce qui concerne l'addition des éléments de trace, les résultats prouvent que l'addition
individuelle du Pb n'a aucun effet significatif sur la microstructure et les propriétés
mécaniques de l’alliage Al1-10.8%Si dans les deux conditions, tel que coulé et traité
thermiquement. L'addition du Bi contrecarre I'effet de modification du Sr, menant & un
grossissement notable des particules eutectiques de silicium, tandis que des précipités en
étain comme P-Sn sont observés dans le réseau d'ALCu quand 1’étain est ajouté
individuellement & 1'alliage. Une addition combinée de Pb et le Bi a I’alliage Al-10.8%Si
entraine une précipitation en tant que des cristaux primaires de Bi enveloppés par la phase
PbsBi et fournit de meilleures propriétés mécaniques dans 1’alliage tel que coulé et vieilli
artificiellement que 'addition combinée du Bi et du Sn.

Une étude séparée a été effectuée sur les alliages B319.2 et A356.2 modifiés et affinés afin
d'étudier Veffet de ’ajout de Sn en faibles quantités (moins de 0.15 % en poids) sur la
microstructure, et par conséquent sur la performance d'alliage sous différentes conditions
de traitement thermique (T5 et T6), aussi bien que dans la condition de tel que coulé. Les
barres d'essai ont été€ divisées en trois jeux : un ensemble a été maintenu dans la condition
tel que coulé, le deuxiéme ensemble était soumis a un traitement thermique de mise en
solution & 495 °C/8 h pour les alliages B319.2 et a 540 °C/8 h pour les alliages A356.2, puis
les alliages ont été trempés dans 1'eau chaude a 65 °C, suivi d’un vieillissement artificiel a
180 °C pendant 5 heures (c.-a-d. traitement thermique T6). Le troisiéme ensemble était
soumis & un traitement thermique de type TS & 175 °C pendant 10 heures. Les résultats
expérimentaux prouvent que, dans ’alliage B319.2 l'alliage, les précipités de Sn sont de
forme de particules de Sn (B-Sn) dans le réseau d'Al,Cu, et ils sont comme des particules
minuscules (300 ~ 500 nm) de type Mg,Sn sur les particules eutectiques de silicium.
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Cependant, dans Palliage A356.2, Sa précipite principalement comme Mg,Sn sous la
forme d’écriture chinoise. La ductilité et la dureté des alliages B319.2 et A356 tel que
coulés sont sensibles aux variations du contenu de Sn, alors que la limite d’élasticité
demeure pratiquement inchangée. La ductilité et la dureté plus élevées des alliages
contenants du Sn dans la condition tel que coulé peuvent étre attribuées principalement a
I'état de contrainte-tension dans la matrice associée & la finesse des phases de Sn. Il peut
étre également observé que la dureté et la résistance des alliages B319.2 et A356.2 tel que
coulé et soumis a un traitement thermique sont réduites 1égerement par Sn, un fait qu’on
pense qui est dii au ramollissement des phases en étain.



ABSTRACT

Aluminum-silicon alloys, especially at the eutectic composition, are being used with
increasing frequency in the automotive industry because of their low density relative to
traditional materials. The mechanical properties of such alloys are determined mainly by
the microstructural constituents of their cast structure and the morphologies and amounts of
their intermetallic phases. In the unmodified state, Al-Si alloys exhibit an acicular or a
lamellar form of eutectic silicon, due to which the alloys tend to display low strength and
ductility. Thus, alloys with a predominantly eutectic structure must undergo modification in
order to ensure adequate mechanical properties. The casting quality may be improved by
grain refinement to reduce the size of the primary o-Al grains in the casting, which
otherwise solidify in a coarse columnar grain structure. The production of Al-Si alloys with
improved structure and mechanical properties involves the application of two major
processes: (i) addition of such alloying elements as Mg, Cu, Mn, and the like, during the
melting process; and (ii) heat-treatment. The microalloying, or trace, elements used in
commercial Al alloys are 0.5 to 1.0 wt% Pb, Bi, Sn and In, which have little or no solubility
in Al, i.e. they have extremely low distribution coefficients.

The influence of iron (0.5-1 wt%), Mn (0.5-1 wt%), Cu (2.25-3.25 wt%), and Mg (0.3-0.5
wt%) as well as of the trace elements Pb, Bi, Sn, and In, on the microstructure and
mechanical properties of modified and grain-refined Al-10.8%Si near-eutectic alloy was
investigated in both as-cast and heat-treated conditions. The alloy melts were poured into
(a) a preheated (450°C) L-shaped rectangular graphite-coated metallic mold for
metallographic and hardness measurements; and (b) an ASTM B-108 permanent mold and
(c) a mild steel impact test mold to produce the necessary test samples. Microstructural
assessment was carried out using optical microscopy in conjunction with image analysis for
quantification purposes. Phase identification was carried out using an electron probe
microanalyser (EPMA), coupled with EDX and WDS facilities. The test bars were divided
into seven sets: one set was kept in the as-cast condition, while the other six sets were
solution heat-treated at 495°C for 8 h, then quenched in warm water at 65°C, followed by
artificial aging at 155°, 180°, 200°, 220°, and 240°C, respectively, for 5 hours (i.e. T6 and
T7-tempered). Mechanical properties were evaluated at room temperature through
hardness, tensile and impact properties for both as-cast and heat treated conditions. The
hardness measurements were carried out using a Brinell hardness tester. Tensile properties
were determined using a Servohydraulic MTS Mechanical testing machine. The impact
properties were assessed using a Charpy instrumented impact testing machine.

In the matter of the addition of alloying elements, the results show that the modifying effect
of Sr diminishes as the amount of added Cu and Mg is increased, due to the interactions
between these elements, causes severe segregation of the Al,Cu phases in areas away from
the modified eutectic Si and alters the precipitation sequence of the a-Al;s(Fe,Mn);Si; iron
intermetallic phase from a post-dendritic reaction to a pre-dendritic one where the
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intermetallic is observed to occur within the a-Al dendrites. Depending upon the Fe and
Mn content of the alloy, a coarser variation of the a-phase is observed in the form of
polyhedral shaped particles known as “siudge”. The Al,Cu phase is seen to dissolve almost
completely during solution heat treatment, while AlsCu,MgsSis, sludge, and «-
Al>(Fe,Mn);Si, iron intermetallic phases are found to persist for all the alloys studied,
especially those containing high levels of Mg and Fe. The B-Als(Fe,Mn)Si iron
intermetallic phase dissolves partially in the Sr-modified alloys, and its dissolution
becomes more pronounced after solution heat treatment.

For the heat-treated alloys, peak aging is achieved at 180°C, although the highest quality
index corresponds to 155°C aging temperature, for all the alloys investigated. Accordingly,
155°C may be considered as the optimal aging treatment. At 0.5% Mn, the B-Fe phase
forms when the Fe content is above 0.75%, causing the mechanical properties to decrease
drastically. The same result is obtained when the levels of both Fe and Mn are increased
beyond 0.75%, due to the formation of sludge. On the other hand, the mechanical
properties of the Cu-containing alloys are affected slightly at high levels of Mg as a result
of the formation of AlsCu,MgsSic which decreases the amount of free Mg available to form
the ALL,CuMg phase. The curved contour of the correlation between UTS and elongation
observed for all aged alloys reflects the transition from a strong correlation in the
underaged and peak-aged conditions to the weak correlation associated with the overaged
condition. The Charpy impact energy of Al-10.8%Si alloy is influenced by its
microstructure which depends strongly on alloy composition. The morphology of fibrous Si
in Sr-modified alloys enhances toughness because of its underlying effect on crack
initiation and crack propagation resistance. In alloys containing ~1% Fe and 1% or 0.5%
Mn, the addition of iron leads to an increased precipitation of sludge and -Fe platelets,
respectively; these intermetallic particles act as crack initiation sites and reduce the impact
properties considerably. In alloys containing high levels of copper, the increased copper
level lowers the impact properties significantly, since the fracture behaviour is now also
influenced by the Al,Cu phase in addition to the Si particles. Regardless of alloy
composition, the combined impact energy-percent elongation plots display linear
relationships for all alloys for the as-cast and heat-treated conditions.

Multiple regression models were developed in order to predict the influence of
compositional variations on the mechanical properties (UTS, YS, %El, and Er) of T6-aged
Al-10.8%Si alloy. These equations, in the form of interpolation formulae, provide
information on the non-conjugated as well as conjugated effects of individually varying the
alloying element additions made to the alloy. The equations show that increasing the
content of Cu, Mn, and Mg results in an increase in hardness and tensile strength. Copper
makes the highest contribution of all three elements to the strength for the composition
range studied, while Fe has deleterious effects on the mechanical properties of the alloy. All
four elements reduce the elongation and toughness, with Cu having the most intense effect.
Detailed analysis indicates that the interaction of coefficients does not appear to contribute
significantly to the mechanical properties of the alloys. The accuracy of the equations has
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been verified against the experimental results in the ranges of variation of the variables

studied. These equations may be used to predict the alloy properties within these ranges of
variation.

As regards the addition of trace elements, the results show that individual addition of Pb
has no significant effect on the microstructure and mechanical properties of Al-10.8%Si
alloy in both as-cast and heat-treated conditions. The addition of Bi counteracts the
modification effect of Sr, leading to a noticeable coarsening of the eutectic Si particles,
whereas tin precipitates as $-Sn within the Al,Cu network when added individually to the
alloy. A combined addition of Pb and Bi to the Al-10.8%Si alloy precipitates as primary Bi
crystals enveloped by the Pb;Bi phase and provides better mechanical properties in the as-
cast and artificially-aged conditions than does the combined addition of Bi and Sn.

In the context of this research study, where the main focus has been the development of the
Al-10.8%Si alloys with a view to optimizing their machining characteristics and, hence,
productivity, it was also thought worthwhile to investigate the microstructure and
mechanical properties of the B319.2 and A356.2 alloys from this point of view. For this
purpose, an examination of the microstructures of these alloys was thus undertaken after
minor amounts of Sn had been added. The study was carried out on modified and grain-
refined B319.2 and A356.2 alloys in order to investigate the effect that adding Sn in
minimal amounts (less than 0.15 wt%) would have on the microstructure, and hence on the
alloy performance under different heat treatment conditions (TS5 and T6), as well as in the
as-cast condition. The test bars were divided into three sets: one set was kept in the as-cast
condition, the second set was solution heat-treated at 495°C/8 h for the B319.2 alloys and at
540°C/8 h for the A356.2 alloys, then quenched in warm water at 65°C, followed by
artificial aging at 180°C for 5 hours (i.e. T6-tempered). The third set was T5 heat-treated at
175°C for 10 hours. Experimental results show that, in the B319.2 alloy, Sn precipitates in
the form of tin particles (B-Sn) within the Al,Cu network, and as miniscule (300-500 nm)
Mg,Sn particles on the eutectic Si particles. However, in A356.2 alloy, Sn precipitates
mainly as Mg,Sn in Chinese script form. Both the ductility and the toughness of as-cast
B319.2 and A356.2 alloys are sensitive to variations in Sn content, while the yield strength
remains practically unaffected. The higher ductility and toughness of Sn-containing alloys
in the as-cast condition may be attributed mainly to the stress-strain state in the matrix
material associated with the fineness of Sn-bearing phases. It may also be observed that the
hardness and the strength of as-cast and heat-treated B319.2 and A356.2 alloys is reduced
slightly by Sn, a fact which is believed to be due to softening of the tin-bearing phases.
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CHAPTER 1

DEFINITION OF THE PROBLEM

1.1 INTRODUCTION

Weight reduction in the manufacture of automobiles and trucks has become a key
focus area because of the need to meet increased customer expectations for vehicle safety
and performance while at the same time complying with regulations on fuel economy. This
requirement has caused a decrease in the quantity of ferrous-based components in modern
cars. These parts have been replaced to a great extent by light metals, most commonly by
aluminum and plastics. Economic restrictions within the auto industry itself necessitate this
type of replacement with a view to cost effectiveness. Aluminum alloys possess numerous
technical advantages which make them one of the most useful alloy systems available.
Such alloys may be separated into two major classes: cast alloys and wrought alloys. Cast-
aluminum alloys are produced in hundreds of compositions by all commercially applied
casting processes, including green-sand, dry-sand, composite-sand, plaster-moid,
investment, permanent-mold and pressure-die casting. As cast alloys are poured into their
final shape, they may be strengthened by heat-treatment but not by work-hardening. Cast
aluminum has several advantages over cast iron, including increased thermal conductivity,
an ability to be cast into more complex shapes, and lower density. Wrought alloys differ
from cast alloys in that they can be shaped by deformation.

To date, cast aluminum components have been used primarily for engine parts,

including blocks, cylinder heads, pistons, intake manifolds, brackets, and housings. With



the increase in the demand for reduced weight and lower mass, however, strong interest has
been generated in using cast aluminum for chassis and suspension systems.' Aluminum in
its pure form is not a metal that has good castability due to its poor fluid characteristics;
alloying elements are thus usually added to overcome the problem and also to improve the
mechanical properties of the castings. Since aluminum-silicon (Al-Si) alloys offer excellent
casting characteristics as well as chemical, physical and mechanical properties, they
constitute more than 80% of all aluminum alloy castings. The most significant use of these
alloys is in the production of such automotive components as were listed previously, as
well as in aeronautical and military applications. The mechanical properties of aluminum-
silicon alloys, however, are different from those of cast iron and steel. Such a context
creates a compelling need for detailed information on how the mechanical properties of
aluminum alloys are affected by the processing parameters involved in casting. This
information is especially pertinent with regard to the presence of microstructural features
such as intermetallic phases and porosity, since such features can strongly affect the
properties of the casting. In addition to reducing the amount of material capable of carrying
the applied loads, these features often act as stress raisers and low-energy nucleation sites
for cracks. As the majority of cast components have complex geometries, a variety of
microstructures may arise within a single casting. Considering that mechanical properties
are a function of the microstructure, they will tend to change as the microstructure changes,
thus any study of the properties of cast aluminum must take into account all the factors
which may influence the microstructure. The most significant microstructural features

involved are second phase particles and grain structure; the second-phase particles of



concern here are: (1) coarse, insoluble particles formed during casting, or coarse particles of
normally soluble phases formed during casting or subsequent processing; (ii) smaller
intermediate particles formed during homogenization; and (iii) aging precipitates.

In the present study, Al-Si-Cu (319 alloys) and Al-Si-Mg (356 alloys) hypoeutectic,
and Al-Si-Cu-Mg-Fe-Mn (an experimental Al-10.8%Si alloy) near-eutectic type cast Al-Si
alloys were selected for investigation because of the high demand for these alloys in
manufacturing structural components for the automotive industry, the largest consumer of
Al-Si cast alloys.

Much attention has been turned towards near-eutectic Al-Si alloys because of their
excellent castability. Strength and malleability are important reasons for increasing the
practical application of this alloy system.”? The addition of certain elements, such as calcium
(Ca), antimony (Sb), sodium (Na), and strontium (Sr), to hypoeutectic and near-eutectic Al-
Si alloys has the effect of altering or modifying the morphology of eutectic silicon from
acicular plate-like form to fibrous form. This change in Si morphology enhances the
mechanical properties of the alloy and, in particular, its ductility.? In recent years, the use of
strontium as a modifier, instead of sodium and antimony, has become a widely accepted
practice, although strontium has been reported to have an incubation-time problem.*>® It is
worth noting, however, that at the same time when eutectic silicon particles change from
acicular to fibrous, the amount, morphology and size of the dendritic a-Al phase are also
affected. It was thought, in error, that it was enough to only modify the eutectic silicon
phase in near-eutectic Al-Si alloys, and not necessary to refine the dendritic a-Al phase;

but, in fact, at the same time that the morphology and size of the eutectic silicon phase is



transformed by the modification treatment, considerable changes to the amount, shape, and
size of the oAl phase also occur.” Previous investigations suggest that the addition of
strontium to hypoeutectic and near-eutectic Al-Si alloys may promote the columnar growth
of the dendrites, which are present in the form of fine slender highly-branched columnar
grains; addition of Sr may also result in a noticeable increase in the amount of the dendritic
a-Al phase.”” Thus, with regard to such alloys, dendrite refinement is a necessary step. The
master alloy Al-5Ti-1B, which is an effective grain refiner for pure aluminum and wrought
aluminum alloys, is often used in Al-Si cast alloys to obtain fine equiaxed grains. Particles
of TiB; and/or TiAl; from the Al-5Ti-1B master alloy are thought to be capable of acting as
the nuclei for a-AL>'° No final conclusion has yet been reached, however, on whether the

transition of dendritic a-Al from a long columnar morphology to a fine equiaxed one
results in improved mechanical properties in near-eutectic Al-Si alloys.*

In addition, in the production of hypoeutectic and near-eutectic Al-Si alloys,
improving the quality in the form of better structure and mechanical properties involves the
application of two major processes: (1) addition of alloying elements (Mg, Cu, Mn, and so
forth) during the melting process; and (2) heat-treatment.

The percentage of alloying elements and impurities must be controlled carefully in
all aluminum alloys. If it is not, properties such as strength, toughness, or corrosion
resistance, may be affected adversely. Although certain mechanical properties may be
improved, however, it is often at the expense of other properties. For example, tensile and
yield strength can increase, although this may lead to lower elongation and fracture

toughness values; consequently, heat treatments are designed with the intention of



optimizing the properties. The main strengthening elements in Al-Si cast alloys are Cu and
Mg, where the age-hardening response is significantly influenced by a number of factors.
An increase in Cu generally reduces ductility and changes the morphology of the Cu-
containing phases, while the introduction of Mg into the alloy lowers the solidification
temperature of the Cu-rich phase and leads to the formation of AlsMgsSicCu,, as well.!! On
the other hand, the addition of Mg to Al-Si alloys also leads to the formation of the age-
hardening compound Mg,Si which increases strength and reduces ductility. The
improvement in strength values observed with added Mg-content becomes more evident
after heat treatment.

All elements which are not classified as alloying components are termed impurities,
and they have a negative effect on the castability, mechanical properties and heat treatment
of aluminum alloys. Among these elements, iron is considered to be the most deleterious
impurity element. The high difference in the solubility of iron in molten and solid
aluminum makes most of the iron appear as an intermetallic second phase. It has been
reported that increased solidification rates, strontium additions and/or the presence of such
transition elements as Mn promote the development of a more compact, less harmful a-Fe

1:~hase.12’13

Heat-treatment is of major importance since it is commonly used to alter the
mechanical properties of cast aluminum alloys. Heat-treatment improves the strength of
aluminum alloys through a process known as precipitation-hardening which occurs during
the heating and cooling of an aluminum alloy and in which precipitates are formed in the

aluminum matrix. These second-phase particles affect dislocation motion which in its turn



affects strength. The composition of a particular alloy determines the temperature of the
heat treatment applied. When an alloy is heated above the solvus temperature of the
secondary phases in the matrix, the alloying elements dissolve in the aluminum matrix to
form a solid solution. Foliowing a quench, or rapid cooling, the alloying elements
precipitate out of solution. This step, known as aging, is called natural aging when it occurs
at room temperature; an alloy can also be aged artificially at an elevated temperature in
order to increase the kinetics of the process. The three heat-treatments to be examined here
are the T35, the T6 (peak aging) and the T7 (overaging) treatments. The T7 heat-treatment is
more commonly used in the automotive industry in that it provides a dimensionally stable
microstructure; the T6 treatment, however, provides the maximum possible attainable
tensile properties.

Tensile and impact properties are two important mechanical properties used
routinely in design calculations. Both these properties are controlied by the microstructure,
as well as the formation of porosity and intermetallics. In general, the relation between
porosity and any of the mechanical properties is non-linear.* The shape of the non-linear
graphs gives an indication of the pronounced influence of porosity on ail the properties.
Among the properties measured, ultimate tensile strength (UTS) appears to be the one most
affected by porosity, followed by yield strength (YS) and then percentage elongation. An
increase in the volume fraction and size of intermetallics also lead to a decrease in tensile
and impact properties.

As machining is an important part of the production process, the machinability of

cast components has been extensively studied. Chip formation is the same in most



machining processes, and it has been researched in order to determine closed-form
solutions for speeds, feeds, and other parameters which have, in the past, been determined
intuitively by the machinist.

The process of chip formation may be improved either by controlling the matrix
properties or through the addition of low melting-point elements to the alloy; these include
Pb, Bi, Sn, and In, or their eutectics. If the alloy matrix is rendered brittle, chips produced
during a machining operation will be short and discontinuous. The addition of a low
melting-point metal, on the other hand, provides a different scenario. Low melting-point
additions tend to be fine and evenly dispersed throughout the alloy. The elements involved
in these additions usually have very little or no solubility in the matrix, hence, their
persistence as separate entities dispersed within it. During a typical machining operation, it
is thought that the local rise in temperature is close to, equal to, or greater than the melting
temperature of the dispersed entity. These conditions give rise to local loss of strength and
ductility accompanied by the formation of short, discontinuous chips. In this respect, Pb-Bi,
Bi-Sn, Sn, and In-Sn are suitable for forming low-melting inclusions in Al alloys.

This study will investigate the effects of the Al-insoluble elements Sn, Bi, Pb, and
In (all of which have extremely low distribution coefficients in both Al and Si) on the
microstructure and mechanical properties of an experimental Al-10.8% near-eutectic alloy,
as well as the commercial Al alloys B319.2 and A356.2. Of significant interest in this entire
context is the effect of these microalioying elements on the morphology and size of the
eutectic Si particles, and whether or not their refinement translates into an increase in

tensile strength, ductility and toughness values.



Selection of an alloy with certain specific properties is difficult since classical
methods have not led to the development of quantitative relationships between the
mechanical properties of alloys, on the one hand, and their composition or heat-treatment
parameters, on the other. Thus, if two or more variables are varied together it becomes
difficult to quantify what effect the interaction between them will have on the various
properties, because the effect of such an interaction is not evident using the classical
approach. Under these circumstances, physical metallurgists have used empirical methods
to solve these problems. Experimentation is carried out to determine the effect of the
independent variable (factor) on the dependent variable (response} and a relation between
them is then illustrated by means of a regression model using the experimental data.
Statistical design of experiments (DOE) is a widely-known and efficient experimentation
technique which has been applied in a wide range of fields to produce high quality

products, to implement operations more economically, and to ensure stable and reliable

1:)1'0(36385’)65.15’16

In this study, the statistical design of experiments approach has been used to
examine and control the properties and behaviour of the Al-10.8%Si near-eutectic alloy and
also to develop regression equations between the percentage composition of alloying

elements (factor) and the mechanical properties (response).

1.2 OBJECTIVES
The research thesis was designed with the aim of understanding how alloying

elements, trace elements, and heat treatment influence changes in the microstructure and,
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consequently, the performance of hypoeutectic and near-eutectic Al-Si alloys. The
importance of heat treatment lies in the fact that it is commonly used to alter the mechanical
properties of cast aluminum alloys. Thus, the objectives of the proposed research are as
follows:

1- Determine the effects of adding alloying elements, namely, Fe (0.5-1%), Mn (0.5-
1%), Cu (2.25-3.25 %) and Mg (0.3-0.5%), trace elements, namely, Pb (0.5%), Sn
(0.05-1%), Bi (0.5%), Zn (0.5%), and In (0.5%), and the relevant heat treatment
parameters (solution treatment and aging conditions) on the microstructural
characteristics, mechanical properties (hardness, tensile and impact properties), and
precipitation of intermetallic phases in as-cast hypoeutectic and near-eutectic Al-Si
alloys, with emphasis on the changes occurring in the microstructure as a result of
solution heat treatment.

2- Establish a relationship between the tensile properties and impact energy.

3- Identify and quantify the new phases observed after addition of trace elements.

4- Carry out a mathematical analysis of the tensile and impact data obtained.

A thorough understanding of all the metallurgical parameters involved in the alloys
studied would make it possible to select material and workpiece designs to obtain

optimum machining combinations critical to maximum productivity.

1.3  THESIS LAYOUT
The research associated with this thesis is presented in the next seven chapters.

These chapters are self-contained, with each chapter including a brief introduction, a review
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of the pertinent technical literature, and a summary of the chapter contents. For
completeness, the thesis contains a comprehensive literature review chapter, a thesis
summary with conclusions chapter, and a complete set of references.

Chapter One of this thesis defines the objectives of undertaking this study. Chapter
Two provides a detailed literature overview of the main aspects of modification, grain
refinement, alloying and trace elements with special discussion of their effects on the
microstructure and mechanical properties of commercial hypoeutectic and near eutectic Al-
Si alloys. Experimental procedures and testing methods are given in Chapter Three.
Analysis and discussion of experimental data results confirmed by statistical analysis are
provided in Chapters Four, Five, and Six. Finally, concluding remarks and
recommendations are presented in Chapter Seven.

The results presented in this thesis have been published in the form of several
research articles in various international journals and conference proceedings. Complete

details of these publications are provided in the Publications section on page ix.
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CHAPTER2

REVIEW OF THE LITERATURE

21 INTRODUCTION

There are numerous reasons for the continuing popularity of aluminum alloys; these
include low specific gravity, relatively low melting temperatures, negligible gas solubility
with the exception of hydrogen, and good castability. Also, such properties as excellent
strength-to-weight ratio, high thermal and electrical conductivity, good corrosion
resistance, with good machinability and surface finish are some of the further advantages of
using these alloys. The market for aluminum castings is expanding in increasingly varied
fields of application. The largest production segment is to be found in the automotive
industry with applications in the manufacture of engine blocks, cylinder heads, intake
manifolds, pistons, wheels, and so forth. With an anticipated production of 50,000 cars per
year, aluminum frame and body parts have become acceptable in mainstream
automobiles.”” Table 2.1 shows some annual numbers for aluminum consumption in

specific automotive parts.

Table 2.1 Percentage of light vehicles produced in USA with various aluminum

components18

Part 1998 2000 2006
Engine Blocks 25 % 35% 55 %
Cylinder Heads 72 % 90 % 94 %
Intake Manifolds 70 % 60 % 40 %
Wheels 45 % 60 % 70 %
Transmission Cases 92 % 95 % 95 %
Brakes, 1% 8% 15%

Suspension Parts
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According to the Aluminum Association (AA), a 10% reduction in vehicle mass
results in a 6 to 8% improvement in fuel economy. The AA also points out that 85 tec 90%
of aluminum is already being reclaimed and recycled. Using aluminum sheet 1.5 times the
thickness of steel provides 70% of the theoretical stiffness required with only 50% of the
weight. Aluminum has proven to be one of the most cost-effective substitutions for more
traditional materials like cast iron. Other areas of application include the civilian and
military aircraft industries, and those requiring a wide variety of lower quality

M 1 ;1 9k by 23
Castmgs. 8,19,20,21,22,23

2.2  ALUMINUM CASTING ALLOYS

Aluminum is relatively malleable compared to other materials, and it is well-suited
to metal-forming applications. In its pure form, however, aluminum is possessed of low
strength; for which reason it is typically alloyed with other elements for strengthening
purposes. A number of metals may be alloyed with aluminum, but only a few are used as
major alloying elements in commercial aluminum-based alloys; others are used as
supplements to alloying additions for the improvement of alloy properties and
characteristics. The effects of these alloying additives on the properties of aluminum
depend on the individual elements and the specific amounts added, as well as on their
interaction with aluminum and with each other. Major additions are primarily used for
strengthening, while other elements are used to obtain specific microstructural
characteristics which may include a finer grain size, higher critical recrystallization

temperatures, or else to block the harmful effects of certain impurities.
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Aluminum and its alloys are used in many aspects of modern life, from soda cans
and household foil to the automobiles and aircraft in which people travel. The alloying
elements in aluminum alloys may be present in the form of solid solution, dispersoids,
precipitates within the grain, or intermetallic compounds at the grain boundaries. Due to the
multiplicity of the alloying elements, many different phases precipitate during solidification
and subsequent cooling.

Depending on their method of fabrication, aluminum alloys may be divided into two
major groups: cast and wrought alloys. Cast aluminum alloys are classified on the basis of
their chemical composition; there is, however, no internationally accepted system of
nomenclature which has been adopted for identifying them. These alloys incorporate many
advantages compared to other materials and processing methods, although continuous
improvements will be necessary in the future for them to maintain their competitive
advantage.

Aluminum casting alloys are the most versatile of all common foundry alloys. For
large productions, the three main casting processes are sand casting, permanent mold
casting and high pressure die casting. Aluminum is also castable by means of the lost foam
process, as well as the plaster, centrifugal and shell mold processes. Wrought alloys differ
from cast alloys in that they can be shaped by deformation. Both aluminum cast and
wrought alloys may be separated into heat-treatable and non-heat-treatable alloys, where
the alloys are strengthened using heat treatments in the first case, and work hardening in the

second.
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23 ALUMINUM-SILICON ALLOYS

Aluminum alloys containing silicon as the major alloying element are highly
satisfactory from the point of view of castability, weldability, thermal conductivity, and
excellent corrosion resistance; in particular, they also display good retention of physical
and mechanical properties at elevated temperatures.”*?* It is for this reason that Al-Si
casting alloys have usually constituted 85 to 90% of the total of aluminum cast parts
produced.”

The Al-Si system is a simple eutectic system, even though Al-Si alloys differ from
standard eutectics. In the Al-Si system, the solid solubility of aluminum in solid silicon at
any temperature is almost nil, with the maximum value being ~ 0.17 wt%,” as per the
phase diagram shown in Figure 2.1. The maximum solubility of silicon in aluminum is 1.49
at.% at the eutectic temperature and is reduced to 0.05 at.% at 300°C and 0.01 at.% at
227°C.* There is no metastable intermetallic compound in this system. The eutectic
reaction, L = Al + Si, occurs at 577°C at a composition of about 11.8 at.% Si (12.0 wi%).
An enlarged aluminum-rich portion of Figure 2.1 is shown in Figure 2.2 from which it is
possible to conclude that there is no @ terminal solid solution phase and thus, when
considering dissolution, this secondary phase is pure silicon. Consequently, for Al-Si
alloys, the eutectic composition is a structure of & + Si rather than « + 3, where the § phase
or primary Si particles are cuboidal in form, whereas the eutectic is non-lamellar and
appears to consist of separate flakes.”> These coarse flakes of Si in the eutectic promote

brittleness within the alloys. Most of the Al-Si alloys commonly used have a near-eutectic
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composition since this gives a lower melting point and makes the alloys more economical

to cast.27
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Depending on the amount of silicon, the alloys may be divided into three groups:
hypoeutectic alloys with a Si content of 5-10%, eutectic alloys with 11-13% Si, and
hypereutectic alloys with a normal Si content of 14-20%. A wide range of commercial
compositions has thus far been developed in the Al-Si family, but the most preferred group

is that of the hypoeutectic alloys, some of which are listed in Table 2.2.

Table 2.2 Chemical composition of typical hypoeutectic Al-Si casting a110y320
AA Chemical Composition, wt%"

Alloy No.* Si Fe Cu Mg Zn other
355 5.0 <0.6 1.25 <0.5 <0.35
A355 5.0 <0.2 1.25 <0.5 <0.1
356 7.0 <0.6 <0.25 <0.35 <0.35
A356 7.0 <0.2 <0.2 <0.35 <0.1
319 5.5-6.5 1.0 3.0-4.0 0.1 1.0 0.5 Mn
B319.1 5.5-6.5 0.9 3.0-4.0 0.15-0.5 1.0 0.8 Mn
357 7.0 <0.15 <0.05 0.55 <0.05
A357 7.0 <0.20 <0.2 0.55 <0.10 0.05 Be
444 7.0 <0.6 <0.25 <1.0 <0.35
Ad444 7.0 <0.6 <0.10 <0.05 <0.10 0.05 Be

a AA: Aluminum Association
b Remainder: Aluminum and unlisted impurities

The castability of near-eutectic and eutectic Al-Si alloys is known to be better than
that of the hypoeutectic Al-Si alloys.” The applications of the near-eutectic and eutectic Al-
Si alloys, however, are not as wide as those of hypoeutectic Al-Si alloys, such as A356
alloy, because of their poor strength and ductility. Concerted efforts are being made by
researchers to improve the strength and ductility of these alloys in order to increase their
overall range of application. The mechanical properties were found to depend less on the

composition than on the distribution and shape of silicon particles. Small rounded, evenly
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distributed particles, either eutectic or primary, result in high ductility with relatively high
strength; faceted, acicular silicon crystals may produce slightly higher strengths, although

with much lower ductility, impact and fatigue resistance.”

2.3.1 Al-Si-Cu-Mg Alloy System

The 319 (Al-Si-Cu-Mg) casting alloys represent the workhorse of aluminum
foundry alloys. In this group, silicon provides good casting characteristics while copper
provides high strength and machinability at the expense of somewhat reduced ductility and
lower corrosion resistance.”® Based on the Al-Si system, the alloy contains copper and
magnesium as the main alloying elements. Its silicon content ranges from 5.5 to 6.5 wt%,
and copper content varies from 3.0 to 4.0 wt%.

Addition of Cu leads to a slight increase in alloy fluidity, and a depression in the Si
eutectic temperature of ~ 1.8°C for every 1 wt% Cu added. Also, a number of the
mechanical properties, including YS and UTS, obviously benefit from the addition of Cu as
an alloying element.” The presence of magnesium improves strain hardenability, while
also enhancing the material strength by solid solution.’® The as-cast structure of the 319
alloy includes o-Al, eutectic silicon particles, Mg,Si, Al,Cu, AlsCu,MgsSis and other
complex intermetallic compounds.”>! At ~548°C, the amount of Cu in solid solution in Al
is known to be about 5.7 wt%; this value decreases with decreasing temperatures, reaching
0.1-0.2 wt% at 250°C.%® Copper forms an intermetallic phase with Al which precipitates
during solidification either as block-like CuAl, or in its eutectic form as (Al + CuAl). In

the 319 alloys, the copper intermetallic phase precipitates in both of these forms.*
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2.3.2 Al-Si-Mg Alloy System

Another important group of alloys in the Al-Si system are Al-Si-Mg alloys, which
are hardened by Mg,Si, such as the 356 alloy. Magnesium is the basis for strength and
hardness development in heat-treated Al-Si alloys. In the heat-treated condition, the
hardening phase Mg,Si has a solubility limit corresponding to approximately 0.7% Mg.?®
Beyond this limit, no further strengthening occurs nor does matrix softening take place. At
room temperature, quantities of magnesium exceeding 0.3% Mg will be present as Mg,Si.
An increase of magnesium, within the alloy range, results in increased strength at the
expense of ductility. Magnesium also has a beneficial effect on corrosion resistance. By
including additional elements, it is possible to improve the mechanical properties of Al-Si-
Mg alloys.

With regard to these alloys, iron is considered an impurity originating in the process
of mining aluminum from the ore. It often appears in the form of AlFeSi intermetallics at
the grain boundaries, causing a severe loss of ductility in the alloy; strength may also be
noticeably affected. As a result, the iron-content is kept significantly low in premium
quality alloys which are used for aircraft and aerospace castings requiring high-grade
quality properties. Copper is present primarily as an impurity in Al-Si-Mg alloys and
decreases the sensitivity of the alloy to quench rates. It also increases the stress-hardening
effect as well as the strength in the T6 temper. Higher copper-content decreases ductility
and resistance to corrosion, while additions of manganese, chromium, and zirconium
inhibit recrystallization during solution treatment. Manganese additions increase creep and

fatigue resistance and, to some extent, counteract copper in neutralizing the corrosion
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susceptibility of the alloy. Manganese converts the crystallization of needle-like
intermetallic phases to cubic or globular forms, such as Chinese script morphology, which
have less harmful characteristics. This type of morphology improves tensile strength,
elongation and ductility.”****> Furthermore, it should be noticed that small amounts of
manganese (usually Mn:Fe = 1:2) play a positive role by breaking up the iron needles 3
When added in a higher ratio or in the presence of chromium, depending on the melt
temperature, manganese produces a hard multi-component intermetallic compound,
commonly referred to as sludge, which affects the mechanical properties of the casting.
Lead and bismuth may be deemed useful additions for improving the machining

characteristics of the alloy.>**’

24  MICROSTRUCTURE AND FEATURES OF Al-Si ALLOYS

The notable importance of Al-Si alloys to relevant industries has motivated several
researchers to explore the microstructure of these alloys together with their properties. Two
schools of thought exist, each with its distinct conception of the genesis of the Al-Si
eutectic and the modification of its morphology.38 One school believes that the mechanism
underlying the nucleation of eutectic silicon in Al-Si alloys eventually determines the
eutectic silicon morphology; the other attributes the morphology of the silicon eutectic to
the kinetics of its growth.

The microstructure of Al-Si alloys depends on the chemical composition, casting
process, and heat-treatment involved. The microstructure of Al-Si alloys is composed of

two phases, i.e. Al and Si. These alloys are a combination of a high-strength brittle phase
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(Si) and a low-strength ductile phase (Al), where the microstructure is typically composed
of an aluminum matrix containing eutectic silicon. This silicon may be present in the form
of acicular needles, blocklike plates, or a refined fibrous structure, depending upon the level
of chemical modification and the cooling rate of the cast section. In general, the eutectic
silicon is not uniformly distributed, but tends to be concentrated at the interdendritic
boundaries. Figure 2.3 reveals some of the distinguishing features of typical alloy
microstructures, in this case A319 alloy, as described below.

1- Eutectic Silicon

Eutectic silicon has a coarse, plate-like structure in which the coarse plates act as
stress risers and provide planes of weakness; both may be combined to enhance crack
initiation and propagation. The morphology of eutectic silicon may be modified by adding
small amounts of Na or Sr to the melt, while solidification may also be obtained by
increasing the solidification rate. Further details concerning the effect of Sr as a modifier
will be presented in subsequent sections.

2- Intermetallic Phases

Two of the major intermetallic phases in the 319-type aluminum alloys are the Fe-
based and Cu-based intermetallics. Iron-based intermetallics tend to form $8-Fe and/or o-Fe
phase particles. The 8-Fe particles are acicular platelets which have a significant effect on
the mechanical properties, while the o-Fe phase particles appear in a more compact,
Chinese script form that is less harmful to the alloy properties. The Cu-based intermetallic
is primarily Al,Cu, which occurs either in the form of block-like particles or in a finer Al-

Al,Cu eutectic-like form.
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3- Grain Size
Grain size in a casting typically ranges from several hundred microns to several
millimetres in diameter.” In order to reduce the grain size, grain refiners such as Ti or TiB,

may be added, or else the solidification rate may be increased.

(a) Eutectic | > _"—"l'

Aluminum Matrix Silicon 200 pm

Al, .(Fe,Mn),Si,
Intermetallic

T

Intermetallic (b) 30 pm

Figure 2.3  Typical features of A319 alloy microstructure.*’
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4- Secondary Dendrite Arm Spacing (SDAS)

Secondary Dendrite Arm Spacing (SDAS) is the linear distance between two of the
secondary a-Al dendrites or arms.* As this SDAS is governed by the solidification
conditions, it thus provides a direct measurement of the solidification rate in the local
casting area. In general, the mechanical properties of aluminum castings tend to correlate
better with the SDAS than with the grain size; all other things being equal, higher

solidification rates yield finer spacing, which in turn provide better mechanical plroperties.22

5- Porosity

Porosity is a major defect in cast aluminum alloys; it may be observed in the form
of pores, voids, or cavities which arise in the interior of a casting during solidification. In
general, porosity has three sources. The first is poor casting design which prevents the
casting from filling properly; this defect is commonly referred to as macroshrinkage. The
next source of porosity is gas which is entrapped or dissolved in the liquid metal during
casting; this is called gas porosity or microporosity. The third source of porosity develops
from the natural volume contraction which occurs when a liquid solidifies; this is often
referred to as microshrinkage porosity.*® The presence of porosity is crucial in that it lowers

the soundness of a casting and thereby its mechanical properties.

2.5 MECHANICAL PROPERTIES OF Al-Si ALLOYS
Strength, hardness, toughness, elasticity, brittleness, and ductility are mechanical

properties used to determine how metals behave under load. These properties are described



25

in terms of the types of force or stress that the metal must withstand and the manner in
which they are resisted.

Any improvement in mechanical properties is commonly evaluated through the
tensile properties. Almost all of the steps in the processing of aluminum, from establishing
a composition to heat-treatment, produce a variation in mechanical properties. The fact that
tensile properties depend on several variables may go far to explain the confusion existing
in connection with the properties of cast aluminum alloys. The following may be
considered among the most important of the many variables which affect the mechanical

properties of aluminum-silicon alloy castings.

(1) Alloy type and the variation of the chemical composition within the specified

limits for that alloy.**>#4454¢

(2) Metal soundness, which may be affected by gas porosity, shrinkage porosity and
non-metallic inclusions.*”*®

(3) Metallurgical characteristics, examples of which are macro grain size and
constituent distribution.*’

(4) Solidification rate, which may be related directly to the dendrite arm spacing.”®

51,52

(5) Heat-treatment, which brings about phase transformation in the solid state of the

alloy.>*>*



26

2.5.1 Hardness Test

In general, hardness implies resistance to deformation. Hardness has conventionally
been defined as the resistance of a material to permanent penetration by another harder
material with measurement being made after the applied force has been removed, such that
elastic deformation is ignored. Currently, the indentation hardness test is used in practically
every metalworking plant as a means of checking the quality and uniformity of metals and
metal parts. Hardness measurements usually fall into three main categories: scratch
hardness, static indentation hardness, and dynamic hardness.

A static indentation hardness method is widely used nowadays in determining the
hardness of metals. The universally accepted and standardized indentation hardness test
was proposed by Brinell in 1900. The Brinell hardness test consists of indenting a metal
surface with a steel ball, 10 mm in diameter, at a load of 3000 kg mass.

For soft metals such as aluminum the load is reduced to 500 kg to avoid deep
impression, while for very hard metals a tungsten carbide ball is used to minimize
distortion of the indenter. The load is applied for a standard length of time, usually 30
seconds, and the diameter of the indentation is measured with a low-power microscope
after removal of the load. The Brinell hardness number is calculated by dividing the load

applied by the surface area of the indentation, as shown in Figure 2.4, below.
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Applied
Force F

Indenter
Diameter D

r

BHN =

2 2
2D (D-D°-D?)
Figure 2.4  Schematic diagram of Brinell hardness test.>®
where BHN is the Brinell hardness number; F is the imposed load in kg; D is the diameter

of the spherical indenter in mm; and D; is the diameter of the resulting indenter impression

in mm.

2.5.2 Tensile Testing

Tension tests provide information on the strength and ductility of materials under a
uniaxial applied load. Standard analysis is based on an idealized physical situation, which
in general may be thought of as being represented by a long, thin sample of material in
which an applied load results in an elongation along its length. There are some basic
assumptions which must be considered when analyzing the data obtained from such a test:
firstly, that the loading must be entirely axial, and secondly, that the deformation should
take place uniformly along the length and through the cross-section of the test specimen.
The data recorded from load and elongation may be normalized by either the original

specimen length or the instantaneous specimen length to produce either engineering stress-
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strain plots or true stress-true strain plots, respectively. The American Society for Testing
and Materials (ASTM) has produced standard test specimen geometries and guidelines for
tension testing.”””®

Typical points of interest when testing a material include: ultimate tensile strength
(UTS) or peak stress; offset yield strength (OYS) which represents a point just beyond the
onset of permanent deformation; and the rupture (R) or fracture point where the specimen

separates into pieces.

Engineering stress, S, is defined as

where P is the load on the sample with an original zero (zero-stress) cross-sectional area,
A,. Sample cross-section refers to the region near the center of the length of the specimen.

The engineering strain, e, is defined as

L-I, AL

I L— Eq. (2)

[ 7]

e

where L is the sample gage length at a given load, and L, is the original (zero-stress)
length.

A stress-strain curve has two distinct regions: elastic deformation and plastic
deformation. The curve shown in Figure 2.5 is typical of metallic behavior. Elastic
deformation is temporary deformation, and displays full recovery when the load is
removed. The elastic region of the stress-strain curve is the initial linear portion. Plastic
deformation is permanent deformation. It does not recover when the load is removed,

although a small elastic component may do so. The plastic region is the nonlinear portion
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generated once the load-strain exceeds its elastic limit. There is some difficulty in
specifying precisely the point at which the stress-strain curve deviates from linearity and
enters the plastic region. The convention defines yield strength as the intersection of the
deformation curve with a straight-line parallel to the elastic portion and offset 0.2% on the
strain axis. The yield strength represents the stress necessary to generate this small amount
of permanent deformation. The slope of the stress-strain curve in the elastic region is the
modulus of elasticity, E.

S=Ee Eq. (3)
where S represents the stiffness of the material, i.e. its resistance to elastic strain.

In order to determine the true stress during a test, it is necessary to find the

instantaneous cross-section area since
P
o=— Eq. (4)
A

If the deformation in the gage section of the specimen is uniform, assuming that

plastic deformation takes place at constant volume, then
V=V =A4L,=AL Eq. (5)

where L and A are the instantaneous values of the length and cross-sectional area, and L,
and A, are the initial values.

The longitudinal strain is defined as
de =— Eq (6)

For extended deformation, integration is required:
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e= [ h{Lij - h{L" Z,,AL J —In(l+e) Eq. (7)

Engineering stresses and strains are most frequently used in tensile tests with the
objective of avoiding complications in the computation of ¢ and €. Another indispensable

objective is obtaining values which are clearly significant from an engineering point of

view.,
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Figure 2.5  Characteristics of the engineering stress-strain curve.
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The ductility of casting alloys is usually low, and changes to the casting process or
changes in the chemical composition and/or heat treatment aimed at improving strength or
other properties can render the material too brittle for structural applications. It is thus
important to assess simultaneously what effect on material ductility and strength any
changes to the microstructure would have. Hence castings are evaluated using strength-
ductility diagrams known as quality index charts.*

Quality Index

For aluminum foundry alloys, the results of tensile tests are generally considered
individually, whether for assessing the alloy quality or for investigating the influence of
any given parameter such as composition, production process, cooling, or heat-treatment.
High tensile strength and good tensile ductility are the most desirable properties in
structural design, and if the quality index chart, shown in Figure 2.6, is used to plot the
experimentally-determined tensile strength and tensile ductility for a particular alloy, the
material of the best quality will be located near the upper right-hand corner. Different
materials or processing conditions may thus be assessed on the basis of their locus on the
chart. This is, in part, the logic behind the development of quality index charts.** Drouzy
and co-workers™ defined the quality index, Q, (in MPa) as:

Q=UTS + d log (%E) Eq. (8)
where UTS is the ultimate tensile strength (MPa) and E is the elongation (%); while the
constant yield strength lines are as follows

YS = a*UTS — b*log(%E) — ¢ Eq. (9)



32

where YS is the (0.2% offset) yield stress. The constants a, b, ¢, and d are empirically

determined parameters whose values depend on the material.

tensile strength (MPa)

Figure 2.6 Quality index chart for alloy A356. The dashed lines represent the quality
index charts as determined by Drouzy et al.”® The solid lines are the flow
curves (identified by n-value), and the iso-q lines (identified by g-value),
calculated with Equations 4 and 6, respectively, assuming k = 430 MPa.®

Drouzy et al.,” observed that for a particular batch of cast alloy subjected to normal
aging treatment, a graph of UTS versus log E is a straight line with a slope close to 150 in
the case of A356 and A357 i.e. Al-7Si-Mg type alloys. The coefficient K, chosen to make
Q practically independent of the tempering conditions, is most probably not the same for all

aluminum alloy families. If steps are taken to improve the quality of the casting by

reducing porosity, for instance, then a new parallel line is formed at higher levels of
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strength and/or ductility.’ %S 1n its most straightforward application, the Q-values allow for
a comparison between different alloys, or between batches of samples of the same alloy. As
stated previously, high Q-value lines are close to the upper right-hand corner of Figure 2.6
and they indicate that the material has both high UTS and high ductility, i.e. its mechanical
quality is high.

It In general, a Q-value above 400 MPa is considered highly satisfactory for alloy
A356.% 1t is normally assumed that the Q-value does not depend on the aging state or the
Mg content, and that it thus measures not only the “quality” of the casting as determined by
its content in Fe-rich intermetallics, but also the degree of the modification or process-
related parameters such as porosity, dross and inclusions. Conversely, the yield strength
characterizes the degree of hardening which depends primarily upon tempering treatment
(magnesium content, tempering time and temperature). In a casting, the highest possible
quality index should be targeted. This should be achieved by appropriate casting design
(thickness and junctions), proper molding design (filling system, risers, chills) and careful
processing (refining, modification, degassing).

The original quality index chart was developed for alloy A356, and thus its
application to other materials conveys the implicit assumption that the parameters involved,
particularly the slope, d, of the iso-Q lines in Equation 8, do not depend on the material.

Drouzy et al.¥

included an explicit warning in this regard in their original publication; and
indeed, it has been shown experimentally that the slope and position of the iso-Q lines in

the quality index chart tend to change with both the chemical composition and temper in

certain alloys.®"
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Although the quality index concept was developed for alloys 356/357, it has
occasionally been applied to other alloy systems, including a particle-reinforced 359
alloy,® Cu-containing 319 alloys,®*** and Mg-base alloys.®® The application of the quality
index concept to alloys other than alloys 356/357 carries the implicit assumption of a
similar response to aging, and that the empirical parameters in Equation 8 are the same.
Recent studies on an Al-Cu-Mg-Ag alloy (alloy 201), however, show that in contrast with
the linear behaviour of alloy 356, a plot of UTS vs. St (i.e. %El) for alloy 201 describes a
circular contour when the material is aged. In addition, the parameters involved in Equation
8 have different numerical values and vary with the aging condition.®” This shows that
extending the quality index concept to systems other than Al-Si-Mg casting alloys requires
determining, beforehand, the behaviour of the strength-ductility relationship as the
materials are aged. Gauthier ef al.%® also observed a circular pattern in the strength-ductility
relationship in Al-Si-Cu-Mg alloy 319.2 after aging at different temperatures. This
observation suggests that the circular pattern in the quality index as the material is aged

may be a characteristic of Cu-containing Al alloys.®

2.5.3 Instrumented Impact Testing

Most of the mechanical properties reported for cast Al-Si alloys are the outcome of
tensile testing. Considerable scatter is usually observed in the results because this test is
highly sensitive to additions of alloying and trace elements to the alloy sample.
Furthermore, the test results are not a strong function of silicon morphology. In view of the

fact that this thesis deals with variations in the alloying and trace element additions and
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silicon morphology, a test much more sensitive to these parameters was used. Instrumented
impact testing was thus used in our study since this test has been found to be extremely
sensitive to the addition of alloying and trace elements and silicon morphology,’® although
data on impact properties is relatively scarce for these alloys.

The test apparatus consists of the standard hammer equipped with electronic
components used to record load and energy as a function of time. The load acting on the
impact specimen is recorded by a strain gage. The triggering system is used to turn on the
recording system so as to coordinate the load-time and energy-time trace. The velocity
system is used to measure the velocity of the hammer before, during, and after the impact
which in turn provides information on the energy resulting from the change in kinetic
energy of the hammer. Each of these two systems works by means of an opt-electronic
device which is capable of measuring the load acting on the specimen on a timescale of
milliseconds.

A typical load, energy, and time curve obtained from this test is shown in Figure
2.7. The y-axis represents load (upper curve) and energy (lower curve), while the x-axis
records time. The load-time curve shows different stages of deformation. The initial rise
corresponds to the elastic regime, P,-Py. At higher loads, prior to Pmax, the specimen
deforms plastically while beyond Py, the load decay indicates the presence of controlled
crack propagation.

The energy curve shows the amount of apparent energy, E,, which is a direct

integration of the load-time signal based on the assumed constant velocity, as a function of



36

recording time, while the more accurate energy value, E; may be obtained using the

expression

E
E =E|1-—= Eq. (10
: a( iE J q. (10)

0

The absorbed energy may be separated into two stages. The first stage is the one
where energy is required for crack initiation, E; which is the energy at Tr.x. The second

stage is that of crack propagation energy, E,, which is the difference between the total

energy and the crack initiation energy.
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Figure 2.7  Typical load-time and energy-time curves as obtained from instrumented
impact testing.

Load

The production of hypoeutectic/eutectic Al-Si alloys displaying improved quality,

i.e. better structure and mechanical properties, involves the application of two main
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processes: (i) the addition of alloying elements during melting and melt treatment of the

liquid alloy through grain refining and modification, and/or (ii) heat-treatment.

2.6 EFFECTS OF MELT TREATMENT

Melt treatments such as eutectic modification and grain refinement are frequently
applied to Al-Si alloys; which goes far to explain why the effects of these processes on the
microstructure and mechanical properties of Al-Si alloys have attracted so much attention.
A divorced eutectic has already been observed in the Al-Si system involving areas of
aluminum with silicon in solid solution mixed with discrete silicon particles. The

mechanical properties of castings are also affected appreciably by the morphology of the

silicon particles in the eutectic.

2.6.1 Modification of Al-Si Alloys

Although varying the cooling rate may also modify the eutectic structure,’ >’ it is
not always possible to change the cooling rate of the cast components. Over the years,
therefore, studies have been carried out to find improved methods of implementing eutectic
modification, since modification techniques have advanced from the addition of alkali
fluorides to the use of elemental sodium. Davies and West'> provide an excellent starting
point for studies into aluminium-silicon eutectic modification. The main characteristics of
alloys modified by addition of elemental sodium or otherwise are:

1- Facetted silicon crystals are reduced in size and become rounder.
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2- The freezing point of the eutectic becomes lowered while the melting-point remains
unchanged, as shown in Figure 2.8. As the temperature does not rise after the onset
of solidification, this alteration in temperature cannot be attributed to supercooling.

3- The eutectic composition moves to higher values of silicon with increased degrees

of modification.
4- Primary o and § may both be found in hypereutectic alloys.

5- Overmodification causes bands of larger intermetallic crystals often accompanied

by gas pores.

6- Modification causes an increase in viscosity accompanied by a decrease in fluidity

and the rate of diffusion.

7- A modified eutectic structure may also be obtained through rapid chilling of the

melt,
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Figure 2.8  Schematic of binary Al-Si phase diagram illustrating the eutectic shift.”*
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2.6.1.1 Types of Chemical Modifier

Strontium, sodium, antimony, and calcium are well-known modifiers and change
the morphology of eutectic silicon particles from an acicular to a lamellar or fibrous shape,
resulting in improved properties of the alloys.”””*”>’%"7 Antimony, used primarily in Japan
and Europe, has the disadvantage of being toxic, and thus has the potential to form deadly
stibine gas (SbH3) when it combines with the hydrogen in the melt. This is one of the main
reasons why antimony is generally not used in foundries’®, although pre-treated ingots may
be obtained from primary aluminium suppliers.

In North America, it is mainly either sodium or strontium which is used to modify
the aluminium silicon eutectic.”””® Both sodium and strontium have their advantages and
disadvantages. These modifiers have been found to produce the most twins in eutectic
silicon at the lowest concentrations. Lu and Hellawell **®' have demonstrated that
substantial incorporation of foreign atoms of a certain size into the silicon lattice enhances
the formation of twins. A study of the incorporated atom-to-silicon radius ratio for elements
that are known to act as modifiers indicates that they all have a radius ratio in the vicinity
of the ideal value; some of these modifiers are presented in Table 2.3. It is worthy of note
that the size of the sodium atoms is closer to the ideal value than that of the strontium
atoms. Values range from 0.005-0.01 wt% for sodium ****® while levels of 0.01-0.04 wt.%

22,3485

strontium are required to produce similar levels of modification.
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Table 2.3 Some properties of possible modifiers’
Element Atomic r/rs; Melting Vapour | -AG oxide | Koxidation
radius point pressure | (kJmol™)
CA) (atm)
Ba 2.18 1.85 725 5%107 482 20
Sr 2.16 1.84 796 1¥10” 480 15
Eu 2.02 1.72 822 1.8%10™ 500 -
Ca 1.97 1.68 839 2.6%10™ 509 400
Na 1.86 1.58 98 0.2 367 2.7%¥10°
Ce 1.83 1.56 798 107° 497 -

Of significant importance to the foundryman in choice of modifier for Al-Si alloys

are such characteristics as:
e FEase of handling (reactivity with air, water, and so forth);
e Ease of dissolution (temperature/time requirements);
e Recovery (loss of modifier due to evaporation, reactions);
e Fading (time before losses become significant).

The melting-point is also of importance because elements which melt at lower
temperatures will presumably dissolve more readily in Al-Si melts that are typically held at
higher temperatures. The vapor pressure is of significant relevance since elements with
high vapor pressure tend to boil off the melt. In addition to vaporization, effective

modifiers may be lost through oxidation. The Kiyidgation values in Table 2.3 are the

equilibrium constants for the following reaction:
XAlLO; + Y Modifier » 2x Al + 3 ModifierxOy Eq. (11)

High values of this parameter are indicative of an increased tendency to oxidation.”
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Table 2.4 compares the corresponding eutectic Si morphology obtained as a result
of treatment with each modifier, and then summarizes the beneficial and negative effects
accompanying the addition of each modifier.®® Typical examples of the microstructure of

unmodified, Sr-modified, and Sb-modified alloys are shown in Figure 2.9.

Table 2.4 Effects of different modifying elements on Si morphology”>*>*%%
Modifying | Si morphology Advantages Disadvantages
element achieved
Na Fine Fibers No incubation period. Rapid fade due to evaporation.
Mild  sensitivity  to | Low recovery rate and difficult to
cooling rate. add and control.
Porosity redistribution.
Over-modification.
Sb Fine lamellae Durable and modification | Generation of a harmful gas during
effect remains even after | addition and remelting.
remelting. Only refined lamellar structure
achieved.
Sr Fine Fibers Melts not easy to over- | Incubation period.
modify. Relatively high cooling rates
Durable effect, easy | favoured.
addition and good | Porosity redistribution.
Tecovery.
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Figure 2.9 Comparison of the silicon morphology in: (a) unmodified; (b) Sr-modified
(300 ppm Sr); and (c) Sb-modified (2400 ppm Sb), hypoeutectic aluminum-
silicon alloys.
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Dahle et al.”® compared the development of the cast structure on macroscopic scales
in both unmodified and modified alloys with strontium, see Figure 2.10. In all alloys, co-
zonal twinning is present in the silicon fibres with twins lying parallel to the apparent
growth direction of the fibres. As shown in Figure 2.10(a), it was possible to find silicon
crystals which were free of twinning in the unmodified alloys. In unmodified alloys, the
vast majority of eutectic aluminum has an orientation identical to that of the surrounding
dendrites, while in Sr-modified alloys the eutectic aluminum displays multiple orientations
unrelated to the surrounding dendrites, see Figure 2.10(b). There was a dramatic difference
to be observed in the size of the eutectic grains as shown in Figure 2.10(c).

The eutectic grains in the unmodified alloy are, at most, a few hundred microns in
diameter and consist of relatively few coarse silicon plates. In the Sr-modified alloys, the
eutectic grains are roughly circular in cross-section and are typically much larger than the
unmodified alloys. Each eutectic grain in the Sr-modified alloys contains a high density of
silicon fibres, see Figure 2.10(d).

The difference in eutectic grain size between the unmodified and Sr-modified alloys
is further apparent in the macrographs of samples quenched early during eutectic
solidification, as shown in Figure 2.10(e). The eutectic grain size in the unmodified sample
is so small that no grains are resolvable in the macrograph; whereas there is a layer of
coalesced eutectic grains lining the wall of the sample in the Sr-modified alloy, and several

large grains may be seen independently distributed throughout the centre of the casting.”®
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Figure 2.10 Comparison of unmodified and Sr-modified structures: (a) TEM images of

silicon crystals; (b) EBSD maps illustrating the orientation of the eutectic
aluminum relative to the primary aluminum dendrites; (c) 3D reconstruction
of eutectic grains derived from serial sectioning of quenched samples (the
unmodified sample is 85 um deep, the modified one is 117 pm deep); (d)
Optical micrographs of quenched samples; and (e) macrographs of quenched
samples.”®
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In most applications, strontium is the recommended choice as a eutectic modifier.
The ability to use strontium in master alloy form is a significant advantage over sodium for
two reasons. First, the problem of reactivity with air and water is eliminated (master alloys
containing less than 45% Sr). Second, using master alloys allows the foundryman to weigh
out larger quantities of modifier, especially when preparing smaller quantities of melt, as
opposed to the case of pure sodium, for instance, thereby making the process easier and
allowing for greater accuracy in modifier content.

The addition of strontium to near-eutectic Al-Si alloys can promote the columnar
growth of the dendrites which are observable as highly branched fine and slender columnar
grains; addition of Sr can also result in a remarkable increase in the amount of the dendritic
a-Al phase.” The addition of such modifiers to Al-Si cast alloys has been found to improve
mechanical properties considerably, especially ductility.*® In the 319 alloy, the strontium
modifier can cause changes in the morphology of the copper-rich phases.

As shown in Figure 2.11, strontium promotes blocky Al,Cu and fine AlsMggCu,Sig
phases over the eutectic Al,Cu phase because of the increased number of silicon particles

present as nucleation sites in the interdendritic spaces.®



45

25 -
- ™®~ giocky and fine copper rich phases 1
; l
2 y= 0.0001x% ¢ 0,0044x + 0.3783
Rs = uc“ ‘;
- {
# : i
g- 15 - y :
;
P
<
05 -

5 0.0002¢" - 0.0328% + 15094 |
81099 ;
~% |
K . I -

0 2 40 80 80 100

Strontium, {ppm)
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2.6.1.2 Effect of Modification on Mechanical Properties

The improvement in mechanical properties has generally been attributed to
variations in the morphology and size of the eutectic silicon particles.”’ Silicon content and
its morphology in the structure have a significant influence on the mechanical properties of
the alloys as shown by the curves in Figure 2.12. As the silicon content increases, the
tensile strength of the alloy is enhanced; however, at the same time, the brittle nature and
flake morphology of the unmodified silicon phase will affect the alloy ductility adversely.

After modification, both tensile strength and elongation are improved with the greatest

improvement being observed in the elongation.
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Figure 2.12  Influence of Si-content on the mechanical properties of Al-Si alloys.”?
(Full lines: modified alloys; and dashed lines: unmodified alloys.)
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The tensile properties obtained for alloys treated with either sodium or strontium are
more or less the same, although elongation is slightly higher for the Sr-modified alloy. It is
believed that strontium modification produces better mechanical properties than does

. . . 4
sodium modification.”*”

Figure 2.13 shows the variation in the elongation with differing
strontium levels for three different cooling rates in a 356 Al-Si alloy. At all cooling rates,

the elongation due to strontium modification was observed to have been improved. The

detrimental effect due to overmodification at higher Sr levels is also evident from these
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graphs.45 A comparison of the mechanical properties for modified and unmodified alloys is

given in Table 2.5 for some commonly used Al-Si alloys.
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Figure 2.13  Variation of the elongation with Sr level for three different cooling rates.*’
Band 1: cooling rate 1.5°C/s. Band 2: cooling rate 0.5°C/s. Band 3: cooling

rate 0.08°C/s.
Table 2.5 Typical mechanical properties of as-cast and modified aluminum casting
alloys.”
Alloy and temper Modification UTS, Elongation
MPa %
356.0-T6 None 288.9 2.0
0.07% Sr 293.0 3.0
A356.0-T6 None 275.8 4.8
0.07% Sr 296.5 8
A413.2 None 136.5 1.8
0.05-0.08 % Sr 191.0 12.0
A413.2 None 124.1 2.0
Na modified 193.1 13.0
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In tensile testing of commercial Al-Si alloys, the elongation is dependent on the
silicon phase in the alloy to a greater degree than are the yield strength or tensile strength. It
must be pointed out that porosity in alloy specimens is of great importance in determining
the mechanical behaviour of the alloy and could be considered a more significant factor
than the structure of the silicon. Hafiz er al.’® pointed out that for steel-mold cast Al-Si
alloy, the UTS improved from 177.2 MPa for the non-modified alloy to 225.6 MPa for the
one which had been modified with 0.024 wt% Sr. In addition, percent elongation increased
dramatically from 8.03% in the non-modified state, to 18.2% with 0.012 wt% Sr addition,
and 22.2% at a strontium level of 0.024 wt%. Fat-Halla’’ also reported that the addition of
0.02% strontium to Al-13%Si type alloys increases the % elongation and the ultimate
tensile strength values without significantly changing the yield strength.

It was also found that in the 413 alloy, addition of strontium leads to fragmentation
of the B-AlsFeSi intermetallic phase and increases the amount of the a-Fe intermetallic
phase.”® Kulunk and Zuliani®® also studied the effect of strontium on the 380 high-pressure
die casting alloy. They showed that the reduction in both size and number of iron
intermetallic phase particles through the addition of strontium would lead to an increase in
the tolerance of these alloys to higher iron concentrations without altering the mechanical
properties.

According to previous studies,* it was observed that impact strength is the most
sensitive of all the mechanical properties to silicon content for alloy compositions
containing 3-15% Si. Modification causes a significant improvement in the impact strength

of both as-cast and heat-treated alloys. Impact strength is imparted to the material through
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the ductile aluminum matrix which separates the brittle silicon phase. Any process which
reduces the size of brittle phase particles or increases their separation, will improve impact
properties. Modification fulfils the former propose, while the coarsening process, which
takes place during solution treatment, accomplishes the latter.”? As Figure 2.14 shows,
impact properties are much more sensitive to modification than tensile properties, where
the impact strength of the modified alloy is seen to increase to three times its value, the

elongation value is doubled, although both yield and strength remain virtually unaffected.
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Figure 2.14 Mechanical properties of A356.0 alloy modified with strontium.*

Closset™ investigated the modification and quality of low pressure aluminum alloy
castings, and found that Sr-modification substantially improves elongation and, to a lesser

extent, the tensile strength of Al-Si eutectic type 413 alloy. The impact strength of the alloy
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was found to be highly sensitive to microstructure and was greatly improved by Sr-
modification of the eutectic. Similar research results were also reported by Komatsu et al.”
who applied instrumented impact testing to Na-modified and unmodified alloys after
different stages of heat-treatment. They found that it was not only the impact strength
which was significantly affected by silicon morphology, but the maximum load and
propagation energy were as well. The fracture surfaces after tensile testing of unmodified
alloys showed a lustrous, dark grey, well-faceted brittle appearance which resembled the
appearance of silicon, whereas the modified alloys had a “lighter, silky fracture” which
suggests that the fracture occurred largely through the ductile aluminum matrix.’ 0

It is worth noting, however, that at the same time as eutectic silicon particles change
from acicular to fibrous, the amount, morphology and size of the dendritic a-Al phase are
also affected. It was thought, in error, that it would be sufficient to modify the eutectic
silicon phase in near eutectic Al-Si alloys, and that it would not be necessary to refine the
dendritic a-Al phase. In fact, however, at the same time as the morphology and size of the
eutectic silicon phase is transformed by the modification treatment, considerable changes to

the amount, shape, and size of the a-Al phase also occur.

2.6.1.3 Effect of Modification on Melt Quality

The greatest problem associated with the modification of Al-Si casting alloys is the
fact that modified castings are often more porous than their unmodified counterparts. It has
also been reported that modification may reduce surface tension of the melt. Fang and

Granger ' used their porosity model to predict the porosity in a modified alloy; they found
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that surface tension in such an alloy must be reduced by 50% in order to match both their
calculated and experimental results.

Denton and Spittle'”!

suggested that modification aggravates the porosity problem
by increasing the hydrogen content or the rate of regassing of the melt; they also observed
that melts containing Sr are more susceptible to hydrogen absorption than those containing
sodium. They further suggested that the oxidation of Sr during melting causes the structure
of the oxide layer on the surface to undergo changes thereby becoming more pervious to
hydrogen. Some authors have suggested that strontium helps pore formation by increasing
both the inclusion content of the melt and the amount of hydrogen absorbed into
oxides.'”!%2 Argo and Gruzleski'® indicate that the increased porosity in modified castings
is due to the problems associated with interdendritic feeding. The reduction of the eutectic
temperature in modified alloys increases the length of the mushy zone, and, therefore, large
pockets of interdendritic liquid may become isolated. Solidification of this liquid may result
in the formation of large pores.

At the present time, it appears that the increase in porosity observed with Sr-
modification is due to a change in both the nucleation and growth mechanisms of the pore,
and may thus not be due to a single factor alone, but rather to complex interactions between

such factors as alloying elements, surface tension, feeding, and inclusions.'**'%

2.6.2 Grain Refining
The quality of the castings may be improved by grain refinement which reduces the

size of primary a-Al grains therein, and which would otherwise solidify into a coarse



52

columnar grain structure. The degree of coarseness or the length of the columnar crystals
depends on solidification and casting parameters which include pouring temperature, the
liquid thermal gradient in the mold, and alloying elements. It should be noted that all the
common alloying elements added to aluminum tend to reduce the grain size somewhat. In
general, the more soluble the elements are, the greater the refinement which follows.

Basically, grain refiner addition involves two different concepts:

e The addition of potent substrates to act as exogenous nucleants in the melt.
e The addition of certain elements which would react initially with specific elements
within the molten alloy so as to produce potent indigenous nucleant particles.
There are three principal methods for achieving grain refinement in Al alloys:'®

a) Rapid cooling during solidification (i.e. chill grain-refinement);

b) Agitation of the melt, e.g. as occurs during semi-solid metal processing;

¢) Addition of a grain refiner to the melt.

In the first, a fine grain structure is formed by varying the solidification conditions
such as cooling rate and temperature gradient in the casting. This is due to shortening of
grain growth during the solidification process. In the second method, grain refinement is
obtained by mechanical or electromagnetic agitation, by forced convection, and by
breaking up the dendrites in the semi-solid state. The fragmented parts are thereupon
transported into the bulk and become effective nucleants. This type of refinement
mechanism is the one in which the required stirring is applied during the formation of the
semi-solid structure. By far the most successful method of controlling grain size is to

introduce particles into the melt which will nucleate new crystals during solidification.
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Each grain contains a family of aluminum dendrites originated from the same nucleus.
Dendrite arm spacing (DAS) is determined by the cooling rate through the mushy zone,
with slower cooling which then results in larger DAS values. The grain size in aluminum
foundry alloys varies between 1-10 mm, while DAS values vary from 10-150 um and the
eutectic silicon may be found in the form of plates of up to 2 mm in length or in rounded
particles of less than 1 ym in diameter.?>"®’!

Chemical grain refinement involves the addition of special substrates to act as
nucleants or to react with other elements in the melt to form solid nucleant particles. A fine
grain size is promoted by the presence of an enhanced number of nuclei, with solidification
proceeding at minimal undercooling. Furthermore, chemical grain refinement is beneficial
to mechanical properties, particularly to those which are sensitive to hot tearing and
porosity. The chemical grain refinement of aluminum and its alloys has been practiced for
over 60 years, mostly by primary producers in ingot casting; this has led the foundry
industry to borrow the techniques developed by these primary producers to some extent,
although research has revealed that the best grain refiners for wrought alloys are not
necessarily the best for foundry alloys.'"’

Chemical grain refiners are added to the melt as salt fluxes or master alloys. Salt
fluxes contain K,TiFs and KBF; salts as the active ingredients which react with the molten
aluminum releasing titanium and boron. Aluminides (TiAl;) and borides (TiB;) are formed

in the melt, acting as heterogeneous nuclei for the formation of crystals. Despite their good

refining power, salts are prone to generate gas in the melt and to produce corrosive fumes.
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Salts can also react with elements like strontium and reduce the modification of the eutectic
silicon structure.'®

The master alloys produced by reacting salts with aluminum under controlled
conditions are more effective. Aluminides and borides are embedded in an aluminum
matrix, typically containing 100 million, or more, intermetallic particles per cubic
centimeter, each particle being a potential nucleant when released into the melt. Master
alloys are commonly produced as waffle ingots or extruded rods containing titanium (in the
order of 2 to 10 wt%) or boron (up to 5 wt%), or a combination of both elements in

aluminum. Master alloys have a Ti/B ratio of unity.'1*®

2.6.2.1 Grain Refinement by Adding Titanium
According to the Al-Ti phase diagram shown in Figure 2.15, the peritectic reaction
occurs at 1.2 wt% titanium and 665°C, with the limit of the peritectic horizontal placed at

0.15% Ti. According to research by Crossely and Mondolfo,'*

the grain refinement of
aluminum is associated with the following reaction. When Ti is present in sufficient
amounts (i.e. >0.15%), it forms primary crystals of TiAl; which react peritectically with
liquid forming o(Al).
Liquid + TiAl; = o Al) + liquid Eq. (12)
The o Al) particles then act as nucleants for the remaining liquid, where the degree
of refinement is dependent on the number of primary crystals formed, as illustrated in

Figure 2.16. From a technical point of view, it is predictable that an Al-Ti alloy which

contains many small TiAl; particles will be a better grain refiner than one which contains
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fewer but larger TiAl; particles. In fact, this is one of the difficulties associated with the use
of master alloys whose effectiveness depends on the microstructure of the alloy and may
vary from batch to batch and from supplier to supplier; thus Al-Ti master alloys do not
refine foundry alloys as efficiently as wrought alloys. Sigworth and Guzowski'”’ suggested

that the effectiveness of the TiAl; nuclei may be poisoned by a silicon titanium compound.
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Figure 2.16 Nucleation of a-Al by the peritectic reaction in the Al-Ti system.?
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2.6.2.2 Grain Refinement by Adding Boron

There are a number of grain refining manufactﬁrers who have introduced a series of
Ti-based grain refiners while neglecting Al-B alloys, although the effectiveness of Al-B
master alloys as potential grain refiners was realized and reported as early as 1980.""" Such

results were reproduced by Sigworth and Guzowski'"’

and Tondel et al.''"* The superior
quality in this case may be ascribed to the dissolved Si in the foundry alloy to improve the
refining efficiency of boron, since in the absence of Si, this element is unable to act as an
efficient grain refiner. According to the Al-B binary phase diagram,'"* shown in Figure
2.17, a eutectic reaction exists at ~660°C and since the solubility of boron in the aluminum
matrix is negligible (18 ppm), the eutectic reaction leads to the formation of primary a-Al
on the AIB, particles. It has been proposed''* that the effect of boron alone in the grain
refinement of pure aluminum is virtually nil, but as regards the Al-Si alloys, it becomes
most significant due to the eutectic reaction occurring at 0.02 wt% B, as represented by
Equation 13 below. If a eutectic reaction does take place at this temperature, no nucleus for
oAl is formed above the freezing temperature of pure aluminum (660°C) since some
undercooling will be necessary for the reaction shown in Eq. 14 to occur. For Al-Si alloys,
the eutectic reaction takes place well above the liquidus temperature, which is 615°C for the
356 alloy, thus ensuring the presence of solid heterogeneous sites for nucleation.
Liquid = «(Al) + AlB, Eq. (13)
Liquid + TixSiyAlj.x+y)=> o (Al) + AlIB, Eq. (14)
Lu et al.''" reported the effect of different master alloys on the grain size of small

castings made from 356 and Al-5%Si alloys. Their results for 356 alloys, reproduced in
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Figure 2.18, show the interesting fact that the Al-B master alloy is a more efficient grain
refiner than both Al-Ti and Al-Ti-B alloys. As is evident, the addition of boron tripled grain
refinement. The procedure of introducing boron into the alloy, however, is of significant
importance from the point of view of the size and shape of the boron particles. A number of
Al-B master alloys are composed of large particles and sometimes form large
agglomerations of AlB; or AlB;; particles which cannot be dissolved rapidly in the melt
because of the solubility limit. A further reason is the presence of impurities in the master

alloy.
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Figure 2.18 The grain refining of 356 Al-Si alloy with Al-Ti, Al-Ti-B, and Al-B.'!!

2.6.2.3 Grain Refinement by Adding of Titanium with Boron

The addition of boron to Al-Ti master alloys is widely known to produce a
significant improvement in the effectiveness of grain refining in aluminum alloys.
Mondolfo et al.**'® have suggested that Al-Ti-B master alloys perform better because the
shift in the onset of the peritectic towards lower Ti in the Al-Ti phase diagram in the
presence of boron (0.01%B), thereby ensuring the thermodynamic stability of TiAls
particles at low levels of titanium addition (0.05%T1).

It has been observed''® that Al-Ti-B master alloys contain a mixture of borides
surrounding the aluminide phase, also sometimes found within the phase, which may
improve protection against the dissolution of TiAl;, The grain refining effect of these

duplex particles seems to fade with time due to the complete dissolution of the aluminide
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116,117
phase;

other authors,''® however, claim that the loss of refining efficiency is a result
of the settling of boride particles in the melt.

The importance of a combination of boron and titanium in grain refining was well
established from the results obtained with the use of the LIMCA (Liquid Metal Cleanliness
Analyzer) technique, as shown in Figure 2.19. It is evident from this figure that the highest
and lowest particle counts apply to the addition of Al5TilB and Al6Ti master alloys,
respectively. When Al6Ti is used as the additive, the inclusion content remains almost
constant till the nominal Ti level reaches 0.12 wt%. An increase in Ti above this value
changes the particle count drastically as a result of the thermodynamic stabilization of
TiAls, which also causes a linear increase in the count with increasing Ti content.!' It is

important to note that by adding boron in the form of Al5Ti1B or Al5Ti0.6B, the critical

titanium level shifts to a lower titanium level.
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Figure 2.19  Particle counts vs. Ti content for different master alloys.''
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2.6.2.4 Effect of Grain Refining on Properties
With the addition of grain refiners, which introduce large amounts of nucleants into
the melt, a number of equiaxed grains are formed resulting in an improvement in the
properties of cast solid solution type alloys.''® Some of these enhanced properties include:
¢ Improved soundness. Fine grains promote the flow of molten metal which feeds
shrinkage during the final stages of solidification, producing smaller and more
uniformly dispersed shrinkage porosity.'®® A fine grain structure also promotes a

finer distribution of gas porosity.”'!

o Better mechanical deformation characteristics. Fine equiaxed grains have a greater

capacity for uniform deformation than columnar grains.122
e Improved mechanical properties, such as yield strength, toughness and fatigue life.

Grain refinement also improves machinability, the deep drawability of products,

and surface ﬁnishing.123 124

2.6.2.5 Effect of Grain Refinement on Melt Quality

Most experimental evidence indicates that grain refinement reduces porosity.'%1%°
Grain refinement may therefore be considered to act in an opposite manner to modification.
The presence of a grain refiner leads to a uniform redistribution of porosity.*>'?®'?" In
many cases, there is also an overall reduction in the amount of porosity upon grain
refinement in alloys containing small or moderate amounts of gas.'**'*"® Since the radius
of the interdendritic liquid decreases with the addition of Ti as a grain refiner in Al-Si

alloys, the average pore size is diminished. When the alloy is grain-refined, the dendritic

network is broken down into small equiaxed grains. These fragmented dendrites are
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transported within the casting and contribute significantly to the feeding during
solidification. In order to enhance the strength and ductility of near eutectic Al-Si alloys, a

combined melt treatment is necessary.

2.6.3 Mutual Poisoning Effect of Modification and Grain Refinement in Al-Si
Casting Alloys

Researchers have frequently observed that certain alloying and impurity elements in
Al alloys can adversely affect the grain refinement efficiency of Al-Ti-B master alloys,
particularly the super-stoichiometric grain refiners, such as Al-5Ti-B, which contain both
TiB; and TiAl;. This deleterious effect is usually termed the poisoning effect. Silicon is a
typical element which is capable of poisoning grain refinement through the addition of Al-
5Ti-B master alloy.>'*?!'b114:122 Dyring the grain refinement of Al-Si based casting alioys,
it was observed that when the Si content exceeds ~2 wt%, a grain coarsening starts to
occur and the extent of the poisoning effect worsens with increasing Si-content. In the high
level Al-Si alloys, where the Si-content is greater than 7 wt%, the grain refining capacity of
Al-5Ti-1B master alloy is less than that of Al-3B and Al-3Ti-3B master alloy.>'07111:114.129
Sigworth and Guzowski'®” proposed that a titanium silicide formed over the surface of the
TiAl; particles in the melt and consequently poisoned their role as nuclei for the equiaxed

dendrites; Kori et al.'®

pointed out that this poisoning effect could be neutralized by
increasing the addition level of Al-5Ti-1B master alloy, although the presence of this
compound has not been confirmed. Mohanty and Gruzleski''* pointed out that Si might be

dissolved in the TiAl;, forming (Ti;x,Six) and that high levels of Si (i.e. over 7%) resulted

in a shift of the peritectic reaction temperature (liquid + (Ti;x, Six)Al; = a-Al) to a
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temperature so low that the Al-5Ti-1B master alloy had no power to refine the dendritic o~
Al

Liao ef al.'*® determined that the Al-5Ti-1B master alloy seemed to have only a
slight influence on promoting the columnar-to-equiaxed transition in near-eutectic Al-Si
alloy modified with Sr, and that a high addition level of the Al-5Ti-1B master alloy could

result in reducing the modification effect of Sr on the Si particles considerably.

2.7 ALLOYING ELEMENTS
The alloying elements present in an alloy together with the cooling rate, determine
which constituents will precipitate. These elements are added to increase the strength and

companion properties of aluminum casting alloys.

2.7.1 Role of Copper and Magnesium in Al-Si Alloys

Based on the Al-Si system, the main alloying elements are Cu and Mg. Copper as
an alloying element has been used since the beginning of the aluminum industry. In other
words, the first and most widely used aluminum alloys for strength were aluminum-copper
alloys, which contain 4 to 10% of Cu.'*"'*> Copper has a capability of precipitation
hardening, and its presence in aluminum alloys can thus improve strength and hardness in
both the as-cast and heat-treated conditions. The addition of copper also decreases the
melting point and eutectic temperature of the alloy significantly, thereby increasing the

solidification range of the alloy,'*? and facilitating the condition of porosity formation.
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The increase in strength obtained with Mg-content becomes further evident after
heat treatment, and this improvement is accompanied by a corresponding reduction in
ductility. Dunn and Dickert®> compared the effect of up to 0.55% Mg additions on the
mechanical properties and hardness of A380 and 383 alloys. The presence of Mg was seen
to increase the tensile strength, yield strength, and hardness at all temperatures. Elongation
was observed to be reduced by the presence of Mg, although the minimum value appeared
to be acceptable provided that Mg-content did not exceed 0.35%. Magnesium has a
negative effect on Sr-modification, that is, it changes the microstructure from a well-
modified to a partially modified. This effect is, most likely, due to the formation of a
complex Mg,SrALSi; intermetallic compound, which is probably formed prior to the
eutectic reaction.>*

Al-Si-Cu-Mg cast alloys are usually heat-treated in order to obtain an optimum
combination of strength and ductility. A comparative study of the mechanical properties of
Al-Si-Cu-Mg alloys was carried out by Caceres et al.'>® to investigate the effects of Si, Cu,
Mg, Fe, and Mn, as well as solidification rate. The authors observed that increasing the Cu
and Mg content generally resulted in an increase in strength and a decrease in ductility,
whereas an increased Fe content (at an Fe/Mn ratio of 0.5) dramatically lowered the
ductility and strength of low-Si alloys. They also reported that the Cu + Mg content of the
alloys determines the precipitation strengthening and the volume fraction of the Cu-rich

and Mg-rich intermetallics obtained.
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2.7.2 Role of Iron and Manganese in Al-Si Alloys

Any element which is not classified as an alloying component is termed an
impurity, and as such it is deemed to have a negative effect on the castability, mechanical
properties and heat treatment of aluminum alloys. Among such elements, iron is a common
impurity in aluminum alloys arising from a number of possible sources; it is usually
considered detrimental in one or more ways, at least for Al-Si based casting alloys. Iron can
enter the melt during further downstream melt activity through two basic mechanisms.

1- Liquid aluminum is capable of dissolving iron from unprotected steel tools and
furnace equipment. Thus with long exposure times, Fe levels can reach 2 wt% at a
normal melt temperature of ~700°C (an Al-Fe eutectic exists at 1.7 wt% Fe, 655°C,
as shown in Figure 2.20). For a melt held at 800°C, the Fe level may reach up to
5%.

2- Iron may also enter an aluminum melt via the addition of low-purity alloying
materials, such as Si, or via the addition of scrap that contains higher background
iron than the primary metal.

Manganese is the most common alloying element used as an addition to neutralize
the effect of iron and to modify the morphology and type of the intermetallic phases.'*
Manganese is added to many of the alloys for two main purposes: (i) to increase high-
temperature strength and creep resistance through the formation of the high melting point
compounds: CuMnsAlyy, MnCrAl;, and also Al;s(FeMn);Si,; more complex compounds

containing chromium and nickel may also involved; (ii) to correct the embrittling effect of

Fe.
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Figure 2.20 Binary Al-Fe equilibrium phase diagram.'*’

2.7.2.1 Formation of Iron-Intermetallics during Solidification

Although iron is highly soluble in liquid aluminum and its alloys, it has very little
solubility in solid, and it thus tends to combine with other elements to form intermetallic
phase particles of various types. When iron combines with Al and Si, it forms different
intermetallics, of which the brittle, plate-like or needle-like B-Fe phase is deleterious to
mechanical properties, see Figure 2.21(a). The composition of the $-Fe phase is AlsFeSi
(25.6% Fe, 12.8% Si), in a range of 25~30% Fe and 12~15% Si. This phase has a
monoclinic structure with the parameters a=b = 6.12 A; ¢ = 41.5 A; and @ = 91°; with a

density of 3.30~3.35 g/em’, it appears in the form of thin platelets in the microstructure.
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There are two types of B-AlsFeSi platelets: pre-eutectic particles, characterized by their
large size, and co-eutectic or post-eutectic particles, which are relatively thin. The
difference in their sizes is directly related to the rates of diffusion of the iron atoms with
respect to the temperatures at which the two particle types precipitate.

It has been proposed that increased solidification rates, strontium additions and/or
the presence of transition elements such as Mn will promote the development of a more
compact, less harmful a-Fe phase.'>'***3713 The composition of the o-Fe phase is
AlgFe,Si (31.6% Fe, 7.8% Si), often reported as Al;sFesSi, (30.7% Fe, 10.2% Si), with a
probable composition range of 30~33% Fe and 6~12% Si. The phase is reported to have a
hexagonal structure with the parameters a = 12.3 A; ¢ = 26.3 A; and a density of 3.58
g/em?; it appears in the form Chinese script particles as shown in Figure 2.21(b)."** The o-
phase exerts a less deleterious effect on the physical properties of the cast part due to its
more compact shape and a more diffuse interface with the aluminum matrix, resulting in
better cohesion.'*’

The o-AlFeSi phase shows an irregular, curved crystal growth which conforms to
the complicated shape of the interdendritic spaces during solidification. It has a non-faceted
interface with the aluminum matrix, and exhibits no growth twinning, which allows for a
better bonding with the aluminium matrix. This type of growth occurs at high driving
forces of solidification or rapid cooling, i.e. at a high degree of undercooling, AT. The 8-
AlFeSi phase, on the other hand, grows in a lateral or faceted mode which is poorly bonded

to the aluminum matrix and contains multiple (001) growth twins parallel to the growth
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direction. This type of growth occurs at low driving forces or at slow cooling, i.e. at a low

degree of undercooling, AT.

(b)

Figure 2.21 Photomicrographs of common iron-containing intermetallics showing typical
morphologies in Al-5%Si-1%Cu-0.5%Mg-(Fe) alloys: (a) 5-Fe, (b) Chinese
script-like o-Fe.'*’

2.7.2.2 Effect of B(AlFeSi) on the Properties of Al-Si Alloys

The detrimental effect of iron begins at a somewhat low primary Fe-level but
becomes far more serious once a critical Fe-level (dependant on the alloy composition) is
exceeded. The critical iron level is directly related to the silicon concentration of the alloy.
Figure 2.22 shows a section of the Al-Si-Fe ternary phase diagram which draws attention to
the reason for the existence of critical iron content. As the silicon content of the alloy
increases, there is an increase in the amount of iron which can be tolerated before the (8-
phase starts to form prior to the Al-Si eutectic. At 5% silicon, the critical iron content is
~0.35%, at 7%Si 1t rises to ~0.5, at 9% it is ~0.6%, and by 11% it reaches ~ 0.75%. Also,

the temperature (and therefore time) at which §-Fe can form prior to the Al-Si eutectic
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decreases with increasing Si content for a given Fe content. The line AB between the 3-
phase field and the Al phase field is the period during which the larger and more
detrimental intermetallic particles form.

The morphology of the 8-phase allows it to act as a stress raiser, which may serve to
explain the mechanical properties of the cast part. The threshold amount of iron, leading to
the formation of primary AlsFeSi capable of undermining the properties is > 0.7 wt%.
When the phase forms in the eutectic structure (Fe < 0.7 wt%) it is believed to even
enhance the tensile properties slightly.*’ It should be noted, however, that the percentage of
iron quoted to form primary or secondary AlsFeSi depends on the cooling rate and silicon
content. The effect of increasing Fe is a gradual reduction in the elongation, impact
strength, and tensile strength of aluminum-silicon alloys,”'*! while Brinell hardness and
yield strength are reported to increase gradually.*

Couture '* reported that the addition of iron to Al-Si alloys is detrimental to the
mechanical properties. Increasing the iron content from 0.5 to 1.2% in an Al-Si casting
alloy dramatically reduces the mechanical properties, particularly the ductility, due to the
formation of B-Fe platelets. Vorobev et al.'* claimed that even a small addition of Fe to
Al-Si alloys seriously diminishes tensile strength and elongation, because of the formation
of the brittle B-AlsFeSi at cooling rates normally employed in sand and permanent mold
castings.'** The volume percent and size of the B-phase formed depends to a high degree on

the iron content, solidification rate and superheat temperature.'*’
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Figure 2.22 Termary Al-Si-Fe phase dia_%ram showing primary Al-solidification for
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According to Bonsack'*®

any amount of Fe over 0.5% will be present as Al-Fe-Si in
large needles which, up to about 0.8% Fe, increases strength and hardness but reduces
ductility slightly. Above 0.8% Fe, both strength and elongation deteriorate rapidly, and
there is a deleterious effect on the machinability. Hajas'"’ reported that the formation of
AlsFeSi causes stress cracking and void formation in Al-10%Si-Mg alloy castings. Iron
contents of up to 0.2% improve the tensile strength, while higher levels reduce the tensile
strength and elongation, and increase hardness. Komiyama et al.'*® observed that in Al-
9.2%Si1-4%Cu-0.5%Mg alloy, hardness increases, whereas tensile strength and elongation
decrease with an increase in the iron content; the tensile strength decreases markedly when

the iron content exceeds 0.5%. The AlsFeSi phase has also been reported to impede fluidity

and feeding, and to promote shrinkage porosity.*'*’ The resulting porosity in itself may
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also contribute to the deterioration of mechanical properties. Fatigue strength may be
affected by the formation of AlsFeSi because the cohesion between the aluminum matrix
and the intermetallic in question is poor.'** One study for an Al-Si piston alloy found that
room temperature tensile strength was reduced by the presence of the AlsFeSi phase,
although at elevated temperatures it was observed that the presence of these phases

increased the tensile strength.

2.7.2.3 Effect of o-Fe on the Properties of Al-Si Alloys

Manganese has very little solubility in aluminum, and as a consequence the Mn in
the remaining liquid will combine with Fe, Si, and Al to produce a different Fe-bearing
intermetallic having the stoichiometry Al;s(Mn,Fe);Si>."*® The general morphology is the
one known as Chinese script, although the phase has also been shown to have other
morphologies such as blocky and dendritic.™® The commonly accepted ratio of Mn to Fe
required to form the c-phase rather than the S-phase is 1 to 2.14%!°11%2 Qverall, the o-phase,
as it 1s usually called, is much more compact and less detrimental to the mechanical
properties; it also improves feeding into interdendritic channels slightly. The reason for this
formation, in the presence of Mn, may be illustrated by the phase diagram shown in Figure
2.23.78

Yaneva et al.'> studied the appearance of iron intermetallic phases in Al-Si cast
alloys at different Fe and Mn concentrations; they showed that the percentage of the B-
phase rapidly increases with the iron concentration for a given concentration of Mn, as

shown in Figure 2.24.
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Figure 2.23 Simplified phase diagram of the Al-Fe-Si-Mn system at a constant Mn
level.”®
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Figure 2.24 Dependence of the percentage of B-phase vs. 1ron content.'>

According to ANSI/ASTM specifications, if the Fe-content exceeds 0.45%, the Mn
content should be no less than half that of the Fe."** Colwell and Kissling'>® pointed out
that when the Mn content is half that of iron, it breaks down the long needles of the -
AlsFeSi phase thereby improving both the mechanical properties and castability of the
alloy. Komiyama et al."*® showed that Mn has a strong effect on the alloy tensile strength
only at iron contents which are higher than 1%.When the Mn:Fe ratio exceeds a certain
limit, however, then the addition of Mn is observed to have a harmful effect. According to
Mondolfo,"* (Fe,Mn)Al is the first phase in the Al-Fe-Mn-Si system to form over a good
part of the system where many of the commercial alloys are located. In many alloys,
(Fe,Mn)Als then reacts peritectically with the liquid to form Al;5(Fe,Mn);Si,.2 On the other
hand, the quaternary phase Al(Fe,Mn)Si is very often the structural constituent in a wide

group of commercial alloys. The o-iron phase may precipitate in the form of the Chinese
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script-like Aljs(Fe,Mn);Si, phase, or else as compact polyhedral or star-like particles
termed sludge with a composition close to the former, namely, Al;; to Al s(Fe,Mn);Si,,
depending upon the levels of Fe, Mn and Cr present in the alloy, and the processing
parameters involved which include melt holding and pouring temperatures; melt additives
such as Sr and Al-5Ti-1B grain refiner; and cooling conditions. The sludge compounds
have high melting points and high specific gravity which causes them to settle to the floor
of the melt. If they are stirred into the melt and incorporated into a casting, they act as hard
spots and have a detrimental influence on the mechanical and physical properties of the cast
parts.

An empirical formula called the “sludge factor” has been suggested by Gobrecht.'*®
The sludge factor for Al-Si-Cu is used to determine how much Fe, Mn, and Cr can cause
sludge to form; it also serves as a rough guide to avoid sludging. This factor is calculated as

Sludge Factor = (1* wt% Fe) + (2* wt% Mn) + (3* wt% Cr) Eq. (15)

The above formula is useful for predicting susceptibility to sludge formation,
although metal temperature and the agitation of the molten metal, to some extent, also
influences susceptibility to sludge formation. At higher holding temperatures, or with an
agitated bath (as in induction furnaces), a sludge factor of 1.8 will normally result in sludge
formation if a casting temperature of 650°C or more is maintained, despite this, for lower
holding temperatures, a sludge factor of 1.4 or less may have to be applied. For alloys 319
and 413 the critical sludge factor is estimated to be 2.1.">’

Dunn'® reported on the chemical composition of sludge in A380 alloy. The material

removed from the bottom of the melt produced an analysis which included 6.5% Fe, 3.03%
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Mn and 1.44% Cr. The actual crystals of the sludge compound were analyzed using
electron microprobe analysis, and had a composition which included, besides Al, 20% Fe,
10% Si, 6% Mn, 1% Cr and 1% Cu. Another analysis was made of the large crystals of
sludge which had accumulated over a long period in a reverberatory furnace used for
melting alloy A380. This sludge had a melting point of over 800°C and contained 9.4% Si,
11.4% Fe, 6.07% Mn, 2.16% Cu, 1.77% Cr and 0.4% Zn. The results recorded by Dunn for
alloy A380 confirm that the factors 1, 2, and 3 for Fe, Mn, and Cr, respectively, in the
sludge formula are reasonably correct and can be used as a melting control. The effects of
Mn and Fe content on the formation of sludge is illustrated in Figure 2.25. Sludge tended to
form at a high Fe-content, e.g. 1.2% Fe, or at high concentrations of Mn and Cr with a low
Fe-content, e.g. 0.4% Fe. More than 0.2% Mn and 0.1% Cr were needed, however, to

convert all Fe platelets to the star-like form.">>'®
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Figure 2.25 Effect of Mn and Fe on the sludge factor in the Al-12.7%8i-0.1%Cr alloy.'®
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More recently it was discovered that strontium has been linked to the formation of

another a-phase having the stoichiometry AlgFe,Si.*'"

Phosphorus is an effective element
in refining primary silicon grains of eutectic and hypereutectic Al-Si alloys. Apparently Sr
reacts with P, preventing heterogeneous nucleation of AlsFeSi on AIP.!** As a result,
AlgFe,Si is formed during eutectic growth when the Si in the remaining liquid is nearly
depleted. The method generally accepted to improve the properties of aluminum alloys
containing Fe is through the addition of a master alloy containing Mn (e.g., Al-25%Mn or
Al1-10%Mn-2%T1), which would allow the Fe to crystallize in the more compact a-Fe form
rather than the harmful B-Fe platelet-like form."*® Other foundry researchers have found
that master alloys containing Cr, Co, Be or Mo may have the same effect of converting the

B-phase to a-phase.'*>""!

2.8 HEAT TREATMENT

Heat treatment is one of the major factors used to enhance the mechanical properties
of heat-treatable Al-Si alloys, by means of an optimization of the solution and aging heat
treatments applied to these alloys. The heat treatment is usually comprised of the following
three stages: solutionizing, quenching, and aging. Table 2.6 details a few of the more

commonly applied heat treatments.

2.8.1 Solution Heat Treatment

The solution treatment fulfils three roles'®>'®

e Homogenization of as-cast structure.
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e Dissolution of certain intermetallic phases such as Al,Cu and Mg,Si

e (Change of the morphology of eutectic silicon.

Table 2.6 Common aluminum heat treatment designations
Treatment Solution Quench Aging
T4 Yes Yes Room Temperature only
T5 No No Elevated Temperatures
T6 Yes Yes Elevated (to yield increased strength)
T7 Yes Yes Elevated (to yield dimensional stability)

The segregation of solute elements resulting from dendritic solidification may have
an adverse effect on mechanical properties. The time required for homogenization is
determined by the solution temperature and by the dendrite arm spacing. Hardening
alloying elements such as Cu and Mg display significant solid solubility in heat-treatable
aluminum alloys at the solidus temperature; this solubility decreases noticeably as the
temperature decreases.

The changes in the size and morphology of the silicon phase have a significant
influence on the mechanical properties of the alloy. It has been proposed that the
granulation or spheroidization process of silicon particles through heat treatment takes
place in two stages: (i) fragmentation or dissolution of the eutectic silicon branches and (ii)
spheroidization of the separated branches.'® During solution treatment, the particles
undergo changes in size and in shape. In the initial stages, the unmodified silicon particles
undergo necking and separate into segments, which retain their original morphology. As a

result of the separation, the average particle size decreases and the fragmented segments are
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eventually spheroidized. The spheroidization and the coarsening of eutectic Si can occur
concurrently during the second stage.

Modification facilitates fragmentation since it promotes eutectic silicon branching.
The rate of spheroidization of the eutectic silicon phase is obviously faster in modified
alloys than in unmodified alloys, due to the increased driving force provided by the finer
as-cast structure of the modified eutectic silicon in the former. Tiryakioglu'®® studied the
effects of solution treatment temperature time on the microstructure of a cast Al-7%Si-

0.6%Mg alloy. The results showed that, with increasing solution treatment time, Si

particles become gradually rounded and coarsened, see Figure 2.26."

(o Empic 3]

Figure 2.26 The effect of solution treatment time at 540°C on the microstructure of
Al-7%8i-0.6%Mg alloy.'®® Castings were solution treated for: (a) 1 h;
(b) 4 h; (c) 16 h; and (d) 64 h.
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Based on conventional solution treatment rules, the solution temperature of Al-Si-
Cu-Mg alloys is restricted to 495°C,'**'*” in order to avoid incipient melting of the copper-
rich phase. The time at the nominal solution treatment temperature must be long enough to
homogenize the alloy and to ensure a satisfactory degree of precipitate solution. In alloys
containing high levels of copper, complete dissolution of the Al,Cu phase is not usually
possible. The solution time must then be chosen carefully to allow for the maximum
dissolution of this intermetallic phase, bearing in mind nevertheless, that solutions treating
the alloy for long times are expensive and may not be necessary to obtain the required alloy
strength. Moreover, the coarsening of the microstructural constituents and the possible
formation of secondary porosity which result after prolonged annealing at such
temperatures can have a deleterious effect on the mechanical properties.'®®

Studies by Gauthier e al.®®'® on the solution heat treatment of 319 alloy over a
temperature range of 480°C to 540°C, for solution times of up to 24 hours, showed that the
best combination of tensile strength and ductility was obtained when the as-cast material
was solution heat-treated at 515°C for 8 to 16 hours, followed by quenching in warm water
at 60°C. A higher solution temperature was seen to result in the partial melting of the
copper phase, the formation of a structureless form of the phase and related porosity upon
quenching, with a consequent deterioration of the tensile properties. A two-stage solution

169
L.

heat treatment suggested by Sokolowski et a is reported to reduce the amount of the

copper-rich phase in the 319 alloys significantly, giving rise to better homogenization prior

to aging and improving mechanical properties. Also, Crowell et al.'”® stated that the blocky
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Cu phase in Al-Si-Cu alloys dissolves with increasing solution time at the recommended
solution temperature of 495°C; also the rate of dissolution increases with Sr concentration.
Figure 2.27 shows that the solubility of Mg and Si in the Al-rich a-phase decreases
with temperature. Therefore, in order to dissolve maximum Mg and Si into solid solution,
the temperature of the solution heat treatment must approach eutectic temperature. At the
same time, this temperature should never exceed the melting-point in order to avoid any
local melting at the grain boundaries which can irreversibly reduce the mechanical
properties. In most cases, with regard to A356 alloys, the temperature of solution heat
treatment is controlled at 540 = 5°C, to obtain a solubility of about 0.6% Mg in solid
solution, followed by quenching and natural or artificial aging which allows for the

formation of interdendritic non-equilibrium precipitates of Mg,Si and also for changes in

the characteristics of Si-particles.**'*
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Figure 2.27 Equilibrium solubility of Mg and Si in solid aluminum when both Mg,Si
and Si are present.'*?
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Yoshida and Arrowood'”! investigated the effects of variations from T6 Standard
treatment on the hardness, ductility, and UTS of aluminum alloy A356 cast in a permanent
mold with and without strontium modification. The main variables considered in the
experiments were solutionizing time and temperature. The as-cast samples were
solutionized for various periods of time (t = 2, 4, 8, 16, and 32 hours) at 520°C/540°C and
aged at 160°C for 6.5 hours. The highest hardness was obtained at the shortest solutionizing
time of 2 hours for both the unmodified and modified A356 alloy, while the highest
ductility was not reached until the samples were solutionized for 8 hours at the same
temperature, as shown in Figure 2.28. A slight change in solutionizing temperature did not
cause much variation in hardness, ductility, or UTS. It may also be seen from Figure 2.28
that the strontium-modified samples exhibit higher elongation than the unmodified ones

under all the heat treatment conditions reported in this study.'”!
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Figure 2.28 Hardness vs. elongation with respect to variations in solutionizing time.'”!
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2.8.2 Quenching

Following solution heat treatment, quenching is the next important step in the heat-
treatment cycle. The objectives of quenching are to suppress precipitation during
quenching; to retain the maximum amount of the precipitation hardening elements in
solution to form a supersaturated solid solution at low temperatures; and to trap as many
vacancies as possible within the atomic lattice.'”>'”> The best combination of strength and
ductility is achieved from a rapid quenching. Cooling rates should be selected to obtain the
desired microstructure and to reduce the duration time over certain critical temperature
ranges during quenching in the regions where diffusion of smaller atoms can lead to the

precipitation of potential defects.!™

The effectiveness of the quench is dependent upon the
quench media (which controls the quench rate) and the quench interval. The media used for
quenching aluminum alloys include water, brine solution and polymer solution.'”>!7®!"’
Water used to be the dominant quenchant for aluminum alloys, but water quenching most
often causes distortion, cracking, and residual stress problems.'”>’¢!"®'" It has been
reported that the water temperature affects the properties of the cast aluminum alloy A356

subjected to T6 heat treatment once the water exceeds 60-70°C, with UTS and YS being

significantly more sensitive than ductility.'™

2.8.3 Aging
Age-hardening has been recognized as one of the most important methods for
strengthening aluminum alloys, which involves strengthening the alloys by coherent

precipitates which are capable of being sheared by dislocations.'*® By controlling the aging
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time and temperature, a wide variety of mechanical properties may be obtained; tensile
strengths can be increased, residual stresses can be reduced, and the microstructure can be
stabilized. The precipitation process can occur at room temperature or may be accelerated
by artificial aging at temperatures ranging from 90 to 260°C.

It was indicated that aging must be accomplished below a metastable miscibility gap

called the Guinier-Preston (GP) zone solvus line.'®!

Age-hardening can take place either at
room temperature (natural, T4 temper) or at elevated temperatures (artificial, T6 temper).
The phenomenon of precipitation was originally discovered by Ardel in 1906.'%? He
found that the hardness of aluminum alloys which contained magnesium, copper, and other
trace elements increased with time at room temperature, which was later explained by
precipitation hardening. Over the years, much research was carried out to understand the
aging kinetics of T4 and T6 heat treatments and to study the effects of underaging, peak-

aging, and overaging on hardness,'%>!841%°

ultimate tensile strength,'® crack propagation
behavior,'® and the cyclic stress-strain response of cast aluminum-silicon alloys.'®’

The precipitation sequence for an Al-Si-Cu alloy, such as 319, is based upon the
formation of Al,Cu-based precipitates. The Al,Cu precipitation sequence is generally

described as follows: 2%188:189,190

a, > GP Zones— 0"— 6'— 6 (Al,Cu)
The sequence begins with the decomposition of the solid solution and the clustering
of Cu atoms; the clustering then leads to the formation of coherent, disk-shaped GP zones.
At room temperature aging conditions, GP zones arise homogeneously; these zones

manifest as two-dimensional, copper-rich disks with diameters of approximately 3-5 nm.?
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As time increases, these GP zones increase in number while remaining approximately
constant in size.

With regard to the Al-Cu alloys, as the aging temperature is increased above 100°C,
the GP zones dissolve and are replaced by the 8" precipitate. This precipitate is a three-
dimensional disk-shaped plate having an ordered tetragonal arrangement of Al and Cu
atoms; 6" also appears to nucleate uniformly in the matrix, and is coherent with the matrix
in binary Al-Cu alloys. The high degree of coherency causes extensive coherency-strain
fields to arise, '® giving peak strength to the material at this time.

As aging proceeds, the 8" starts to dissolve, and 8’ begins to form by nucleating on

dislocations and/or cell walls;'%%'%° ¢’

also has a plate-like shape and is composed of Al
and Cu atoms in an ordered tetragonal structure; 8’ loses coherency with the matrix,
however, as it grows. Thus, since the long-range coherency-strain fields do not arise, a
decrease in strength properties may be observed, while continued aging causes the
equilibrium 8 (Al,Cu) precipitate to occur. Tetragonal in shape, the € phase is completely
incoherent with the matrix; this fact, combined with its relatively large size and coarse
distribution, reduces the strength properties significantly.?’

The effects of varying Mg-content on the mechanical properties of a 380 aluminum
die-casting alloy as a function of aging time at 180°C was studied by Samuel et al.'®! They
concluded that the tensile and yield strengths increased substantially with increasing Mg
content when the alloys were subjected to artificial aging. The hardness (measured by

Brinell) increased from 76 BHN to 96 BHN when 0.57 wt% Mg was added to the 380

alloy. Aging for 8 h at 180°C increased this value to 112 BHN. Increases in Cu were found
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mainly to reduce ductility and change the morphology of the Cu-containing phases.'! The
strength of an age-hardenable alloy is governed by the interaction of moving dislocations
and precipitates. The obstacles in precipitation-hardened alloys which hinder the motion of
dislocations may be either the strain field around the GP zones resulting from their
coherency with the matrix, or the zones and precipitates themselves, or both. The
dislocations are then forced to cut through them or go around them forming loops. The
preceding thus implies clearly that there are three sources for age hardening: strain field
hardening, chemical hardening and dispersion hardening.

Gloria et al.'”* investigated the dimensional changes occurring during the heat
treatment of an automotive 319 alloy by means of T6 and T7 tempers involving solution
treatment, quenching and artificial aging. They observed that increasing the solution
temperature has the greatest influence in the dimensional change of samples due to
dissolution of the ALCu phase. By increasing the aging temperatures, however, expansion
is produced as a result of the transformation of the metastable phases into equilibrium
phases.

Shivkumar ef al.'® have studied the parameters which control the tensile properties
of A356 alloy in the T6 temper. The improvement in the alloy strength has been attributed
to the precipitation of negligible phases from a supersaturated matrix. The sequence of
precipitation in Al-Si-Mg alloys can be described as follows:

6] Precipitation of GP zones, (needles about 10 nm long);
(i)  Intermediate phase §"-Mg,Si, (homogeneous precipitation);

(iii)  Intermetallic phase 3’-Mg,Si, (heterogeneous precipitation);
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(iv)  Equilibrium phase 8-Mg,Si, FCC structure (a = 0.639), rod or plate-shaped.
The maximum alloy strength (peak-aging) is achieved just before the precipitation of the
incoherent B3-platelets. Apelian et al.'™ studied the aging behaviour of Al-Si-Mg alloys and
observed that the precipitation of very fine §-Mg,Si during aging leads to a pronounced
improvement in strength properties. Both aging time and temperature determine the final
properties. Their study also established that increasing the aging temperature by 10°C is

equivalent to increasing the aging time by a factor of two.

2.9 EFFECTS OF TRACE ELEMENTS ON MATERIALS

The effect of the addition of trace elements on the properties of materials is a well-
known phenomenon in materials. Under a number of specific conditions, the addition of
trace amounts of certain elements has a disproportionate effect on properties. In order to
produce such an effect, these clements must segregate to specific microstructural or
crystallographic sites. Additions of Sr or Sb affect the nucleation of the eutectic Si in Al-Si
castings, thereby promoting a finer Si phase and improved properties.”®’’ As little as 0.05%
Sn, In or Cd suppresses natural aging and stimulates the artificial aging of Al-Cu alloys.'**
Doping of Si with a few parts per million of Ga changes its electrical conductivity
characteristics which led to the semiconductor revolution.'®® The creep life of nickel-based
superalloys may be increased by one order of magnitude through the addition 0of 0.01% Zr
+ 0.009% B.'* During the vacuum brazing of Al, additions of Mgm’198 as well as Ca, Sr,
Li'"*” Sb and Bi'*® improve joint properties. Additions of less than 1% Pb are used to modify

the reactivity of Zn dust produced during atomisation.””® These are all examples of trace
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elements having a beneficial effect on properties, although this is not always the case.
When the trace element causes a reduction in properties, it is generally regarded as an
impurity and considerable efforts are made to keep such impurities to a minimum level.
One such example is Pb in recycled Al alloys, caused by the addition of fishing weights to

recycled Al cans, leading to a significant reduction in tensile ductility.*"*

2.9.1 Tin in Al-Si Alloys

Tin is a minor alloying element in aluminum alloys; in the past it was added to
increase the fluidity of casting alloys and today it is added to the alloys used for bearings.
According to the phase diagram shown in Figure 2.29, Al and Sn have mutual solid
insolubility, with the maximum of Sn solubility in Al being about 0.1 wt% at
approximately 627°C, and then decreasing to reach a probable value of 0.05-0.07% Sn at
the eutectic temperature, and much smaller values at lower temperatures.”> The eutectic
point is at 228-229°C and 99.5% Sn, which is very close to the Sn end and melting-point.
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Figure 2.29 Aluminum-Tin phase diagram.?*
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The purpose of this thesis is to study the Al-Si-Cu-Mg and Al-Si-Mg system as a
basis for understanding the role of Sn in more complex systems which may be employed
for industrial applications. In particular, it was shown that it is possible to replace toxic lead

by nontoxic tin in an Al-Cu-Bi-Pb alloy, which is one of the most common machinable Al-

based alloys.?*

Nevertheless, contrary to Pb, the decomposition sequence of Al-Cu is
substantially influenced by the presence of even a small amount of Sn.*** Solid lubricants,
such as graphite and Pb are dispersed in Al-Si alloys so as to increase their resistance to
seizure. With the addition of graphite, however, the ductility, formability and thermal
conductivity decrease.’®> The addition of Sn to Al-Si alloys can meet many of the above
requirements and can also act as a solid lubricant to minimize the chances of seizure. The
possibility of using tin in aluminum free-cutting alloys has been known for some time.****’
Tin was one of the first elements to be added to aluminum alloys in amounts up to 2
wt%.2%® At that time, its widespread use was not accepted in general practice because of a
supposed worsening of the corrosion properties,”” lower ductility of the alloys and the high
costs incurred.’”® In Al-Cu alloys, trace element or microalloying additions of Sn, Cd, or In
are known to increase the hardening response during elevated temperature aging (130°C
and 190°C).2"%*!! It was also observed that hardening of the Sn-containing alloy proceeds
through a single stage at both temperatures. This fact is associated with the preferred
nucleation of the 8’ phase at the expense of the Guinier-Preston (GP) zones and 6" 2'%*!2
The resulting effect, usually attributed to the high tin-vacancy binding energy, is due to a

reduced solubility of copper in the presence of tin.>*> The B-tin phase was found in the Al-

Cu-Sn alloy immediately after quenching, followed soon after by precipitation of Al,Cu in
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the early stages of aging.”'* Those tin particles which could be clearly identified as p-Sn
phase shared a crystallographic relationship of the form (001)Sn II (00D)AL || (001)0',
[110]Sn| [100]Al| [100]6' with the «-Al and ©' phases with which they were
simultaneously in contact.?'® These observations imply that, while tin may assist nucleation
of 0’ platelets, the formation of 0 also influences the crystallography of $-Sn which forms

in association with @',

Murali et al*'® investigated the effect of trace additions of tin, indium, and
cadmium on the natural aging of Al-7%Si-Mg precipitation-hardened alloy. Delays of up to
24 hours in aging were observed to reduce the final UTS by 20 MPa, yield strength by 10
MPa, and hardness by 10-15 BHN, although elongation was improved by 50%. In Al-Si-
Cu-Mg alloys, Sn prevented the formation of Mg,Si, while Sn and Pb prevented the
formation of the AlMgsCusSis phase. Grebenkin et al®' also determined that tin is
analogous to silicon electronically and replaces silicon in the magnesium compounds
Mg,Si and AlMgsCusSis. No free tin was found in Al-Si-Mg alloys when tin and
magnesium levels were similar. The Mg,Sn phase contained little silicon.

Sircar®'®

also examined alternative alloying additions by focusing on the
substitution of In+Sn for the Pb+Bi in the composition of 6262 base alloy. The results
showed that these elements produce the desired low melting-point eutectic phases and
somewhat improved machinability over that of the 6262 alloy. Alloy X6030 was registered
in 1995 with In+Sn additions, although this alloy is at present in the process of being

deactivated. The development of the alloy had originally aimed at producing one which

maintained a good balance of machinability with high impact strength. No specific alloys
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have thus far been registered as a result of this research. As mentioned earlier, the selection
of these low melting-point elements was limited to binary systems. After a rigorous review
of the various phase diagrams, the following system was considered. The Bi-Pb phase
diagram shown in Figure 2.30 has the eutectic composition at 44.8 wt% Pb and a eutectic
temperature of about 125.5°C. This displays great similarly to the Bi-Sn and In-Sn binary
systems shown in Figures 2.31 and 2.32, which illustrate, respectively, a eutectic point at

43 wt% Sn and a eutectic temperature of 139°C, and a eutectic point at 49.1 wt% Sn at a

eutectic temperature of 120°C.
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Figure 2.30  The Bi-Pb equilibrium binary phase diagram.*"

Bismuth and Sn, and In and Sn, just like Pb and Bi, have very little solubility in
aluminum in the solid state. The well-recognized problem with Pb-Bi system is that a large

amount of Pb and Bi addition is needed to obtain the necessary volume percent in the alloy
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for free machining. Since lead is extremely dense, large additions are required, thereby
increasing the environmental unacceptability of this type of alloy. While Bi has a low
affinity for Sn so that the two elements form only limited amounts of a low melting-point
eutectic, the addition of indium, even in small amounts, has a surprising impact in that large
amounts of a ternary low melting-point eutectic are formed. This ternary eutectic also has a
substantially lower melting-point than the bismuth-tin eutectic. The Bi-Sn-In eutectic has a

melting temperature of less than 100°C.
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Figure 2.31 The Sn-Bi equilibrium binary phase diagram.*"®

In spite of the published literature, there is very little data describing the effect of
lead, bismuth, tin, and indium additions on the microstructure and mechanical properties of

Al-Si-Cu-Mg and Al-Si-Mg alloys. Thus, the study will focus on investigating the
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precipitation of these elements and their influence on the mechanical properties of
experimental Al-10.8% Si, B319.2 and A356.2 alloys.

For the purposes of this study, the effect of the Al-insoluble elements Sn, Bi, Pb,
and In on the microstructure and mechanical properties of experimental Al-10.8% eutectic
alloy are investigated taking into account that they all have extremely low distribution
coefficients in both Al and Si. Of great interest here is the effect of these micro-alloying
elements on the morphology and size of Si particles, and whether or not the refinement

translates into an increase in tensile strength, ductility and toughness.
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CHAPTER 3

EXPERIMENTAL PROCEDURES

3.1 INTRODUCTION

This chapter will provide all the relevant details concerning the alloys and additives
used in this research, the general melting and casting procedures applied, the various
techniques used for microstructural characterization and phase identification, namely
optical microscopy, image analysis, and electron probe microanalysis (EPMA) including
EDX and WDS techniques, as well as the tensile, hardness and impact testing methods used
to determine the mechanical properties of the alloys investigated. It is worthwhile
mentioning here that the number of samples which were cast for this study was
considerable, giving an idea of the quantity of molten metal which was processed in the
preparation of the corresponding castings.

Four kinds of test samples were produced: (i) hardness test bars; (ii) tensile test
bars; (iii) impact test specimens; and (iv) samples for chemical analysis. The alloy codes
for the various alloys that were prepared have been collectively listed in Table 3.1. Details
of the experimental procedures which were adopted are provided in the following

subsections.

3.2 EXPERIMENTAL PROCEDURES
The experimental Al-10.8%Si base alloy used in this research, and coded R, was

received from the supplier in the form of 12.5-kg ingots. Using this base alloy, four main
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groups of alloys were prepared, corresponding to Sr and Ti, Fe and Mn, Cu and Mg, and
Pb, Sn and Bi additions, and coded R, RF, RC, and RT, respectively. The bulk of the
experimental work was carried out using the Al-10.8%Si near-eutectic alloy.

In addition, B319.2 (coded N) and A356.2 (coded K) commercial Al-Si alloys were
used to investigate the role played by the addition of tin with regard to the microstructure
and mechanical properties of these alloys. Table 3.1 lists the chemical analyses of the
various alloys studied and their respective codes, as obtained from samplings for chemical

analysis taken from the corresponding melts.

3.2.1 Preparation of Alloys and Melting Procedures

The as-received Al-10.8%Si ingots were cut into smaller pieces, cleaned, dried and
melted in charges of 34 kg each to prepare the required alloys. The melting process was
carried out in a SiC crucible of 40-kg capacity, using an electrical resistance furnace. The
melting temperature was maintained at 750 = 5°C. All alloys were grain-refined by adding
0.25%Ti as Al-5%Ti-1%B in rod form and modified by adding Sr, in the form of an Al-
10%Sr master alloy (150 ppm Sr), using a perforated graphite bell. Taking the grain-refined
and modified alloy, coded RGM, as a reference, additions of Fe, Min, Cu, and Mg were then
made to the RGM alloy in order to study the effects of these alloying elements on the

microstructure and mechanical properties of the grain-refined and modified alloy.



Table 3.1 Chemical composition of the various Al-10%Si alloys prepared for this research

Alloy Chemical Composition (wt %)

code | Si | Cu [ Mg [ Fe [Mn | Sr | Ti | Sn [ Bi [ Pb | Zn | In | Al [ Mn/Fe | SF°®

R Group - Sr and Ti addition

R’ 10.89 | 2.243 | 0.309 | 0.464 | 0.492 | 0.014 | 0.057 0.0 0.0 0.0 0.0 0.0 bal. 1.069 | 1.06

RM 10.93 | 2.221 [ 0.370 | 0.449 | 0.494 | 0.030 | 0.077 0.0 0.0 0.0 0.0 0.0 bal. 1.099 | 144

RGM® [10.92 | 2.138 | 0.373 | 0.429 | 0.471 | 0.030 | 0.22 0.0 0.0 0.0 0.0 0.0 bal. 1.096 | 1.37

RF Group - Fe and Mn addition

RF1 10.82 | 2.099 | 0.276 | 0.733 | 0.667 | 0.03 | 0.22 0.0 0.0 0.0 0.0 0.0 bal. | 0.909 | 2.07

RF2 10.87 | 2.092 | 0.325 | 0.848 | 0.801 | 0.03 | 0.20 0.0 0.0 0.0 0.0 0.0 bal. | 0.944 | 245

RF3 10.90 | 2.132 | 0.275 | 0.735 | 0.481 | 0.03 | 0.26 0.0 0.0 0.0 0.0 0.0 bal. | 0.654 | 1.69

RF4 10.93 | 2.128 | 0.333 | 0.980 | 0.482 | 0.03 | 0.26 0.0 0.0 0.0 0.0 0.0 bal. 0492 | 1.95

RC Group - Cu and Mg addition

RC1 10.95 | 2.726 | 0.276 | 0.464 | 0.487 | 0.03 | 0.27 0.0 0.0 0.0 0.0 0.0 bal. 1.050 | 1.44

RC2 11.11 | 3.308 | 0.353 | 0.499 | 0476 | 0.03 | 0.26 0.0 0.0 0.0 0.0 0.0 bal. 0.955 | 146

RC3 10.85 | 2.300 | 0.491 | 0.462 | 0.46 | 0.03 | 0.23 0.0 0.0 0.0 0.0 0.0 bal. 0955 | 1.39

RC4 10.99 | 2.743 | 0.552 | 0.466 | 0.458 | 0.03 | 0.28 0.0 0.0 0.0 0.0 0.0 bal. | 0983 | 1.39

RC5 11.30 | 3.128 | 0.604 | 0.473 | 0.451 | 0.03 | 0.29 0.0 0.0 0.0 0.0 0.0 bal. 0952 | 1.39

RT Group - Trace Element additions

RP 10.82 | 233 | 032 | 04 | 0.51 | 0.028 | 0.27 0.0 00 | 043 | 00 0.0 bal. 1.2 1.44

RB 10.89 | 2.21 | 034 | 0.38 | 0.49 | 0.027 | 0.25 0.0 057 | 0.0 0.0 0.0 bal. 1.28 1.37

RN 10.71 | 237 | 032 | 043 | 048 10.031 | 025 | >0.48 | 0.0 0.0 0.0 0.0 bal. 1.11 1.39

RPB 10.85 | 235 | 0.33 | 041 | 0.50 | 0.028 | 0.25 0.0 0.55 | 046 | 0.0 0.0 bal. 1.2 1.42

RBN 1090 | 224 | 0.38 | 046 | 049 | 0.024 | 025 | >0.48 | 0.57 | 0.0 0.0 0.0 bal. 1.06 1.44

R2BN 1062 | 221 | 033 | 042 | 049 [0.023 | 0.26 | >048 | 0.53 | 0.0 0.0 0.0 bal. 1.16 1.40

RZ 1091 | 233 | 045 | 042 | 049 [0.028| 024 | >0.48 | 053 | 00 | 055 | 0.0 | bal 1.20 1.41

RNN 1091 ] 220 [ 033 | 041 | 0.51 | 0.028 | 0.25 | >0.48 | 0.0 0.0 0.0 | 0.50 | bal. 1.2 1.43

Main additives are in bold;

a: an experimental Al-10.8%Si base alloy;

b: grain-refined and modified Al-10.8%Si alloy, used as a reference alloy;
c: sludge factor.
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Iron and Mn were added in the form of Al-25%Fe and Al-25%Mn master alloys,
respectively, whereas Cu and Mg were added in the form of the pure metal. These additions
produced the alloys classified as groups RF and RC in Table 3.1. Finally, additions of the
trace elements Sn, Bi Pb, Zn, and In (individually and in different combinations) to the
RGM alloy produced the alloys corresponding to the group RT. These trace elements were
added in the form of pure metals, in amounts calculated to obtain the desired compositions.

In a separate study, the standard commercial B319.2 and A356.2 aluminum cast
alloys were used as a base-line in order to study the influence of tin on the microstructure
and mechanical properties of these alloys. The alloys were grain-refined by adding 0.2%Ti
in the form of Al-5%Ti-1%B rod and Sr-modified with an Al-10%Sr master alloy (200
ppm Sr), using a perforated graphite bell. The chemical compositions of the grain-refined
modified B319.2 and A356.2 alloys, coded N and K, respectively, and the four Sn-

containing alloys prepared from them and their respective codes are provided in Table 3.2.

Table 3.2 Chemical composition 0of B319.2 and A356.2 Alloys with Sn additions

Alloy Chemical Composition (wt%)

code Si | Cu | Mg | Fe | Mn | Sr | Ti | Sn | Zn | Al | Mn/Fe | S.F
B319.2 Alloys

N (base) | 7.16 | 3.32 | 0.29 | 0.29 | 0.27 [0.019] 027 | 0.0 | 0.14 [bal.| 095 | 0.87

NS 7.08 | 329 | 0.31 | 0.28 | 0.28 [0.017 ] 0.27 | 0.05 | 0.13 [bal. | 098 | 0.84

NSS 7.08 | 329 | 0.31 [ 0.28 | 0.28 [ 0.017 | 0.27 | 0.17 | 0.13 |[bal.| 0.98 | 0.84
A356.2 Alloys

K (base) | 6.76 | 0.01 [ 036 [ 0.08 | 0.28 [ 0.017 [ 0.27 | 0.0 [ 0.01 [bal. | 3.30 | 0.64

KS 6.87 | 0.01 | 0.39 | 0.08 | 0.28 [0.019] 0.27 | 0.05 | 0.01 [bal. | 352 [ 0.64

KSS 6.87 | 0.01 | 039 | 0.08 | 0.28 [0.019] 0.27 | 0.15 | 0.01 |bal. | 3.52 | 0.64

Main additives are in bold; S.F: sludge factor
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All melts were degassed using pure, dry argon injected into the melt for ~15 min by
means of a rotating graphite degassing impeller, at 125 rpm rotation, to ensure
homogeneous mixing of the additives, and a melt hydrogen level of 0.1 mL/100g. The
humidity varied between 11 and 15% when preparing these melts. The degassed melt was
carefully poured into various preheated molds to prepare castings for obtaining samples for
metallographic observations, hardness measurements, tensile testing, and impact testing.

The pouring temperature was 730 + 5°C.

3.2.2 Casting Procedures

The degassed melt was carefully poured into (a) two preheated (450°C) L-shaped
rectangular graphite-coated metallic molds for preparing castings/samples for
metallographic and hardness measurements; (b) an ASTM B-108 permanent mold to obtain
castings for tensile testing; and (c) a mild steel impact test mold to obtain samples for
impact testing. For each pouring/casting, a sampling for chemical analysis was also taken
simultaneously to obtain the corresponding alloy melt composition.

The chemical analysis was carried out using arc spark spectroscopy at GM facilities
in Milford, NH. The alloy compositions listed in Tables 3.1 and 3.2 represent average
values taken over three spark measurements made on each chemical analysis sample. For
each set of melt conditions, identical castings were prepared for metallographic
observations, hardness measurements, tensile testing, and impact testing.

Samples for metallography and hardness testing purposes were obtained from

castings obtained from the L-shaped metallic mold, as shown in Figure 3.1(a). The points A
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and B in Figure 3.1(b) shows the location on the casting from which the hardness test bar
was sectioned, while the inset shows the surface of such a bar with indentations, resulting
from the hardness measurements.

In the case of the samples used for metallographic analysis, two samples were
sectioned (25 mm x 25 mm each) from the L-shaped casting, as shown in the schematic
diagram of Figure 3.2, to examine the alloy microstructure in the as-cast and solution heat-
treated conditions.

Figure 3.3(a) shows the ASTM B-108 type permanent mold used for preparing the
tensile test castings, while Figure 3.3(b) shows the actual casting obtained. As can be seen,

each casting provides two tensile test bars.

Figure 3.1 (a) Molds used to prepare the casting; (b) Alloy casting and hardness test
bar (2.54 cm x 2.54 cm x7.62 cm) obtained from the casting.



99

240 mm 1,2: Samples for metallography

a,b,c: Three casting bars used for
heat treatment and hardness
measurements
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Figure 3.2 Schematic diagram of the L-shaped metallic mold casting showing
sectioning of the two samples used for the metallography.

(b)
Figure 3.3  (a) ASTM B-108 permanent mold; (b) Actual tensile test specimen.
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The test mold used to prepare the impact test bars is shown in Figure 3.4, with the
casting still intact in the bottom half of the mold, and the open upper half behind the latter.
Each casting provides ten impact bars, which are cut from the casting, and then machined

to the required ASTM specifications for conducting Charpy impact tests thereafter.

Figure 3.4  Metallic mold used to prepare impact test bars.

3.2.3 Metallography-Microstructural Examination

From each of the castings prepared for metallographic observations, two samples
measuring 25 x 25 mm were sectioned off to represent each alloy condition. One sample
was used in the as-cast condition, while the second sample was solution heat-treated at
495°C for 8 h, and then immediately quenched in warm water (~65°C). The samples were
then mounted in bakelite using a Struers Labopress-3 Mounting Press (force of 30 N;

heating time of 9 min, cooling time of 6 min) then polished using a Struers Tegrapol-35
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Grinder-Polisher to obtain the desired fine finish (1 um Mastermet). Details of the grinding

and polishing procedures are provided in Table 3.3.

At each stage of the procedure, the coolant which was used also acted as a lubricant
and ensured constant cleaning of the paper and the specimen simultaneously. Between the
different stages, the samples were cleaned with water. Care was taken to see that the
pressure exerted on the specimen was high enough to ensure proper cutting by the abrasive
and a sufficient rate of abrasion, without the unwanted production of heat and premature

wear and tear of the abrasive.

Table 3.3 Grinding and polishing procedures for metallographic samples

Stage | Abrasive Particle Size | Coolant Pressure Time | Speed
(nm) ™) (sec) (rpm)
1 SiC (120) 125 Running water 30 60 150
2 SiC (240) 52 Running water 30 60 150
3 SiC (320) 35 Running water 30 60 150
4 SiC (400) 22 Running water 30 60 150
5 SiC (600) 14 Running water 30 30 150
6 SiC (800) 10 Running water 30 30 150
7 Diamond 9 Special oil 30 360 150
8 Diamond 6 Special oil 30 360 150
9 Diamond 3 Special oil 30 360 150
10 Mastermet 1 Running water 30 180 80

Note: Special Oil indicates lubricant fluid

Microstructures of the polished sample surfaces were examined using an Olympus
PMG3 optical microscope. The eutectic silicon particle characteristics, including area,

length, aspect ratio, roundness and density, were measured and quantified using a Leco
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2001 image analyzer system in conjunction with the optical microscope. For each sample,
50 fields at a magnification of 500x were examined, so as to cover the entire sample surface
in a regular and systematic manner. In addition, porosity measurements were carried out,
over 30 fields per sample, at a magnification of 50x. The porosity parameters measured
were percentage porosity, pore area, and pore length. As a rule, the outer edges of a sample
were avoided in taking these measurements so as to eliminate any distortions that might
occur in the peripheral regions. Figure 3.5 shows the optical microscope-image analysis

system used for these measurements.

Figure 3.5 The optical microscope-image analysis system used for microstructural
analysis.

Phase identification was carried out using electron probe microanalysis (EPMA)

coupled with energy dispersive X-ray (EDX) and wavelength dispersive spectroscopic

(WDS) analyses, using a JEOL JXA-89001 WD/ED combined microanalyzer operating at
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20 KV and 30 nA, where the electron beam size was ~2 um. Mapping of certain specific
areas of the polished sample surfaces was also carried out where required, to show the
distribution of trace elements in the phases. Figure 3.6 shows the JEOL WD/ED combined

microanalyzer which was employed for this purpose.

Figure 3.6  Electron probe microanalyzer used for this research.

3.2.4 Heat Treatment

For the Al-10%Si near-eutectic alloy, thirty-five bars were prepared for each alloy
composition. The test bars were divided into seven sets: one set was kept in the as-cast
condition, while the other six sets were solution heat-treated at 495°C for 8 h, then
quenched in warm water at 65°C, followed by artificial aging at 155°, 180°, 200°, 220°, and

240°C for 5 hours (i.e. T6 and T7-tempered).
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In the case of the B319.2 and A356.2 alloys, fifteen bars were prepared for each
composition. The test bars in this case were divided into three sets: one set was kept in the
as-cast condition, while the second set was solution heat-treated at 495°C/8 h in the case of
the B319.2 alloys, and at 540°C/8 h for the A356.2 alloys, then quenched in warm water at
65°C, followed by artificial aging at 180°C for 5 hours (i.e. T6-tempered). The third set was
TS5 heat-treated at 175°C for 10 hours.

A summary of the heat treatment procedures is provided in Table 3.4. The solution
and aging heat-treatments were carried out in a forced-air Blue M Electric Furnace
equipped with a programmable temperature controller (+ 2°C). The aging delay was less
than 10 s. For each individual heat treatment, five test bars were used. These procedures

were followed for the heat treatment of the tensile, hardness and impact test samples.

Table 3.4 Heat treatment procedures used
TS, T6, and T7- Temper
Alloy codes Solution Heat Treatment
Temp. (°C) Time (h)
Al-10.8%S:i alloys
1. Groups R, RF, | 1. SHT" (495°C/8h) Té6: 155 5
RC, and RT 2. Water quenching (65°C) | T6: 180 5
Té: 200 5
T7: 220 5
T7: 240 5
B319.2 alloys
1. N, NS, and NSS | 1. SHT? (495°C/8h) T6: 180 5
2. Water quenching (65°C)
2. N, NS, and NSS TS: 175 10
A356.2 alloys
1. K, KS, and KSS | 1. SHT® (540°C/8h) Té6: 180 5
2. Water quenching (65°C)
2. K, KS, and KSS T5: 175 10

a: Solution heat-treatment
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3.2.5 Mechanical Testing
The mechanical properties examined in this study were the tensile, hardness and
impact properties. A description of the castings prepared for these tests and the details of

test samples sectioned from the respective castings have been provided in subsection 3.2.2.

3.2.5.1 Tensile Testing

Tensile test bars were produced using the ASTM B-108 mold, shown in Figure 3.3
in subsection 3.2.2. Each mold casting provided two tensile bars, each with a gauge length
of 50 mm and a cross-sectional diameter of 12.7 mm. Figure 3.7(a) shows an example of
the actual test bar sectioned from the casting, while Figure 3.7(b) shows the dimensions of

the test bar according to ASTM specifications.

(a)
¢ =7.58 & =8.95
_L_ . _{ ..... PR (P R G i._ = l_
EQJ s |
g 101.73
(b)

Figure 3.7 Shows (a) an example of the actual test bar sectioned from the casting, and
(b) the dimensions of the test bar according to ASTM specifications.
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For the Al-10%Si near-eutectic alloy, thirty-five bars were prepared for each alloy
composition, and divided into seven sets corresponding to the heat-treatment conditions
described in section 3.2.4. In the case of the B319.2 and A356.2 alloys, fifteen bars were
prepared for each composition and divided into three sets corresponding to the heat-
treatment conditions described in their case. For each individual heat treatment, at least 5
test bars were used.

The as-cast and heat-treated test bars were pulled to fracture at room temperature at
a strain rate of 4 x 10™/s using a Servohydraulic MTS Mechanical Testing machine, as
shown in Figure 3.8. A strain gauge extensometer was attached to the test bar to measure

percentage elongation as the load was applied.

Figure 3.8  Servohydraulic MTS Mechanical Testing machine with data-acquisition
system.

The yield strength (YS) was calculated according to the standard 0.2% offset strain,

and the fracture elongation was calculated as the percent elongation (%EIl) over the 50 mm
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gauge length. The ultimate tensile strength (UTS) was also obtained from the data
acquisition system of the MTS machine. This machine was calibrated each time before any
testing was carried out. The average %El, YS or UTS value obtained from the five samples

tested was considered as the value representing a specified condition.

3.2.5.2 Hardness Testing

Hardness test bars measuring 2.54 cm x 2.54 cm x 7.62 cm were cut from the
casting, as shown in Figure 3.1(b). All test samples were heat-treated in the same way as
the tensile samples, and the specimen surfaces were polished with fine sandpaper to remove
any machining marks. The hardness measurements were carried out on the as-cast and heat-
treated samples using a Brinell hardness tester, employing a steel ball of 10 mm diameter
and a load of 500 kgf applied for 30 seconds. Figure 3.9 shows the Brinell hardness tester
used for these measurements. An average of eight readings obtained from two

perpendicular surfaces was taken to represent the hardness value in each case.

Figure 3.9  Brinell hardness tester used for hardness measurements.
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3.2.5.3 Impact Testing

As mentioned in subsection 3.2.2 and shown in Figure 3.4, each impact mold-
casting provided ten impact test bars. The samples were sectioned from the casting, and
machined according to the dimensions shown in Figure 3.10. The specimen surfaces were
polished with fine sandpaper to remove any machining marks. The impact tests were

performed on unnotched samples.

Compacting
, Direction
| 55 - i w10 |-
10 e Siriking
Direction

Figure 3.10 Charpy unnotched impact specimen (all dimensions in mm).

A computer-aided instrumented SATEC SI-1 Universal Impact Testing Machine
(SATEC Systems Inc., Model SI-1D3) was used to carry out the impact tests, as shown in
Figure 3.11. This machine is equipped with bolt-on weights in addition to the pendulum.
The pendulum is capable of being latched in two separate modes, known as “high latch”
and “low latch,” providing a total of four operating capacities, namely, a capacity of 25 ft-
1bs (33.9 J) on low latch and 60 ft-lbs (81.35 J) on high latch without the bolt-on weights
attached, and a capacity of 50 ft-Ibs (67.8 J) on low latch and 120 ft-lbs (162.7 J) on high
latch with the additional weights attached. A data acquisition system connected to the
impact machine monitored the dynamic behavior of the test specimen and measured the

load and energy values as a function of time.
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3
Figure 3.11 A computer-aided instrumented SATEC SI-1 universal impact testing
machine, with a Dynatup IPM/PC impact testing system for data

acquisition.

The total absorbed energy (E;) during impact testing was determined, together with
a number of specific parameters such as crack initiation and propagation energies, total
time, and the maximum load required to break the specimens. The load-deflection curves
and energies absorbed were obtained using a Dynatup IPM/PC Impact Testing System. The
average values of the energies obtained from the five samples tested for each alloy

condition were taken as the representative values for that particular condition.
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CHAPTER 4
EFFECT OF ALLOYING ELEMENT-ADDITIONS ON THE
MICROSTRUCTURE, HARDNESS, AND TENSILE PROPERTIES OF Al-10.8%Si
NEAR-EUTECTIC ALLOY
41 INTRODUCTION

In keeping with the objectives of this thesis, the effects of the addition of the
alloying elements Fe, Mn, Mg and Cu on the microstructural characteristics and on the
mechanical properties of an experimental Al-10.8%Si near-eutectic alloy will be examined
and discussed in both Chapters Four and Five.

Modification and grain refinement are commonly employed in producing aluminum
castings in order to improve their mechanical properties. Aluminum-silicon alloys without
modification treatment are characterized by relatively poor mechanical properties due to the
presence of coarse acicular plates of eutectic silicon which act as internal stress raisers.
Grain structure is also an important feature in aluminum alloy castings. Researchers have
often noted that fine grain size is beneficial to castings since feeding characteristics, tear
resistance, and mechanical properties are all observed to be improved by it. For this reason,
grain refiners are often added to the melt before casting so as to obtain a fine equiaxed
solidification structure. The addition of such alloying elements as copper and magnesium
enhances the mechanical properties of aluminum-silicon casting alloys. In the light of the
above, the subject of this chapter will thus be the effects of the addition of melt treatment
and alloying elements on the microstructure, hardness, and tensile properties of an

experimental Al-10.8%Si near-eutectic alloy.
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42  CHARACTERIZATION OF MICROSTRUCTURE

A metallographic study was conducted to examine the specific changes resulting
from melt treatment procedures (modification and grain refining), addition of alloying
elements, and solution heat-treatment from the point of view of microstructure and
chemical composition. In addition to observing the qualitative evolution of the morphology
and size of the Si constituent, quantitative analysis was also employed using a Leco 2001
image analyzer in conjunction with an Olympus optical microscope. The results obtained
will be discussed in the following subsections. Due to the very large number of samples

and conditions investigated, only selected representative micrographs will be shown.

4.2.1 Characteristics of Silicon Particles

The morphology of eutectic Si plays a vital role in determining the mechanical
properties of Al-Si alloys. Particle size, shape, and spacing are all factors which
characterize the structure of silicon. Table 4.1 summarizes the silicon particle
characteristics obtained for the alloys investigated.

As may be seen from this table and Figure 4.1(a), the Si particles are present in the
form of coarse acicular plates with an aspect ratio of 2.41 in the as-cast condition for the
base alloy (R). The silicon represents the hard phase of the alloy which causes a
discontinuity of the soft and ductile matrix of aluminum. Because a-Al is the softer phase
and Si is the harder and less ductile one, stresses cause anisotropic distribution of the
plastic deformation, which is greater in the softer phase. The local plastic constraint in the

softer phase leads to a rapid strengthening of the alloy, with dislocations piling up at the o~
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AV/Si interfaces. This can lead to the formation of cleavage microcracks at these ductile-
brittle sites. On such a basis, it is to be expected that differences between the mechanical
properties of the five tensile bars will be higher for the unmodified alloy.

The addition of 150 ppm of Sr transforms the morphology of the Si particles from
an acicular form to a fibrous one (RM alloy) with an aspect ratio of 1.98; it also increases
the roundness ratio from 57% to 74%, as shown in Figure 4.2(a). The average Si-particle
length decreases from 5.86 um (R alloy) to 2.43 um (RM alloy), and the average Si particle
area decreases from 8.59 um’ to 2.39 pm?, i.e. by about 58% and 72%, respectively. As a
result of the decrease in the size of the particles, the density of the Si particles increases
from 10096 to 45490 particles/mm?; implying that, in the presence of Sr, the eutectic Si
phase was fibrous and finely divided, as indicated in the micrograph shown in Figure

4.2(a). The modified structure is often improperly called globular®*!

since the fibres appear
to be small individual globules (particles) on a conventionally polished surface; they are, in
fact, connected in a coral or seaweed-like structure. Figures 4.1(a) and 4.2(a) clearly show
the structural differences between the unmodified and modified alloys, respectively. In the
unmodified alloy, the Si phase was to be observed in the form of large plates with sharp
sides and ends known as acicular silicon. The globules of the modified structure are the
ends of silicon fibres which form an interconnected network. Such a structural
transformation from acicular to fibrous silicon is responsible for the improvement in the
mechanical properties of modified castings.

The variations existing between the particles were estimated by means of the

standard deviation, although it was not used exactly as defined according to statistical
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principles, which is to assess the accuracy of the measurements under the same
experimental conditions. For the purposes of this examination of microstructures, the
standard deviation was considered to assess the structural uniformity of the silicon phase
within the microstructure. In the presence of strontium, the degree of modification was
appreciable, and one of the aspects of this was reflected by a narrowing of the deviations.
The standard deviation between the particles decreased from + 14.11 to £ 7.82 thereby
showing the increase in the uniformity of the microstructure associated with modification.
The micrograph shown in Figure 4.3(a) and Table 3 illustrate the combined effects
of Sr and Ti additions on Si particles in the RGM alloy. The primary a-Al phase has a fully
columnar (dendritic) structure in the untreated alloy, see Figure 4.1(a), but transforms to
equiaxed morphology with the combined addition, as shown in Figure 4.3(a). Such an
effect is believed to be due solely to the grain refiner segment of the combined treatment.
The average Si-particle area, length, and aspect ratio of the RGM alloy in the as-cast
condition decrease by 69%, 54%, and 12%, respectively, compared to the R alloy, whereas
the average roundness and density increase by 24% and 304%, respectively. It should be
noted that the average Si particle area, length, and aspect ratio of the RGM alloy in the as-
cast condition increase by 12%, 11%, and 7%, respectively, compared to the RM alloy,
whereas the average roundness and density decrease by 3% and 10%, respectively. It may
thus be concluded that the addition of Ti has a slight poisoning effect on the effectiveness

of Sr-addition as a modifier.



115

Table 4.1 Silicon-particle characteristics of the alloys investigated
Alloy Solution Particle Particle Roundness Aspect Density

code time area length ratio ratio (particles/

(br) (um?’) (4m) (%) mm?’)

Av SD Av SD Av SD Av SD

R 0* 859 14.11 586 637 5734 2946 241 123 10096

8 725 131 558 6.02 620 20 221 127 14457

RM 0* 239 782 243 288 73.50 25.07 198 1.05 45490

8 534 712 337 521 805 1839 1.72 0.68 26766

RGM 0 267 471 269 2.65 7129 2497 211 094 40807

8 522 7.04 3.66 325 7542 2147 193 0.84 20903

RF1 0 248 229 250 280 7347 2504 213 099 31218

8 435 7.69 3.10 2.78 7831 2044 186 0.79 19405

RF2 0* 247 261 258 259 77.07 2358 204 0.89 32064

8 565 977 346 320 7932 19.19 178 0.72 19257

RF3 0 246 456 258 246 73.0 2398 211 0.95 39816

8 439 564 328 271 76.62 200 193 0.85 22567

RF4 0? 329 6.05 3.14 3.02 7040 2493 211 0.97 39298

8 489 661 349 297 76.0 2040 195 0.89 22022

RCl1 0* 267 508 276 274 70.77 25.11 214 096 27438

8 273 511 282 287 7635 1896 1.90 0.74 25282

RC2 0* 341 445 3.11 3.44 70.10 26.08 214 098 25142

8 361 735 343 317 7585 21.11 194 0.88 24449

RC3 0* 632 543 483 529 63.13 2794 217 1.01 24966

8 592 572 472 284 66.68 19.66 1.99 0.82 23973

RC4 0* 7.08 12.61 487 547 6190 278 229 1.12 24704

8 592 737 401 349 64.02 2187 1.99 0.93 21218

RCS 0? 746 1392 5.16 597 6137 28.67 232 1.14 22018

8 6.80 891 427 385 63.28 22.07 227 0.95 20762

a: as-cast; Av: average; SD: standard deviation.
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Figure4.1  Optical micrographs showing the effect of solution treatment at 495°C on Si
morphology in the base R alloy: (a) 0 h; and (b) 8 h.
Arrows point to a-Fe script particles.
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Figure 4.2



118

ERPOLrS
. .

3 ’:’.é

e g
N 21,

3 1N A
Figure 43  Optical micrographs showing the effect of solution treatment at 495°C
on Si morphology in Sr-modified and grain-refined RGM alloy (a) 0 h; and
(b) 8 h.
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Under normal cooling conditions, eutectic silicon forms a network of interconnected
irregular flakes. As was observed earlier, the eutectic Si may be chemically modified to a
fine fibrous structure. High temperature treatments can also alter Si particle characteristics.
In recent years, both chemical and thermal modification have been used in conjunction with
each other to produce the desired properties of the casting. Several investigators have used
quantitative metallographic techniques to monitor the changes in Si-particle morphology
during solution heat-treatment.'’>*** One of the objectives of solution heat-treatment is to
allow the soluble hardening elements of the alloy to dissolve into solid solution and to
homogenize castings. Because solubility and diffusion rate both increase with temperatures,
it is usually desirable to use the highest treatment temperature possible without causing
melting. When castings are heat-treated at temperatures lower than the normal range,
dissolution is incomplete and mechanical properties are not optimum.

A common feature of eutectic alloys is that there is a certain degree of solubility of
the discontinuous phase in the matrix at temperatures below the eutectic point. The
solubility of Si in the matrix of Al-Si alloys, however, is not constant because it is affected
by the Si morphology. Eutectic Si is an imperfect crystal and according to the curvature of
the surface, the lattice deformation energy will vary and hence the solubility of Si is
affected. For example, the solubility of Si in the matrix is greater at locations such as the
roots of branches (A), or the tips (B), than it is on the flat face of eutectic silicon (C), as
shown in Figure 4.4. The energy state, i.e. the surface curvature and lattice deformation of
the discontinuous eutectic phase is inhomogeneous. During high temperature treatment, a

mass transport of the solute occurs from areas of high energy. The silicon atoms in the
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matrix at locations A and B diffuse to location C, resulting in the dissolution of eutectic Si
at A and B, and the precipitation of Si on the eutectic Si at C, as shown in Figure 4.4. This
mass transport of silicon causes the fragmentation and spheroidization of eutectic silicon,

both of which are dependent on the diffusion of both solute atoms and matrix atoms.

c
Figure 4.4  Model of granulation of unmodified eutectic Si during heat-treatment.?
(a) Transport of Si with cooperation of Al begins.
(b) Transport continues after fragmentation.
(c) Eutectic Si becomes spheroidized.
The microstructural changes occurring during solution heat-treatment of the as-
received Al-10.8% Si alloy (R) are shown in Figure 4.1(b). Initially, the Si particles break

down into smaller fragments and become gradually coarsened. From Figures 4.2(b) and

43(b), it may be observed clearly that modification has a profound influence on
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spheroidization. In the modified alloys (RM and RGM), a high degree of spheroidization
followed by coarsening occurs during solutionizing at 495°C. The microstructural changes
resulting from solution heat-treatment originate from the instability of the interface between
two phases. Plate-like eutectics are more resistant to interfacial instabilities and subsequent
spheroidization than the fibrous kind. Thus, the rate of spheroidization is extremely rapid in
modified alloys. Spheroidization and coarsening of the discontinuous phase occurs at
elevated temperatures,”** because the interfacial energy of a system decreases with the
reduction in interfacial surface area per unit volume of the discontinuous phase. The
reduction in interfacial energy is the driving force for the spheroidization and the

. . . . 22522
coarsening processes which are also diffusion-controlled.”*>*%

The degree of
interconnection of the Si crystals is reduced as spherical and finely dispersed particles are
obtained in the aluminum matrix. The changes in size and morphology of the discontinuous
silicon phase are significant since they have a direct influence on the mechanical properties.

A number of researchers have proposed”*>*27#2822% that the spheroidization process
of silicon through solution heat-treatment takes places in two stages: dissolution/separation
of the eutectic branches and spheroidization of the separated branches. In the first stage, the
Si particles are separated into segments at the corners of thin growth steps, but retain their
flake-like morphology. In the second stage, the broken segments spheroidize and the aspect
ratio decreases. The dissolution stage has the greatest effect on the time required to
complete spheroidization and is strongly affected by the morphology of the Si particles; the

smaller the flake length, the greater the spheroidization.”>**” Any process which promotes

eutectic branching, whether modification or higher cooling rate, will speed up the progress
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of separation and spheroidization. Modification by addition of impurities tends to refine the
eutectic Si greatly, to promote twin branching, to raise the energy state with its
inhomogeneity, and consequently to promote the kinetics of the granulation of eutectic
silicon. As Table 4.1 shows, after solution treatment of the RM and RGM alloys, the
average Si-particle area, length, and roundness increase, while the aspect ratio and density
decrease, compared to the as-cast condition, which may also be seen from Figures 4.2(b)
and 4.3(b).

In the absence of a modifier, the density of the Si particles is seen to increase from
10096 to 14457 particles/mm’ after solution heat-treatment. Due to the spheroidization
process described previously, fragmentation of the eutectic Si takes place, and
spheroidization of the separated branches begins. The rate of spheroidization is affected by
the segment size; subsequently, the smaller particles eventually spheroidize and coarsen
while other large ones continue to segment, thereby accounting for the smaller variations in
particle density as obtained for the unmodified alloy compared to the modified specimens.
The processes occurring during solution heat-treatment thus have an opposite effect on the
number of particles per unit area in modified and unmodified eutectic structures. The
combination of alloying elements and liquid alloy treatments is a satisfactory option for
obtaining improved control of the microstructure during solidification and hence of
improving the mechanical properties, and eliminating the need for heat treatment. Such an
approach is likely to result in ultimately reducing production costs. In the course of this
study, while investigating the effects of Fe-content on the microstructural aspects of an

experimental Al-10.8%Si near-eutectic alloy, some very interesting observations
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concerning the effect of the presence of Fe-based intermetallics on Si-modification in this
alloy were noted. It can be observed that the average Si particle length, area, aspect ratio
and roundness in the RF group of alloys are slightly affected by an increase in the level of
Fe and Mn compared to the RGM alloy.

It is also clear that increasing the level of Cu and Mg leads to an increase in the
average length and area of Si particles. In the as-cast condition, the Si-particle length
increases from 2.69 um (RGM alloy) to 3.11 um (RC2 alloy, with 3.3% Cu and 0.35%
Mg), and 5.16 pm (RCS alloy, with 3.1% Cu and 0.6% Mg), while the average particle area
increases from 2.67 pm? to 3.41 pm? and 7.46 um?, respectively. Moreover, the Si-particle
aspect ratio increases from 2.11 (RGM) to 2.32 (RCS), i.e. by about 10%, due to the fact
that both Mg and Cu react with the Si and Sr in the alloy to form Mg,Sr(Si,Al) and Al-Cu-
Sr compounds, respectively. Thus, there is less Sr available to achieve the same level of
modification in the eutectic Si particles than would be expected with the amount added
(~150 ppm). The presence of Mg and Cu also affects the roundness ratio of the eutectic Si
particles, as shown in Table 4.1. An increased Mg-content results in a clear reduction in the
roundness ratio which is most pronounced at higher Cu contents (RC5 alloy). On the other
hand, in the alloys containing low levels of Mg (~0.3%), increasing the level of Cu has a
negligible influence on the roundness ratio. The effect becomes more significant as the Mg-
content increases. Thus, from the point of view of these observations, the addition of Mg
and Cu may be deemed to diminish the effect of Sr as a Si-particle modifier, and to
decrease the particle density as a result. Figure 4.5 shows how the increase in the level of

Mg and Cu hinders the modification effect of Sr when these elements are added to the
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RGM alloy. The microstructures reveal that some Si areas are fully modified, whereas

others are only partially modified.

Optical micrographs showing the effects of Cu and Mg addition on Si

morphology in as-cast (a) RC3, and (b) RCS5 alloys.

Figure 4.5
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After solution heat-treatment for 8 hours at 495°C, the Si particle area, length,
roundness, aspect ratio and density remain more or less unchanged compared to the as-cast
condition. If the experimental error and the standard deviation values listed in Table 4.1 are
taken into account, it may be concluded that increasing the levels of Mg and Cu hinders the
effect of solution heat treatment on the Si particles.

It is worthwhile noting that the R alloy exhibits the highest average values for
particle area and length, whereas the RM alloy shows the lowest of all the alloys
investigated. This implies that any further addition of alloying elements would decrease or
weaken the effect of Sr as a modifier as a result of their interaction with Sr to form complex

intermetallic compounds.

4.2.2 Intermetallic Phases

The separation of high melting-point intermetallic compounds from liquid metal
may occur by means of precipitation and gravity segregation. These intermetallics are, in
actual fact, solid solutions which have a substantial capacity for dissolving other elements.
Although expressed by definite chemical formulae, these compounds exhibit a wide range
of compositions and precipitation temperatures.’®

Céceres et al.** showed that an increased Si-content in Al-Si-Cu-Mg alloys does
indeed have a size-refining effect on the 8-AlsFeSi platelets; this may be ascribed to the
tendency in the alloys containing high levels of Si to form large particles of pre-eutectic 8-

AlsFeSi and o-Al;s(Mn,Fe)sSi, particles during solidification as a result of a reduction in

the available growth period. The size-refining effect of a high Si-content is also evident in
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other intermetallics such as o-Al;s(Mn,Fe);Si, and 6-Al,Cu which form from the eutectic
liquid in Al-Si-Cu-Mg alloys. Thus, the evidence suggests that an increased Si-content
tends not only to refine the size of intermetallic particles but also to redistribute them into a
more uniform dispersion within the intermetallic and intergranular regions compared with a
lesser Si-content which promotes long clusters of intertwined particles along the grain
boundaries. The growth and propagation of microcracks nucleated by the cracking of the
intermetallics is therefore more difficult and involves greater local plasticity when the
particles are further dispersed, increasing the tensile ductility for high Si-content alloys. It
1s known that the degree of Si-content may change the primary aluminum grain structure
radically, from a globular morphology at Si-contents of less than ~6%, to an orthogonal
dendritic structure at higher Si levels.”® It has been suggested that these Si-induced
morphological changes in the structure are responsible for the refining effect on the Cu- and

Fe-rich intermetallic phases during solidification, in turn leading to the increase observed in

tensile ductility.'*’

4.2.2.1 Iron-Rich Intermetallics

In addition to the silicon structure, another important consideration from the point
of view of microstructure is controlling the Fe-content of the alloy. Accurate identification
of the relatively coarse Fe-rich intermetallic phases commonly found in Al-Si casting alloys
is also important, since some of these phases are associated with reduced mechanical
properties. Figure 4.1(a) shows the microstructure of the R alloy in which the o-Fe phase

appears in the form of small Chinese-script particles interspersed with Si particles; this
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observation indicates that the a-Fe particles had precipitated in co-eutectic or post-eutectic
reactions. When 150 ppm Sr is added to the base alloy (i.e. the RM and RGM alloys), the
a-Fe phase precipitates in the form of a pre-dendritic phase, as shown in Figures 4.2(b) and
4.3(b).

The backscattered images shown in Figure 4.6 reveal the influence of iron
concentrations, at each level of manganese, on the formation of different iron
intermetallics. It is seen that when the Fe-content increases from ~0.5 wt% (RGM alloy) to
1 wt% (RF4 alloy), platelet-like B-Fe and Chinese-script a-Fe compounds form at low
levels of manganese content. Upon increasing the manganese level (RF2 alloys), the
Al(Fe,Mn)Si primary particles which precipitate directly from the liquid display a
predominantly polyhedral shape; they are located within the a-Al dendrites, as shown in
Figure 4.6(c), where the clear, sharp edges of the particle confirm that it has not been
transformed into the a-script, as was reported elsewhere.'*'> As mentioned previously, the
presence of hard sludge particles within the soft a-Al dendrites should lead to a more
uniform distribution of the stresses throughout the alloy matrix and, hence, to improved
mechanical properties. This shows that the precipitation of sludge particles need not
necessarily be harmful to the alloy, as is commonly perceived in the literature, where the
sludge particles are usually observed in the interdendritic regions. This phenomenon of iron
intermetallic precipitation within the a-Al dendrites proves very useful in the case of such
Al-Si die-casting alloys as 380 alloy, containing 9% Si, where the proportion of a-Al

dendrites is relatively higher.'”' The various phases shown in Figure 4.6 were analyzed
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using wavelength dispersion spectroscopy (WDS) and the corresponding chemical
compositions are listed in Tables 4.2 through 4.4, showing both the calculated formulae and
the phases to which it is suggested that they correspond.

The polyhedral intermetallic compounds have the same chemical composition as
the a-Fe phase and they remain unaffected by solution heat treatment, as shown in Figure
4.6(d). On the other hand, as shown in Figure 4.6(e), fragmentation of B-Fe due to the
modification effect of Sr was observed, leading to a breakdown of the  needles into small
thin fragments by means of two mechanisms: (i) splitting of the needle into two halves
through the formation of longitudinal cracks, and (ii) fragmentation through Si rejection.
These results are consistent with the research of Samuel ez al.,**> who reported that Sr has a
poisoning effect on the nucleation sites for B-Fe needles. The partial dissolution of
B needles becomes more pronounced after solution heat-treatment, as shown in Figure
4.6(f). These observations confirm the findings of Villeneuve and Samuel®! on the
fragmentation and dissolution of the -Fe phase during solution heat-treatment of Al-

13%Si-Fe alloys at 540°C.



129

(b) Solution-treated RGM

Figure 4.6 — Continued
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(d) Solution-treated RF2

Figure 4.6 — Continued
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Fragmentation of 3-Fe

e

. ALCu precipitation on
3-Fe needles

(e) As-cast RF4

(f) Solution-treated RF4
Figure 4.6  Backscattered images of Fe intermetallics observed in (a, b) RGM, (c, d)
RF2, and (e, f) RF4 alloys in the (a, c, e) as-cast condition and (b, d, f) after
solution treatment.
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Table 4.2 Chemical composition of the intermetallics observed in as-cast RGM alloy
Phase Element Wt% At% Calculated Shape & Suggested formula
formula color
o-Fe phase Al 56.75 68.98 Al]gSiz(FeMncu)g Chinese- Al]gSi2(FCMIlCll)3
Si 9.93 11.59 script,
Fe 16.31  9.58 grey
Mn 13.5 8.06
Cu 343 1.77
Total 99.92 99.98
Cu phase Al 48.17 67.16 Al 15Cu Block- AlCu
Cu 52.03 30.80 like,
Total 100.2  97.96 white
AlSICUMg Al 15.83 16.78 Al3_13Cu1_74Si5.7Mgg Small A15CuZSi6Mgg
phase Si 2996 30.51 particles,
Cu 20.74  9.33 grey

Mg 3642 42.84
Total 102.9  99.46

Table 4.3 Chemical composition of the intermetallics observed in as-cast RF2 alloy
Phase Element Wt% At% Calculated Shape &  Suggested formula
formula color
o-Fe Al 59.10 70.39  Al;,Six(FeMnCu);;  Chinese- Al;,Si(FeMnCu);
phase Si 9.88 11.30 SCI‘ipt,
Fe 12.76 7.34 grey
Mn 18.01 10.53
Cu 0.68 0.34
Total 100.43  99.90
Sludge Al 57.93 70.16  AlSix(FeMnCu)s Poly- Al,Six(FeMnCu);
phase Si 9.70 11.28 hedral,
Fe 12.51 7.32 grey
Mn 18.18 10.81
Cu 0.66 0.34
Total 98.98  99.91
Table 4.4 Chemical composition of the intermetallic observed in as-cast RF4 alloy
Phase Element Wt% At% Calculated Shape &  Suggested formula
formula color
a-Fe Al 56.98 69.45  Al;,Si)(FeMnCu);,  Chinese- Al;,Si(FeMnCu);
phase Si 9.80 11.48 SCl'ipt,
Fe 14.51 8.54 grey
Mn 15.19 9.10
Cu 2.51 1.30
Total 98.99 99.87
B-Fe Al 55.89  64.89 Als (FeMn)Si, 5 Needle- Als(FeMn)Si
phase Si 17.87 19.93 like,
Fe 20.49 11.49 dark
Mn 6.21 3.54 grey

Total 1004  99.85
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The volume fraction of iron intermetallics was plotted as a function of the amount of
Fe and Mn added to the RGM alloy, as shown in Figure 4.7. It was found that this volume
fraction increased with the addition of increasing levels of Fe and/or Mn addition. Also, the
volume fraction of iron phases after solution heat-treatment came closer to their values in
the as-cast condition for each Fe/Mn combination. These observations indicate that the o-
Fe and sludge phases are not affected by solution heat-treatment. On the other hand, due to
the partial dissolution and fragmentation of the B-Fe phase during solution heat-treatment,
the volume fraction of iron phases decreased markedly at high levels of Fe and low levels

of Mn (RF4 alloy) compared to the as-cast condition.
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Figure 4.7 Volume fraction (%) of Fe intermetallics as a function of Fe and Mn
additions to RGM alloy.
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4,2.2.2. Copper-Rich Intermetallics

Copper forms the intermetallic phase Al,Cu with aluminum which precipitates
during solidification. Depending on the cooling rate and the local concentration of
segregated Cu atoms, Al,Cu may precipitate in a block-like form directly from the liquid, at
a Cu concentration of ~53.5 wt%, especially in the presence of the B-Fe phase; or in the
form of eutectic (Al + Al,Cu); or, as in many cases, as a mixture of both.>** Figure 4.1(a)
shows the as-cast microstructure of the base R alloy, in which the copper phase is seen
mainly as small pockets of the blocky Al,Cu phase nucleating on pre-existing coarse Si
particles. A similar observation was reported by Samuel et al.'' The addition of Sr to the R
alloy (RM and RGM alloys) leads to the segregation of the Al,Cu particles in regions away
from the growing Al-Si eutectic colonies, as shown in Figures 4.2(a), and 4.3(a). The
backscattered image of the as-cast RF4 alloy (with ~1.0% Fe and 0.5% Mn), as seen in
Figure 4.6(¢e), shows that the B-Fe needles and blocky Al,Cu particles are connected to each
other, indicating that the $-Fe needles act as nucleation sites for the copper phase particles.

In order to study the effects of solution heat-treatment, the volume fraction of the
undissolved copper phase was measured for the various alloy samples/conditions. The
amounts of the undissolved copper phase thus determined were plotted as a function of
different alloying elements added to the RGM alloy and are presented in Figures 4.8 and
4.9. It can be observed that the quantity of the Al,Cu phase after solution heat-treatment
decreased abruptly for all alloys compared to other cases in the as-cast condition. About
78% of the total Al,Cu phase was dissolved in the matrix of the RGM alloy; this

observation was confirmed by subsequent examination of the microstructure.
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Figure 4.8  Volume fraction (%) of undissolved Cu intermetallics as a function of Cu
and Mg additions to RGM alloy.
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Figure 4.9  Volume fraction (%) of undissolved Cu intermetallics as a function of Fe
and Mn additions to RGM alloy.
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The highest dissolution of the Al,Cu phase was observed in the solution-treated
RF4 and RCS alloys (90% in each case). As regards the RF4 alloy, the high level of iron
(~1%) assisted in the dispersion of the Al,Cu particles and the formation of the -Fe phase
which precipitated prior to the Cu-rich phase, thereby providing nucleation sites for the
Al,Cu particles, while also reducing both Al,Cu phase segregation and, hence, the size of
the Al,Cu particles. Thus, during solution heat-treatment, these Al,Cu particles would be
much more easily dissolved as a result of the reduction in their size. The high degree of
dissolution of the Al,Cu phase in the RC5 alloy may be attributed to the presence of Mg
(0.5 wt%) which lowers the temperature of eutectic Si and, consequently, that of all the
subsequent reactions, leading to faster dissolution of Al,Cu particles during solution heat-
treatment. At the same time, it was also observed that during the process of dissolution, the
Al and Cu concentrations in the Al,Cu phase remain virtually stable. It may be concluded,
therefore, that the dissolution of the Al,Cu phase occurs by diffusion, into the surrounding
matrix, of the Cu atoms located in the outer layer of the Al,Cu phase particles, without
changing the chemical composition of the remaining portion of the particles. Figure 4.10(a)
shows a backscattered micrograph obtained of the RC3 alloy in the as-cast condition,
whereas Figure 4.10(b) reveals almost complete dissolution of the phase after solution heat-

treatment for 8 hours at 495°C. The white spots in Figure 4.10(b) point to traces of the

undissolved Al,Cu phase.
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4.2.2.3 Al-Cu-Mg-Si Phases

In Al-Si-Cu-Mg systems, precipitation of AlsCu,MggSis is reported to take place at
the end of the Al-ALLCu eutectic reaction.'”’ In most cases, this phase appears in the form
of small grey particles growing out of the Al,Cu phase particle clusters as shown in Figure
4.11 which represents a high magnification backscattered image of the RGM alloy. The
distribution of Cu- and Mg-containing particles is shown in Figures 4.12(a) and (b),
respectively. The amount of the phase is found to increase progressively with an increase in
Mg-content, see Figure 4.10(a). It is interesting to observe the persistence of this phase
after solution heat-treatment, as shown in Figure 4.10(b) and the WDS analysis of the phase
is provided in Table 4.5. It should be mentioned that the WDS analysis of these particles
revealed an unexpectedly higher concentration of aluminum, by 3 wt%, than that obtained
for the as-cast condition. This observation may be an indirect indication of the sluggish

dissolution of the AlsCu,MgsSis phase during solution heat-treatment.

Table 4.5 Chemical composition of the Cu-intermetallic phases in RC3 alloy

Phase Element Wt At. Calculated Shape & Suggested
% % formula color formula
Cu phase Al 48.57 67.30 Al, 5Cu Block-like, Al,Cu
(As-cast) Cu 52.25 30.74 white
Total 100.8 98.04

AlCllMgSl Al 16.12 17.20 A13'2C111'7Si5.7Mng Small Al5CU2816Mgg

phase Si 29.73 30.45 particles,
(As-cast) Cu 20.09 9.10 grey

Mg 36.16 42.79
Total 102.1 99.54

AlCuMgSi Al 16.61 17.72  Al34Cu;;SissMng Small AlsCu,SigMgg
phase Si 29.78 30.52 particles,
(solution Cu 20.09 9.10 grey
treated) Mg 3540 41.93

Total 101.8  99.27
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Figure 4.10 Backscattered images showing AlL,Cu and AlCuMgSi phase particles
observed in: (a) as-cast; and (b) solution-treated RC3 alloy.
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Figure 4.11 High magnification backscattered image taken of RGM alloy in as-cast
condition showing Al,Cu and AICuMgSi phase particles.

Figure 4.12 X-ray images of (a) Cu, and (b) Mg, corresponding to the backscattered
image shown in Figure 4.11.
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4.3 POROSITY MEASUREMENTS

There are several factors which affect porosity formation in Al-Si alloys. Alloying
is a factor which can seriously complicate the study of porosity since alloying influences
almost every aspect of the solidification process as well as a variety of metallurgical,
physical and chemical properties. Changes from one alloy to another may cause
considerable confusion in the study of porosity since the results are often not comparable.
For the purposes of the current study, porosity characteristics were analyzed and quantified
using a Leco 2001 image analyzer in conjunction with an optical microscope. Figure 4.13
and Table 4.6 provide pertinent data for various alloy samples in the as-cast condition with
regard to the percentage surface porosity which may be defined as the area fraction of
porosity observed on a measured sample surface area. It should be noted here that in all of
the cases, the liquid metal was continuously degassed prior to casting in order to minimize
the effects of gas- and inclusion-related porosity. The Sr-modified RM alloy is
characterized by a higher porosity level than the unmodified R alloy (cf. 0.19% with
0.11%). It is worthy of note that the percentage surface porosity is, in fact, a multiple of the
pore density and the average pore size. Thus, the increase in percent porosity observed in
the Sr-modified RM alloy may be due to an increase in pore density and/or pore size. The
increased porosity of the Sr-modified RM alloy can cause a reduction in the mechanical
properties in contrast with the unmodified R alloy, even though the eutectic Si has been
modified.

As mentioned previously in Chapter 2, grain refining has several advantages,

including the redistribution and reduction of porosity. Grain refinement of a casting may
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alter the amount and the morphology of pores in a casting; in many cases, there is also an
overall reduction in the amount of porosity in alloys containing small or moderate amounts
of gas.'?*!?"128 The combined addition of grain refiner and modifier to the R alloy causes
no significant variation observable in the percentage surface porosity, as shown in Figure
4.13.

The introduction of Mn to the RGM alloy results in the occurrence of fine pores
from the precipitation of Fe in the form of the a-Chinese script phase. The contour of these
script particles facilitates the filling up with liquid metal of the space in between the
dendrite arms of the particles, as opposed to the blocking action of the B-phase platelets. In
fact, Table 4.6 shows that the Mn-containing RGM alloy, i.e. RF1 and RF2 alloys, reveals

porosity values comparable with those obtained from the base R alloy.
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Figure 4.13 Percentage surface porosity as a function of the addition of alloying
elements in as-cast conditions for an experimental Al-10.8%Si alloy.



142

Table 4.6 Percentage surface porosity in samples obtained from various alloys

Alloy Code Addition Surface Porosity (%)
R No addition 0.11
RM R alloy + 0.015% Sr 0.19
RGM RM alloy + 0.25% Ti 0.13
RF1 RGM alloy + 0.25% Fe + 0.25% Mn 0.12
RF2 RGM alloy + 0.5% Fe + 0.5% Mn 0.14
RF3 RGM alloy + 0.25% Fe 0.15
RF4 RGM alloy + 0.5% Fe 0.17
RC1 RGM alloy + 0.5% Cu 0.14
RC2 RGM alloy + 1% Cu 0.15
RC3 RGM alloy + 0.5 Mg 0.13
RC4 RGM alloy + 0.5% Cu + 0.5 Mg 0.15
RC5 RGM alloy + 1% Cu + 0.5 Mg 0.16

A recent study by Edwards et al**® shows that the content of dispersed
microporosity increases by a factor of about 4 when Cu is added to a Cu-free Al-Si-Mg
alloy. They concluded that the increase in porosity which was observed can be ascribed to
two main factors: (i) Cu results in a ternary reaction Liq = oAl + Si + CuAl, at about
525°C, resulting in pools of ternary liquid which solidify when the bulk of the casting is
already solid making them difficult to feed; in addition, since Cu accumulates to high levels
in the eutectic liquid, the volumetric shrinkage during solidification increases; (ii) an
increase in the equilibrium hydrogen gas pressure associated with a given amount of
dissolved gas when Cu is present in the interdendritic liquid.** These authors also observed
that, while the addition of 1% Cu increased the porosity to 0.7% (from 0.1% in the Cu-free
alloy), increasing the Cu level beyond 1%, only resulted in a relatively small increase in
porosity. They proposed, therefore, that an increase in the amount of porosity observed in

their alloys does not depend on the concentration of Cu provided the Cu level is above a
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certain amount. Figure 4.13 shows the percentage surface porosity, as measured using
image analysis, for the different Cu and/or Mg levels. It can be observed that porosity in the
RC group of alloys is hardly affected or, at most, affected only very slightly by the addition

of Cu and/or Mg, as pointed out by Edwards ef al.>**

44 HARDNESS

Hardness measurements were done to assess the changes occurring in the aluminum
matrix and eutectic silicon due to of the addition of modification, grain refinement, and
alloying elements. These measurements were carried out on polished samples in as-cast and
heat-treated conditions. The average values as well as standard deviations are presented in
Table 4.7. The standard deviations, indicating the variation from one reading to another in

each category, are relatively low and typical of hardness testing in general.

4.4.1 Effects of Melt Treatment

In order to study the effect of melt-treatment additions (i.e. grain refining and
modification) and heat treatment on alloy hardness, the unmodified R alloy was compared
with Sr-modified RM alloys, as shown in Table 4.7. The results indicate that, in the as-cast
condition, the decrease in alloy hardness with Sr addition is less than 2%, due mainly to a
change in the morphology of the eutectic Si particles. Also, Sr leads to the formation of
porosity and to a depression in the eutectic temperature, causing a shift of the eutectic point
to a higher Si content, in turn resulting in an increase in the amount of soft a-Al formed.

All these factors lead to a noticeable decrease in the alloy hardness.”*> On the other hand,
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the grain refined Sr-modified RGM alloy exhibits a slight increase in hardness compared to
the R alloy. This increment may be attributed to two reasons: (a) the poisoning effect of Si
on the a-Al nucleation process due to the formation of titanium silicide over TiAl; particles
when the Si level is higher than 7 wt%;'®" and (b) the poisoning effect of Al-5Ti-1B grain

refiner on Sr modification due to the interaction between Sr and Ti.*

Table 4.7 Comparison of hardness and tensile properties of as-cast and solution-treated
alloys
Alloy | Solution HBN YS UTS El (%) Q
code | time, hr (MPa) (MPa) (MPa) (MPa)
R 0 77.8+138 | 196.8+15.7 | 277.2+24.8 | 1.703+0.11 | 3119+ 10.5
8 824+£1.60 | 220.5+245 329.5+4.6 3.31+£0.23 407511
RM 0 762+1.24 | 196555 2902+ 16.8 | 1.961+£0.36 3340+ 19
8 812+144 | 213.5+4.0 1321.5+14.86| 3.46=+0.27 402.36 £ 29
RGM 0 795+£0.1 | 2105+£234 | 295.7+£84 1.964 +£0.25 | 339.67 £ 8.6
8 84.6+1.7 | 2219+5.16 | 331.6+159 | 3.749+0.34 | 417.6%16.3
RF1 0 79.6 +£0.52 | 208.6%+6.6 3125+£8.6 1.825+0.3 351.7+ 8.9
8 84.8+1.19 | 225.7+54 341.0+11.3 | 3.184+0.33 | 393.7+11.6
REF2 0 80.0+0.68 | 2074153 296.8 + 20 1.592 +£0.29 327+20.3
8 852+ 1.11 | 2283+1.8 317.6 11 1.821+0.32 345 £11.3
RF3 0 83.6x1.1 209.0+ 4.8 322.0+99 1.779+ 0.24 | 359.7+ 10.15
8 88.3+1.27 | 230.7+2.2 |34471+£142 | 3.077+0.48 396 + 14.7
RF4 0 89.0+1.43 | 200.2+124 280.0+ 19 1.335+0.23 | 298.7+19.2
8 92.0+0.63 | 212.0+6.2 316.6 + 21 1.685+0.38 | 3404214
RC1 0 82.0+£177 | 2158+5.6 297.0+£9.12 | 1.418+0.08 319.7+9.2
8 86.2+1.99 | 260.2+8.0 355.52+74 3.6+ 0.07 439+75
RC2 0 85.6+0.01 | 2293+6.0 299.7+12.4 | 1.117=0.15 307 £12.6
8 88.3+£2.21 | 262.0+8.0 365.7+ 8.5 247 £0.19 4246+ 8.7
RC3 0 86.8+0.76 | 190.8+12.0 291475 1.649+0.18 324 +7.7
8 90.8+0.63 | 2227+93 321.3+ 16 2.306+£0.21 | 375.7+16.2
RC4 0 89.4+1.52 | 197.5+194 | 291.7+19.6 | 1.224+0.04 | 304.8%+19.6
8 953+1.76 | 2258+1.2 321.7+8.0 | 2.106 +0.23 370.2+ 8.2
RCS 0 934098 | 1989115 | 2922+104 | 1.113+0.04 | 299.1+£ 104
8 99.2+2.69 | 2332+£28 3264+19.6 | 1.974+£0.53 | 370.7+20.1

treatment, namely, solution treatment and artificial aging. As expected, artificial aging

It is clear that the hardness of the alloy is affected by each step involved in heat-
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increases the hardness as a result of the formation of coherent precipitates in the matrix.
The modified RM alloy exhibits slightly lower hardness values with respect to its
unmodified counterparts after precipitation.

After solution treatment, the grain-refined Sr-modified RGM alloys exhibit higher
hardness levels compared to the unmodified R alloy. In addition to the homogeneity in
composition achieved with solution treatment, the evolution of the eutectic silicon
morphology may also influence the strengthening of the alloy, where the unstable eutectic

silicon modified by Sr dissolves and is fragmented due to the thermal effect.

Figure 4.14 illustrates the variation in hardness of the R, RM, and RGM alloys as a
function of aging temperature. It can be observed that peak hardness is obtained at 180°C
for all melt treatments/alloys. It can also be observed that the RGM alloy shows a
significant improvement in hardness at all aging temperatures compared to the base R
alloy. The maximum hardness value is about 125 MPa, corresponding to aging at 180°C.
This implies that the combined effect of modification, grain refinement and heat treatment
is excellent for obtaining superior hardness values compared to those exhibited by the
untreated as-cast alloy. These changes in hardness are due mainly to the size, shape and
distribution of the Al,Cu precipitates during aging. Aging at 200°, 220°, and 240°C showed
a marked decrease in the hardness values compared to those obtained at 180°C. Increasing
the aging temperature increases the size of these precipitates, with a gradual change
occurring in their chemical composition. As a result, the equilibrium phase (6-Al,Cu) in the

form of incoherent particles is responsible for the drop observed in alloy hardness.
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Figure 4.14 Variation in Brinell hardness values (BHN) as a function of heat-treatment
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conditions.
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4.4.2 Effects of the Addition of Fe and Mn

From Table 4.7 it may be observed that in the as-cast condition, an increase in Fe
and/or Mn content from 0.5 to 1% results in a gradual increase in hardness. In general,
hardness values reflect a combination of the yield strength (YS) and work-hardening rate.
Thus, a higher hardness value could result even if the YS is lower, provided that the strain-
hardening rate is higher. This means that the work-hardening rate in the RF4 alloy is higher
compared to the RGM alloy. The Orowan mechanism is known to lead to higher hardening
rates in comparison with, for example, obstacle shearing.>*® In this mechanism, the yield
stress is given by the shear stress required to bow a dislocation line between two
precipitates separated by a distance A The same results were obtained after solution heat-
treatment. The results of aging studies conducted on the RGM alloy, which is used here as
a reference, with different additions of Fe and Mn, are shown in Figure 4.15. Variation in
hardness with aging temperature is found to follow the same trend for all the alloys. A
comparison of the peak hardness values at 180°C shows that the RF4 alloy reveals the

highest hardness.

4.4.3 Effects of the Addition of Cu and Mg

The properties of alloys may be improved by adding Cu and Mg to them. Singh ez
al " proposed an empirical equation to determine the effects of Cu, Mg, Si, solutionizing
temperature, aging temperature and aging time on the hardness of Al-Si-Cu-Mg alloys.
Their results indicate that both Cu and Mg tend to enhance the strength properties of as-cast

and heat-treated alloys. Among the various interactions, those occurring between Mg and
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Si, and between Mg, Cu and Si are the most significant. During solution treatment, alloying
elements dissolve completely to form a supersaturated solid solution as a result of high
temperature diffusion. The morphology of the eutectic silicon, however, undergoes
significant changes, thereby influencing the mechanical properties greatly.

Table 4.7 summarizes the combined effects of Cu and Mg content on the hardness
of the RGM alloy and the various RC alloys developed from it. It is clear that there is no
marked difference in the hardness of the as-cast and solution-treated samples to be
observed, thus emphasizing the influence of high solidification rates in maximizing the
solubility of Cu and Mg in the Al matrix, and also improving alloy strength considerably
upon subsequent aging. A recent electron-microscopy study by Reif et al.?*® produced a
comparison of the precipitation behavior of Al-9%8Si-3.5%Cu and Al1-9%Si-4%Cu-0.5%Mg
alloys. The strengthening observed in the ternary Al-Si-Cu alloy after aging at 160°C was
attributed to the formation of #'-Al,Cu plates, also no Si-containing precipitates could be
identified. The precipitation hardening in the quaternary Al-Si-Cu-Mg alloy was ascribed to
the simultaneous formation of relatively large 8 plates and small S-ALCuMg needles,
again without the contribution of 8'-Mg/Si or other Si-containing precipitates. Figure 4.16
shows the combined effects of Cu and Mg content with aging temperature on the RGM
alloy. It is observed that the addition of Cu and Mg has the effect of improving the peak-
aging hardness of the RGM alloy. For each alloy, the hardness first increases with an
increase in aging temperature of up to 180°C, decreasing thereafter as the aging temperature
increases further. The increase in hardness with the addition of Cu and Mg may be

attributed to the formation of the hard and brittle (metastable) intermetallic phases Al,Cu
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and Al,CuMg, and also to an increased bonding of the silicon particles with the matrix,
where the thermal energy is sufficient to precipitate such intermediate phases as are
coherent with the matrix. The decrease in hardness at aging temperatures above 180°C may
be attributed to the coarsening of the various microconstituents and to a decrease in
cohesion with the matrix. The coarsening of hard intermetallic phases may reduce the

barrier to dislocation movement and, hence, to flow stress/hardness.
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Figure 4.16 Variation in Brinell hardness values (BHN) as a function of heat-treatment
conditions.

The effect of increasing the Mg content to 0.5% at different levels of Cu produces
higher hardness values than those obtained for alloys containing 0.3% Mg, indicating that
hardening which results from Al,CuMg precipitation adds to that achieved due to Al,Cu

precipitation. This is also evident from a comparison of the amounts of Cu and Mg present
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in the two alloys: ~2.25% Cu and ~0.5% Mg in the RC3 alloy vs. ~3.25% Cu and ~0.3%
Mg in the RC2 alloy. In the RCS alloy, which contains ~3.25 wt% Cu, and ~0.5 wt% Mg,
the peak hardness value is seen to increase slightly by about 10% at 180°C, compared to the
RGM alloy. This may be interpreted in terms of the formation of complex insoluble phases,
such as AlsMggSicCu,, which decrease the amount of free Mg and Cu available for further

hardening during the aging process, as discussed previously.zg'9

4.5 TENSILE PROPERTIES

Alloys containing more than one phase in the presence of a eutectic owe their
tensile properties firstly to the eutectic matrix and secondly to the primary pre-eutectic
phases. The tensile properties of casting alloys are affected mainly by their microstructure,
grain size, and defects. The fact that tensile properties depend on several, often interrelated,
variables may explain the confusion which exists relating to the properties of cast Al alloys.
The tensile properties may be determined from separately-cast test bars or from coupons
cut from castings where the properties ascertained from the coupons are generally inferior

to those measured on separately-cast bars.

4.5.1 Effects of Melt Treatment

The acicular morphology of the Si platelets in the eutectic, as shown in Figure
4.1(a), promotes the development of stress raisers at the edge tips in the softer phase,
leading to low ductility in the unmodified alloy. This is thought to occur by a simple void

formation mechanism at the Si-needle edges of the eutectic, leading rapidly to crack
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formation by void coalescence. The modification of the alloy structure through the addition
of Sr leads to the development of a granular eutectic structure, as shown in Figure 4.2(a).
The Si phase in the eutectic develops into a globular structure and improves the mechanical
properties considerably by virtue of an even distribution of the stress around these hard
particles. This geometrical change also leads to the disappearance of stress raisers. The
surface area per unit volume of Si in the eutectic decreases, thus favoring the isotropic
distribution of the strain in the a-Al phase in the eutectic. The addition of Ti and Sr
enhances the favorable effects of both elements in the microstructure, thereby leading to a
general improvement in the tensile properties compared to the untreated base alloy.

Table 4.7 shows the variation in tensile properties (i.e. YS: 0.2% proof stress, UTS,
and %E]l) in as-cast and solution heat-treated conditions for the untreated R alloy and the
modified RM and RGM alloys. In the as-cast condition, the modified RM alloy displays
somewhat higher UTS and elongation (%El) values than the unmodified R alloy, due to the
improved eutectic silicon phase morphology caused by Sr modification, although the
formation of porosity which accompanies Sr-addition may affect these values to some
extent. The yield strength, however, seems to be independent of the Sr-addition. From the
point of view of microstructure, the eutectic structure of Al-Si alloys consists of Si
particles, as a second phase, embedded in the Al matrix, implying that particle size has a
significant influence on the fracture strain. A theoretical analysis by Saigal et al.*** showed
that the stress or strain required to break a particle varied inversely with the particle size,
which would signify that the void nucleation strain is higher for fine particles. Numerous

studies have revealed that failure takes place when the void grows to a critical size. Since
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the failure strain is inversely proportional to void growth rate, it may be suggested that this
growth rate is lower in the modified RM alloy than it is in the unmodified R alloy. Thus, an
increase in the void growth strain should be expected, which would, in turn, increase the
fracture strain. The fine fibrous Si morphology of the modified RM alloy would thus
influence the strain sustained to fracture by increasing the void nucleation and void strain
simultaneously.

It may also be observed that after grain refiner and modifier have been added to the
as-cast R alloy, the average values of YS, UTS, and %E] are increased by 10 MPa, 24 MPa,
and 0.24%, respectively, in the RGM alloy. This effect may be attributed to an increase in
the number of nucleation sites for the pre-eutectic alpha aluminum phase nucleation during
casting solidification. As the grain size decreases, secondary phases and porosity become
more widely dispersed, and as a result, a fine grain size results not only in better castability
and more uniform properties throughout the casting section, but also in the improvement of
the mechanical properties of the alloy. This observation indicates that the combined effect
of the grain refiner and modifier is more beneficial to the enhancement of mechanical
properties than in untreated alloys. In summary, an amelioration of the tensile properties is
obtained after the addition of refining and modifying elements. The total ductility of these
alloys is relatively low, a finding which is consistent with the technical information

available on dual-phase alloys exhibiting lamellar eutectics.**!

Higher levels of ductility
result from factors which minimize the occurrence of voids, coupled with other factors that

make it possible for cracks to be arrested.’* The first is achieved by the developing

microstructures capable of avoiding stress amplification factors, namely, the absence of
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such stress raisers as Si eutectic lamellae and angular primary Si particles. The second
factor responsible for retarding void coalescence and crack propagation through the cross-
section of a tensile specimen is the volume fraction and grain size of the oAl present. This
phase is tougher and has a lower yield stress than the Si particles and provides a way of
confining an advancing crack by application of the classical tip blunting mechanism.”*?
According to this mechanism, when the tensile load is applied to the specimen, the crack
opens and the crack tip emits dislocations and blunts. As the load is reduced is reduced, the
crack tip closes down, resharpens, reweldes, and may even fold in on itself causing stretch
or striation ridges or furrows. The alpha phase thus plays a role at two levels: firstly, in the
eutectic, for which its volume fraction within the eutectic becomes a key issue, and
secondly, as primary oAl dendrites, for which the volume fraction and, more importantly,
the grain size are critical. As expected, the Sr-treated RM alloy exhibits the best overall
ductility of the alloys studied.

A theoretical analysis®*® has shown that the stress required for localized yielding
varies marginally with Si-particle size or aspect ratio. Accordingly, the yield strength of the
untreated R alloy does not vary significantly during solution. The stress required for crack
initiation, however, depends strongly on the size and aspect ratio of Si particles.
Consequently, UTS and % elongation vary significantly during solution treatment. The
difference in the average values of YS and UTS between the solutionized R and RGM
alloys is marginal. This can be explained in terms of the transformation mechanism of Si-
particle morphology through the fragmentation, spheroidization and coarsening processes

which occur during solution treatment. These results agree well with the microstructural
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data presented in section (4.2). The effects of aging temperature on the tensile properties of
the R alloy are shown in Figure 4.17. The average tensile properties and their standard
deviations are presented in Tables 4.8 through 4.10. In general, a T6 temper allows for
increased strength as well as the development of increasingly more stable mechanical
properties, although with a corresponding loss of ductility. For example, at a moderate
aging temperature of 155°C/5hr, hardening is due to the formation of Guinier-Preston
zones, which leads to high UTS and a decreasing strain-hardening rate. Up to peak aging at
180°C, the behavior is thus similar to that of the Al-Si-Cu system. Overaging, however,

results in the simultaneous formation of relatively large §'-ALCu plates™®

which are hard
non-shearable obstacles to dislocations. Non-shearable obstacles lead to lower UTS and, at
low strains, they result in a high strain-hardening rate because of the accumulation of
Orowan loops around the strengthening particles.*** As the strain is increased, the buildup
of primary shear loops generates intense stress fields around the strengthening precipitates.
These stresses are limited by the activation of cross-slip and secondary dislocation
processes, which thus reduce the strain-hardening ability of the alloy.

The RM alloy, on the other hand, shows lower tensile properties at all aging
temperatures used in this study; this is a result of the existence of the porosity which was
observed in the modified RM alloy. A similar trend may be observed during the aging of
the RGM alloy except that the rate of increase in strength is greater in the RGM alloy than
it is in the R alloy. The combined addition of grain refiner (Al-5%Ti-1%B) and modifier

(Sr) to the base alloy which converts large a-Al grains, eutectic plate-like silicon into fine

particles and fine AL,Cu particles in the interdendritic region resulting in improved
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mechanical properties. It is apparent that overaging takes place in all alloys at temperatures
above 180°C.

For aluminum foundries, a quality index, Q, can be used on as-cast and heat-treated
alloys for assessing the alloy quality or for investigating the influence of a given parameter
such as composition or heat treatment. Parameters such as soundness, compactness,
structural fineness (i.e. modification, solution treatment) all affect the quality index, Q.
Since Q is a function of both UTS and elongation, it is believed to be more descriptive of
the true tensile properties of a casting than either the tensile strength or the elongation
alone. The quality index was also calculated for all conditions; the average values and their
standard deviations are provided in Tables 4.7 and 4.11. In general, for all conditions,
increased Q indicates an improvement in the mechanical properties. After solution heat-
treatment, the quality index of the unmodified R alloy increased from 312 MPa to 407 MPa
corresponding to a 31% improvement. In the presence of Sr, Q changed from 334 MPa to
402 MPa, an increase of 20%. It should be noted however, that the standard deviation was
29 compared to 11 for the unmodified alloy. This high value indicates more scattering in
the parameter, reflecting once again the increased level of porosity associated with
modification. The variation of Q with aging temperature is plotted in Figure 4.18. As may
be observed, the trend of the quality index decreased as the aging temperature increased for
all the alloys studied. Although the peak-aged condition was observed at 180°C, the highest
quality index, Q, was obtained at 155°C, which may thus be considered as the optimal
aging treatment. It is also consistent with this observation that Q is more sensitive to

variations in the tensile ductility than to tensile strength. Thus it would appear that, among
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all the castings, the combined addition of grain refiner and modifier produces the best
overall quality index. With regard to the quality index, Figure 4.19 shows a correlation
between UTS and elongation for the aged R, RM, and RGM alloys. The circular contour
shown by the correlation is thus the result of the transition from a high correlation value in
the underaged and peak-aged conditions to the lower correlation value associated with the

overaged condition. Again, the combined addition of grain refiner and modifier displays the

best correlation overall, among all the castings.

Table 4.8 Yield strength as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
R 288.31+3.6 | 329.39+3.2 | 326.11 +10.2 | 303 +8.28 | 265.25+3.36
RM 275+3.4 325.86 £4.8 | 322.33 +12 296.45 £7.5 | 256.58 £ 4.6
RGM 293.84+5.2 | 336.63+6.9 | 332.1+8.7 306.1£9.2 1271.34+£7.6
RF1 317745 |344.6+8.4 |3356+122 |309.1+9 263.24 £ 4
RF2 3142+33 |340.85+7.7 |339.15+8.6 |3163+55 |26596+3.8
RF3 3194+5.6 |353.1+10.6 | 345.2+8.5 307.6 £ 11.5 | 265.79£4.3
RF4 29848 +3.2 1 337.13£7.7 | 3204+ 12.7 |2942+10.7 1247.57+4
RC1 318.7+18.9 | 3773+ 11.7 | 3689+ 7 342.1+£10 ]29235+5.3
RC2 3348+ 9 382.51+4.5 (3775427 |3543+82 |2958+11.5
RC3 288.3+7 343.9+6 323.8+16.1 |301.1+2.2 |247.8+3.5
RC4 299.5+9 348.8+4.2 |3389+ 4.7 3089+2.2 |2825+6.2
RCS 3022+6.6 |368.8+6.6 |3557+6.8 32548 £8.5 | 267.3+3.2
Table 4.9 UTS as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
R 3509+6.8 |365.1+5.8 |3588+14.6 |343.8+13.2|3142+5.5
RM 346.7+9.2 |358.6+13.3|3533+6.3 3345+ 11.6 | 309.4+ 8.8
RGM 362+19.5 |374.5+152|3669+123 |[3469+8.7 |3283+15.6
RF1 367.16+3.4 | 377.7+8.6 |368.3+6.7 351.4+13.6 | 317.1+£9.3
RF2 3385+56 |351.5+11.2|{3455+155 |3245+10.8|303.9+13
RF3 3706 £9.6 | 380.8+21.8|3702+8.2 355.2+19.2 | 3249+ 5.0
RF4 331.7+9.6 |347.6%8 339.5+ 16 321.1+10.3 | 286.3 = 15
RC1 3743 +£18.7 | 398.2+10.6 | 386.3+ 123 |371.15+8.7 | 348.0+15.6
RC2 3942 +19.7 | 401.9+14.6 | 388.89+8.6 |377.52+13 |352.1+20
RC3 3579+17.3 | 368.6+19.5 | 354.14 +4.35 | 3348+ 184 | 314.1 +28.5
RC4 3646+10 |372.4+19.6 |365.1+11.6 |340.1+12.3|325.82+5.7
RCS 367.1+£10.4 | 389.3+10.2 | 37224 +6.8 |351.56+12 |32924+11.4
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Table 4.10  Pct elongation as a function of aging temperature for Al-10.8%5S1 alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
R 1.74£0.25 [0.92+0.01 |0.95+0.04 |1+0.07 1.41+0.13
RM 1.81+£0.33 | 0.93£0.1 0.98+0.06 |1.03+£0.003 | 1.45+0.13
RGM 2.0+0.29 1.127+£0.25 | 1.128 £ 0.14 | 1.36+0.32 | 1.45+0.24
RF1 1.24+0.06 |0.972+0.15|1.031£0.19 | 1.17+0.15 | 1.396+0.22
RF2 0.915+0.16 | 0.709+0.09 | 0.718 £0.16 | 0.72+0.09 | 1.02£0.24
RF3 1.25+£0.17 | 0.889+0.20 | 0.955+£0.21 | 1.15+0.21 | 1.34+0.33
RF4 0.887+0.14 | 0.599 + 0.03 | 0.631 £0.05 | 0.642 £ 0.05 | 0.985+0.16
RCl1 1.93+0.2 0.88+0.07 [094+024 |097+0.12 |1.41+0.35
RC2 1.7+0.18 0.74+0.06 |0.76+0.14 | 0.89+0.12 | 1.42+0.18
RC3 1.65+0.03 10.93+034 096011 |0.98+0.29 |1.37+0.29
RC4 1.5+£0.2 0.86+0.21 |092+0.18 |0.96+0.16 | 1.33+0.03
RC5 141+ 0.13 | 0.78+0.06 [0.82+0.02 |093+0.17 |1.29+0.23
Table 4.11  Quality index, Q, as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
R 386.9+ 7.1 |359.67+58 |355.54+14.6 | 343.87+13 | 336.63+5.6
RM 385.31+9.6 |354+13.4 |351.76+6.3 |3363+11.7|330.55+8.9
RGM 4072+19.8 | 382.3+154 | 374.77+12.5 | 366.87+9 |352.49+15.8
RF1 381.1+3.5 |375.8+88 |3702+6.9 361.7+13.8 | 338.8+9.5
RF2 3327+5.8 |329.2+11.3(3239+15.7 |303.2+10.8 |305.3+13.2
RF3 3852+9.8 |373.2+£22 |367.2+84 364.4+19.4 | 343.9+5.3
RF4 3239+£9.7 |314.2+8 3094+16.1 |[2922+10.4 |2853+15.2
RC1 417.2+18.9 | 389.6 £ 10.7 | 382.4 £ 8.6 369.6 £15.5 | 370.5+17.7
RC2 427.9+19.8 | 381.8+2.2 |371.8+6.9 370.5+13 | 374.7+20
RC3 390.5+17.3 | 363.5+19.8 | 351.3+4.5 334+£18.7 |[334.7+28.7
RC4 391.1+10.2 | 362.2+20 |359.6+11.8 |337.6+12.5|3444=+5.7
RC5 389.7+10.5 | 372.8+£10.3 | 359.4+ 6.8 346.8 £ 12.2 {3457+ 11.6
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4.5.2 Effects of the Addition of Fe and Mn

In general, it has been found that iron and manganese, which form complex
compounds and intermetallic phases, have a deleterious effect on alloy properties. The
presence of these compounds can lower the energy required for fracture. The effects of Fe
and Mn on the tensile properties were studied by pulling test bars of alloy samples
containing ~0.5% Fe + 0.5% Mn (the RGM or reference alloy); ~0.75% Fe + 0.75% Mn
(RF1 alloy); ~1% Fe + 1% Mn (RF2 alloy); ~0.75% Fe + 0.5% Mn (RF3 alloy); and ~1%
Fe + 0.5% Mn (RF4 alloy), in the as-cast and solution-treated conditions. A summary of the
tensile properties obtained is given in Table 4.7 where, in the as-cast condition, the UTS

increased slightly as the Fe level increased from ~0.5% in the RGM alloy to ~0.75% in the
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RF1 alloy at ~0.75% Mn, and increased to a maximum at ~0.5% Mn in the RF3 alloy;
concurrently, elongation in both alloys decreased from 1.945% in RGM alloy to 1.825%
and 1.779%, respectively.

It may be also seen, however, that as the percentage of Fe and/or Mn increases
beyond 0.75%, strength and ductility decrease dramatically, a fact which may be attributed
to the presence of Fe- and Mn-bearing phases (i.e. sludge and B-Fe) in the structure of the
RF2 and RF4 alloys, respectively; which has little beneficial effect on the properties of the
as-cast alloy. From the point of view of the mechanical behavior of the alloy, yield strength
is an important parameter and should be taken into account. If the Fe-intermetallic
compounds are considered as inclusions in the alloy, the yield strength will then depend
strongly on the type and critical size of these Fe-intermetallic compounds (mainly B-Fe).
This would explain the reduction in yield stress upon attaining an Fe content of 1% in RF4
alloy.

The average YS, UTS, and %El curves for these alloys, as a function of aging
temperature are shown in Figure 4.20. It may be observed that the UTS and YS increase
while the elongation decreases with an increase in aging temperature of up to 180°C for all
alloys. This observation may be attributed to the dispersion of massive Fe-rich phases
throughout the matrix, in addition to the formation of age-hardening compounds.
Thereafter, a continuous decrease in the YS and UTS may be observed with a further

increase in aging temperature. The decrease in strength properties is accompanied by an

enhancement of the ductility in all the alloys.
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The quality index evaluated for the aging condition under consideration is displayed
in Figure 4.21. It may be observed that the quality index, Q, depends strongly on the
morphology of Fe-intermetallics for all the aging temperatures investigated. With regard to
their quality indices in Table 4.11, the RF3 and RF1 alloys are characterized by the highest
quality values compared to the RF2 and RF4 alloys. From a general point of view, it will be
observed that the quality is dominated by the tensile ductility values and is much more
sensitive to variations in tensile ductility than to changes in tensile strength. A comparison
of the dependencies of the quality index in Figure 4.21 and the elongation-to-fracture in
Figure 4.20(c) with the aging temperatures confirms the strong sensitivity of Q to variations
in the tensile ductility. It may be concluded that the analytical quality index is a sensitive
tool capable of detecting variations in the ductility.

Figure 4.22 displays the correlation between UTS and elongation at different aging
temperatures. It is also interesting to note that the curves produced by the UTS — elongation
relationship are substantially circular. The circular pattern is a result of the transition from
high Q values of the underaged condition to the low Q values of the overaged condition. In
general terms, however, the pattern of behaviour of the alloys studied is remarkably similar.
As noted with regard to Figure 4.22, the presence of ~1% Fe and ~1% Mn in the RF2 alloy
lowers the circular pattern due to the formation of sludge. The same result may be observed

in the RF4 alloy due to the formation of the 3-Fe phase.
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4.5.3 Effects of the Addition of Cu and Mg

In general, an improvement in the mechanical properties of Cu- and Mg-containing
aluminum alloys is attributed to the formation of the age-hardening compounds Al,Cu and
Mg,Si, respectively, which precipitate from the solid solution during aging.”*® The degree
of strengthening depends on the copper and magnesium content, and an increase in strength
due to higher copper and magnesium levels is always accompanied by a corresponding
decrease in ductility. An overview of the tensile properties obtained for the artificial aging
conditions investigated may be found in Tables 4.8-4.10. All values in these tables
represent average values for the five tensile tests. The dependence of YS, UTS, and %El on

the aging temperatures is displayed in Figures 4.23(a), (b), and (c) respectively. The tensile
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strength (UTS) increases with the Cu and Mg content in the alloys. A significant
improvement in the tensile strength was obtained for the RC2 alloy containing 3.25% Cu
and 0.3% Mg. Also, this alloy shows much higher yield strength (YS) than does the RGM
alloy containing 2.25% Cu and 0.3% Mg. An increase in the Cu-level at a given Mg-
content causes a rapid loss in the relative ductility and the samples fall short of the necking
strain, which is in principle an expected result. Figure 4.23(c), however, shows that a
proportionally larger loss of the relative ductility occurs at higher Cu and Mg contents. The
noticeable difference in strength between the RC2 and RGM alloys is due mainly to the
precipitation of a large amount of the §-A1,Cu phase.

The precipitation of §-Al,Cu is not only attributable to the Cu-content but is also
dependent upon the concentration of Si and the Cu/Mg ratio. A high Si-content and a high
ratio of Cu:Mg have the effect of enhancing the precipitation of the §'-Al,Cu phase.>* It
was found that only when the Si-content was higher than 0.3 wt% could the §'-Al,Cu phase
precipitate in Al-1.5%Cu-0.75%Mg alloy during artificial aging at 175°C,**® whereas there
was no precipitation of §-Al,Cu to be found in the Al-2.0%Cu-0.9%Mg-0.25%Si alloy
after artificial aging.**’ Since the Si-content in the alloy under study is much higher than
the solubility of Si in Al, there must be a threshold value for the Cu-content lying between
1.0 and 1.5 wt%, above which the 8-Al,Cu phase precipitates during artificial aging. In
addition, load-shedding onto the dispersed particles is increased and particle cracking
occurs at lower strains. Lowering the ductility when the alloy matrix is strengthened by
precipitation can lead to delays in the onset of plastic relaxation.’”® The ductility also

diminishes when the reinforcing particles are either large or elongated.?*® For example, at
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180°C, increasing the amount of Cu from ~2.25 wit% (RGM alloy) up to ~3.25 wi% (RC2
alloy) in the presence of a low Mg-content (0.3 wt%) is found to improve the alloy YS and
UTS values by 26% and 13%, respectively, with a corresponding decrease of ~35% in
elongation. At 0.5 wt% Mg, an increase in the Cu level from ~2.25 wt% (RC3 alloy) up to
~3.25 wt% (RCS5 alloy) produces an increase of ~9.7% and 5.5% in the YS and UTS,
respectively, with a corresponding decrease in elongation of ~16% at peak aging.

All of the preceding would thus indicate that a high level of Mg addition is of no
great effectiveness, possibly due to the formation of AlsMggSicCu, which decreases the
amount of free Mg available for forming the Al,CuMg phase. This observation is in
agreement with the results reported by Dunn and Dickert.*> Thereafter, a continuous
decrease in the YS and UTS takes place with increasing aging temperature; the decrease in
strength properties is accompanied by an improvement in the ductility.

It was observed that the alloy with 3.25 wt% Cu and 0.3 wt% Mg is significantly
stronger but less ductile. In general terms, as the alloys undergo progressive treatments
toward peak aging, the YS and UTS increase while the ductility decreases. Overaging, on
the other hand, lowers the YS and UTS but does not increase the ductility except for the
overaged samples at 240°C. Alloys containing high levels of Mg were also found to be
significantly less ductile than the alloys with a low Mg content at the same content of Cu
for all heat/aging treatment studied.

Again, the tensile properties can be evaluated using the quality index. With regard
to the respective mechanical properties listed in Tables 4.9 and 4.10, the use of Q for

quality evaluation leads to very reasonable results. Figure 4.24 shows a comparison of the
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results obtained with the additions of varying quantities of Cu and Mg and by applying
different aging temperatures. As can be expected, the RC2 alloy (3.25% Cu and 0.3% Mg)
displays the best quality index compared to the other alloys investigated at all aging
temperatures. It is also consistent that the Q value is more sensitive to tensile ductility than
it is to tensile strength variations. The highest quality index was obtained at 155°C for all
the alloys investigated. Thus, this temperature may be considered the optimal aging
treatment according to this particular quality index.

It may be concluded from the above investigation that the use of Q will lead to
satisfactory results in engineering applications where variations in tensile ductility may be
considered as an essential parameter for alloy quality evaluation. Various events occurring
during the aging treatment can be analyzed by plotting the UTS as a function of %El, as
shown in Figure 4.25. The curves begin at point A, which represents the value in the
solution heat-treated condition. As precipitation begins to occur, the alloys containing the
additions of Cu and/or Mg begin to harden, and the strength increases, while there is an
overall reduction in ductility. At 180°C, the alloys attain a peak strength value. This point
corresponds to a minimum in elongation. A purely overaging phenomenon would suggest

that increases in elongation should be accompanied by a reduction in the strength levels.
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CHAPTERSS
IMPACT PROPERTIES OF Al-10%Si ALLOYS
AND EXPERIMENTAL DESIGN
5.1 IMPACT PROPERTIES
5.1.1 Introduction

Tensile testing is the most commonly used method for quantifying the mechanical
properties of aluminum alloys. Impact strength, however, is also of importance in certain
applications and can provide an informative estimation of the ductility of an aluminum
alloy. The Charpy test is the most frequently used means for laboratory measurement of
impact energy. This energy, as recorded by the Charpy test, correlates with the area under
the total stress-strain curve shown in Figure 2.7 from an earlier chapter.

From the few data available in the literature for the impact strength of Al-Si alloys,
it would appear that this property is influenced by the fineness of the microstructure and the
morphology of the constituents. In this subsection, the impact behaviour of different alloys
will be investigated with reference to the way they relate to the as-cast and heat-treated
conditions. In each case, the traditional impact strength or the total absorbed energy during
impact will be determined together with more specific parameters such as crack initiation
and propagation energies and the load required to break the sample. In view of the fact that
the total absorbed energy, E;, is normally taken to represent impact energy, this parameter
will be used mainly to discuss impact properties from the point of view of the type of melt

treatment and alloying elements added, as was done earlier for tensile properties. Also
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presented will be the relationship between impact energy and tensile and ductility with
reference to the alloys studied.
5.1.2 Effects of Melt Treatment

As pointed out by Kobayashi and Niinomi,”° the impact toughness of the as-cast
Al-Si alloy is related mainly to: (i) aluminum dendrite cell size and dendrite arm spacing;
(i) the shape of eutectic silicon crystals; (iii) other second-phase particles such as
intermetallic compounds; (iv) casting defects such as voids; and (v) primary silicon
particles. Unnotched, untreated and melt-treated impact bars were tested to investigate the
effects of modification and grain refining. It was decided not to notch the impact bars in
order to increase the accuracy of the measurements and to emphasize the effects of the
microstructure. The instrumented impact testing equipment allows the fracture response of
the impact specimen to be studied in terms of absorbed fracture energy. This may be
determined directly from the dial of the pendulum machine as in the traditional test, or else
calculated from the curves obtained on the oscilloscope. When the system is well
calibrated, the calculated E; value will match the dial energy. This correspondence was
verified for each sample, and only the results obtained from the curves themselves will be
considered here. The results of the instrumented impact test were provided in the form of a
visual record of the applied load and energy absorbed during fracture. The relative shape of
the load-time curve is indicative of the deformation and fracture history of the impacted test
sample. The interpretation of the load record may be done using concepts which are similar
to those already employed for the conventional tensile test, while the curve itself can be

subdivided into deformation stages.
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Figures 5.1 and 5.2 provide examples of the recorded results for untreated and melt-
treated impact bars in the as-cast condition. The variation of the load with time is shown by
the upper curve. The total energy absorbed during impact can be estimated from the area
under the load-time curve; however, as the Dynatup System also provides the energy-time
signal (the lower curve), the absorbed energy can be calculated directly, as mentioned
earlier in Chapter 2. The effect of modification can be observed easily upon comparing
Figures 5.1 and 5.2(a). The first part of the curve, where the load varies linearly with time,
corresponds to the elastic deformation up to the yield load; it should be noted that this zone
remains unaffected by the presence of Sr or the addition of Sr and Ti. This observation is in
agreement with the results from the tensile tests. After yielding, plastic or permanent
deformation occurs, where the damage is generally distributed over a relatively large
volume of alloy so that a decrease of the load is not observed. This zone, where the load
may increase up to a maximum, is wider for the RM and RGM alloys than it is for the R
alloy. In other words, it takes a longer time for a crack to be initiated and to begin to
propagate. Finally, there is a sharp decrease in load after the ultimate point (corresponding
to the maximum load) is reached, which is associated with the catastrophic cracking
leading to failure. As can be seen in Figure 5.2(b), a more gradual decrease in load after the
maximum load can occur for the Sr-modified and grain-refined RGM alloy; it too can be
associated with localized cracking which propagates more slowly leading to gradual failure.
In such a case the percentage of the total energy attributed to the crack propagation will be

larger and lead to a higher ductility index, as will be shown later on in the text.
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Table 5.1 shows the results for the different parameters as determined from the
instrumented impact tests for untreated and melt-treated alloys. The total absorbed energy,
E,, the crack initiation energy, E;, the maximum load, total time, and time to maximum load
were all determined from the curves, whereas the crack propagation, E,, ductility index
(DI), and average crack speed were obtained by means of calculation. The results represent
the average values and their standard deviation. The impact strength, or the total absorbed
energy, increased from 5.42 J for the unmodified R alloy to 7.13 J for the modified RM
alloy, corresponding to an improvement of about 31%. These results reflect the structural

changes associated with modification from acicular to fibrous eutectic Si.
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Figure 5.1  Load-time and energy-time curves for untreated R alloy in the as-cast
condition.
Impact strength is imparted to the alloy by the ductile aluminum matrix which
separates the brittle silicon phase. The acicular or needle-like morphology of the silicon

phase in the unmodified alloy, as observed by metallography, gives rise to stress
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concentration at the sharp silicon corners. This stress concentration rapidly creates a crack

which propagates easily, resulting in fracture under load. Modification with strontium

changes the Si particles from the acicular to the fibrous form, but also refines the size of

this brittle phase which results in significant improvement of the impact strength of the

alloy. It is interesting to note that the combined addition of modifier and grain refiner leads

to an increase in the impact strength by 33% compared to the untreated alloy.
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Table 5.1 Effect of modification, grain refining, and aging temperature on the impact properties of Al-10% Si alloys
Alloy | Condition Total Crack Crack Ductility Maximum Total Time Time to Average
Code absorbed initiation propagation index load (ms) maximum crack
energy energy energy DI (KN) load speed
Er (J) E; (J) E, (J) (ms) (mm/ms)
As-cast | 5.42+0.98 |4.3+0.87 1.12£0.12 0.26+0.027 |5971+0.54 | 0.34+0.039 | 0.203+0.032 | 29.5+3.3
SHT 17.0+25 |12.7+£1.22 43+0.43 0.34+0.03 10.410+0.26 | 0.62+0.002 | 0.44+0.01 16+£0.6
A@155 [12.37+£2 9.35+0.97 3.02+£0.88 0.32 +0.07 9.480+0.12 | 0.43+0.02 0.27+0.013 | 23+22
R A@180 |838+2.8 |6.54+22 1.94 £+ 0.67 0.28 +£0.03 9.48 +0.87 0.316+0.01 | 0.21+0.05 31.6+1.1
A@200 |1131+1.0 |8.78+0.74 2.53+0.31 0.29+0.027 | 10.513+0.29 | 0.41 £0.02 0.26 +0.02 24+1.97
A@220 |12.69+1.7 | 9.68+0.92 3.01 +£0.82 0.31+0.05 10414+ 0.82 | 0.45+0.034 [0.29+0.033 [22+5.2
A@240 |129+£2.0 |9.72+1.78 3.18+0.54 0.33+0.01 10.794 £ 0.97 | 0.49 +£0.01 0.31+0.013 [204£1.6
As-cast | 7.13+2.1 |5.47+0.69 1.66 = 0.62 0.30+0.01 6.845+0.55 |0.37+0.05 0.22 +0.06 27+1.2
SHT 23.22+35 | 17.1£2.7 6.12 +0.35 0.36+0.07 10.895 £ 0.52 | 0.65 + 0.05 045+0.013 |[154+1.2
A@I155 [ 14.15+1.3 |10.65£0.81 |3.5+0.59 0.33+0.05 10.675+0.14 | 0.45+0.03 0.28 £0.02 22+ 1.6
RM A@180 [9.1+23 7.03+1.7 2.02 +0.54 0.28 +0.01 10.400 + 0.15 | 0.34+0.03 0.2 +0.01 29.3+3.6
A@200 |12.17+3.4 |9.66+2.82 3.15+1.01 0.33+0.04 11.035+ 1 0.41+£0.059 [0.26+0.04 244 +£3.7
A@220 [13.1+1.35 |9.76£0.99 3.31+0.69 0.34 +0.07 11.555+0.11 | 0.35 +0.02 0.20 +0.02 28.6+1.9
A@240 |13.3+0.04 | 9.90+0.98 3.43+£0.95 0.35+0.013 | 11.716+0.62 | 0.48 +£0.003 | 0.28 + 0.02 20.8+1.5
As-cast | 7.21+1.36 | 548+1 1.73£0.39 0.32+0.05 7.100+0.52 | 0.38+0.036 | 0.20+0.03 26.6 +2.5
SHT 235+3.85 | 17.2+1.88 6.3+0.99 0.37 +£0.04 10.469 £ 0.28 | 0.66 +0.048 | 0.48+0.035 |152«+1.1
A@I155 |1437+£2.6 | 10.8+2.6 3.57+0.52 0.33+£0.09 10.369+0.50 | 0.45+0.049 | 0.32+0.039 |223+2.2
RGM | A@180 |934+131 |7.19+£0.91 2.14+0.42 0.297+0.02 | 10.1+1.1 0.34 +0.04 0.2+0.03 294+34
A@?200 |13.73+£1.5 [ 103+1.36 3.43+0.11 0.334+0.03 | 11.138+0.64 | 0.37 +£0.02 0.22+0.03 27+ 1.1
A@?220 |14+1.93 10.4+1.36 3.6+ 0.59 0.346+£0.02 | 11.346+£0.73 | 0.45+0.034 | 0.29+0.026 |22.1+2.2
A@240 | 1433+34 |1057+2.49 |3.76=+0.25 0.36 + 0.05 10.402 + 0.48 | 0.52 + 0.07 0.32+0.06 19.2+2.6
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Although the tensile and impact properties were not determined from exactly the
same samples with identical microstructures, it is of interest to compare the improvement
obtained with modification. In both cases, the samples (impact bars and tensile bars) were
cast in permanent molds. Impact strength increased by about 31% when the alloy was
modified, while tensile elongation improved by about 15%. This relatively poor
improvement in tensile properties was explained by the presence of porosity associated
with modification. It appears, therefore, that impact properties are more sensitive to the
modification itself and are less affected by porosity than simple tensile properties. The
standard deviation in the total impact energy for the modified alloy (= 2.1), however,
remains higher than for the unmodified alloy (x 0.98). Similar observations were reported
by Tsukuda®*' who indicated that impact results are more sensitive to the as-cast
microstructure of Al-Si alloys than are the tensile test results, and the influence of porosity
on impact test results is not as significant as it is on tensile test results.

The total absorbed energy does not provide much information on the details of the
fracture behaviour of a material, hence the interest of dividing the energy into two parts:
crack initiation energy (E;) and crack propagation energy (E;). In real terms, any brittle,
high strength material will manifest high crack initiation energy, Ei, and low crack
propagation energy, E,. Conversely, a low strength ductile material will have low E; and
high E,. Therefore, even though the Charpy energy for each of the two materials may be the
same, their fracture behavior is quite different. These observations indicate that the use of a
“ductility index” (DI), which is the ratio of the propagation to initiation energies is to be

recommended highly.
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Modification and grain refinement affect not only the total absorbed energy but also
the fracture behavior of the impact samples. This is illustrated by the two energy values
involved in the fracture of the impact specimens shown in Figure 5.3. For a particular
stacked column, the lower bar represents the energy required to initiate fracture, E;, and the
top bar represents the energy required to propagate fracture, E,. The sum of these two bars
is the total absorbed energy, or the impact strength of the alloy. As expected, the crack
initiation energy is improved by modification, increasing by 28% from 4.3 J to 5.5 J. This
may be explained by the change in silicon morphology from an acicular to a fibrous form
resulting in a diminution of stress concentration at the silicon-aluminum interface.
Strontium also reduces the size of the Si particles resulting in higher crack propagation
energy, since a crack has more chance of propagating in the ductile matrix without

encountering a brittle silicon particle.
10

M Crack initiation B Crack propagation

Energy (J)
(4]

R _RM ) RGM )
Figure 5.3  Impact energy components involved in the fracture of the as-cast impact

samples.
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The crack propagation energy changed from 1.1 J to 1.7 J with an addition of
strontium, corresponding to a 55% increase. Consequently, the ductility index, which is
defined as the ratio of propagation to initiation energies, increased from 0.26 to 0.30 with
modification (see Table 5.1). As expected, the combined addition of modifier and grain
refiner displays the best ductility index of all the alloys studied. The maximum load was of
the order of 6845 N and 7100 N for both the RM and the RGM alloys corresponding to an
increase of 15% and 19%, respectively, compared to the R alloy. Average crack speed is a
useful parameter with which to characterize the crack propagation phenomenon; it may be
defined as the sample width divided by the total time elapsed from the moment the load
was exerted to the moment it was removed. From Table 5.1, it is clear that the untreated R
alloy displays the highest crack speeds compared to the modified RM and modified grain-
refined RGM alloys. This untreated alloy also reveals the lowest impact energy
components. Figures 5.4 and 5.5 show examples of curves recorded for solutionized
untreated and melt-treated alloys, respectively. Significant changes were observed in the
impact behavior of the alloys after solution heat-treatment, although the difference between
untreated and treated samples persisted. The average values as well as the standard
deviations of the impact parameters are presented in Table 5.1 for solution heat-treated
alloys. All the impact properties of solutionized heat-treated samples were largely superior
to the corresponding values of the as-cast samples. As may be observed from the curves
already recorded, the scattering in the impact properties was greater for the solutionized

alloys than it was for as-cast alloys. This fact is reflected in the higher standard deviations
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observed for the solution-treated samples of R and RM alloys (+2.5 and +3.5, respectively)

compared to those obtained for the as-cast condition (=1 and +2, respectively).
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After solution heat-treatment, the total absorbed energy of the unmodified R alloy
was 14.3 J, corresponding to a 213% improvement due to the decrease of stress
concentration as the eutectic silicon changed from acicular to spherical form during the
holding period at elevated temperature. It also should be noted that the impact strength of
the solution-treated unmodified R alloy was greater than that of the as-cast modified RM
alloy. The microstructural change of the eutectic silicon from acicular to fibrous form
yielded only a 31% increase. From this point of view, heat treatment is deemed to be better
than modification in improving the impact properties.

When modification was combined with solution heat treatment, however, still
higher values of total absorbed energy were obtained: the solution-treated RM modified
alloy showed an improvement of about 226%, with a total absorbed energy of 23.22 J. This
increase resulted from the fragmentation of the branched and fibrous eutectic silicon into
small segments which rapidly spheroidized and coarsened, as indicated by the quantitative
study of the microstructures. It should be noted that the maximum load of solutionized
unmodified R alloy was of the order of 10410 N, corresponding to an increase of 74%,
which implies that the solution heat treatment caused larger changes in this parameter than
did modification.

The influence of aging temperatures on untreated and melt-treated alloys is shown
in Figure 5.6, where the total absorbed energy was plotted as a function of aging
temperature. The impact strength of the alloys decreased with an increase in aging

temperature of up to 180°C and then rebounded 25-30% up to 240°C. These results are
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consistent with those obtained for tensile ductility, as observed for the range of alloys
examined.

Crack initiation and propagation energies of the alloys were both affected by aging
treatment with variations in temperature similar to those obtained for the total absorbed
energy. Figure 5.7 indicates how the total absorbed energy is distributed between the two
energy values involved in the fracture of the impact specimens, i.e E; and E,. Consequently,
the ductility index varied with aging temperature as shown in Figure 5.8.

In view of the fact that different alloys exhibit different microstructures, it is natural
to expect that their impact energies will also differ, depending on the type and amount of
microconstituents and defects present. The effects of the combined additions of Fe and Mn,
and of Cu and Mg, on the impact strength of the Sr-modified grain-refined RGM alloy in

as-cast and heat-treated conditions, used as a reference, will be discussed below.
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Effect of aging temperature on the energies involved in the fracture of
impact bars for (a) unmodified R, and (b) modified RM alloys.
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5.1.3 Effects of the Addition of Fe and Mn
The effect of iron on the mechanical properties of Al-Si alloys was investigated by

Komastu et al.>?

Their results show that iron has a detrimental effect on the impact
strength of these alloys because of the formation of Al-Si-Fe compounds. Table 5.2 shows
the results for the different parameters as determined from the instrumented impact tests for
the Sr-modified grain-refined RGM alloy, thus making it possible to investigate the effects
of various additions of Fe, whether individually or in combination with Mn, in as-cast and

heat-treated conditions. In the as-cast condition, the total absorbed energy, E;, of the RGM

alloy is found to decrease with an increase in Fe whether added individually, or in
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combination with Mn. For example, the E; value of the RF1 alloy (containing ~0.75% Fe
and ~0.75% Mn) is decreased by 12% compared to its value in the RGM alloy. The
decreasing of E; for the RF1 alloy may be attributed to an increase in the volume fraction of
iron intermetallics, as discussed previously in Chapter 4, section 4.2.

At high Fe levels of ~1%, the impact energy is considerably lower due to the
formation of sludge and (3-Fe, respectively, as was to be observed in the case of the RF2
and RF4 alloys. Such intermetallics serve as stress concentration sites and tend to promote
crack propagation, ultimately resulting in low impact energy values. The total absorbed
energy of the RF4 alloy (containing ~1% Fe and ~0.5% Mn) is low compared to the other
alloys studied. It is also interesting to note that the impact strength is more sensitive to
minimal variations in the microstructure than elongation. Similar observations were made
by Richard,™® who indicated that impact energy values are more sensitive to the as-cast
microstructure of Al-Si alloys than the tensile properties.

Figure 5.9 indicates how the crack initiation and propagation energies of the alloys
were affected by the addition of Fe, either individually or in combination with Mn. As
expected, the crack initiation energy decreased with an increase in the iron content. For
example, the crack initiation energy decreased by ~11%, from 5.48 J for RGM alloy to 4.9
J for RF1 alloy, with the addition of Fe. Since a crack has little chance to propagate in the
brittle matrix, the crack propagation energy changed from 1.73 J in the RGM alloy to 1.47
in the RF1 alloy. Consequently, the ductility index decreased from 0.32 in the RGM alloy
to 0.30 in the RF1 alloy. The average crack speed for the alloys studied with respect to Fe

and Mn contents is shown in Figure 5.10. It may be observed that the highest crack speeds
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were obtained for the alloys containing the highest iron levels, thus indicating that these
alloys possessed the lowest energies. Even after solution heat treatment, these alloys
displayed no significant increase in the impact energy due to the brittle and hard nature of
the iron microconstituents. The formation of these undesirable phases is not changed or
only slightly changed by solution heat treatment at 495°C, resulting in low impact energy
values. Figure 5.11 shows the impact strength of the RGM alloy as a function of aging
temperature with the various additions of Fe and Mn. It is seen that the addition of Fe
individually or in combination with Mn reduces the total absorbed energy of the RGM
alloy at all aging temperatures. The impact energy of all the alloys displays the same
behavior undergoing artificial aging procedures; it decreases with increasing aging
temperatures of up to 180°C, and then increases slightly with further increase in aging
temperature. As a result, the ductility index also decreases as the aging temperature
increases up to 180°C, increasing thereafter with further increase in aging temperature, as
shown in Figure 5.12. It may be observed that the RF1 alloy (~0.75% Fe, ~0.75% Mn)
displays the highest ductility index followed by RF3 alloy (~0.75% Fe, ~0.5% Mn) at all
aging temperatures. It may thus be deduced that optimum impact properties for the RGM

alloy can be achieved by keeping the Fe and Mn levels at a minimum (< 0.75%).



Table 5.2 Effects of Fe and Mn addition and aging temperature on the impact properties
Alloy | Condition Total Crack Crack Ductility Total Time Time to Average
Code absorbed initiation propagation index (ms) maximum crack speed
energy, E; (J) | energy, E;(J) | energy, E, (J) DI load, (ms) (mm/ms)
As-cast | 6.37+1.29 4.9+0.89 1.47 £ 0.56 0.3 +0.08 0.348 £ 0.036 | 0.21 £ 0.02 29+32
SHT 129+2.5 9.83 +2.03 3.073 +0.58 0.32 4+ 0.06 0.469 + 0.052 | 0.304 + 0.05 21.6+£2.6
A@l155 [10.02+1.6 7.71+1.15 2.3 +0.49 0.297+£0.02 | 0.367+0.03 | 0.206+0.03 273+2.1
RFT | A@180 |6.1+0.66 4.83 +0.81 1.25+0.55 0.27 +£0.02 0.298+0.01 | 0.168+0.01 33.6+0.14
A @200 |7.33+0.31 5.66 +0.15 1.66 £ 0.14 0.29 +0.02 0.31+0.01 0.167 + 0.02 32+53
A@220 | 7.58+0.49 5.62+0.53 1.97 £0.97 0.3 +0.02 0.334+0.01 | 0.181+0.01 29.9+0.1
A@240 | 9.36+0.88 7.1+0.91 2.26+0.39 0.32 £ 0.07 0.386+0.03 | 0.23+0.02 26+0.2
As-cast | 6.13+0.95 4.8 +0.01 1.25+0.23 0.255+0.05 |0.30+0.003 | 0.19 +0.004 33+0.8
SHT 9.04 +2.1 7.13+1.7 1.9+ 0.35 0.269+0.01 |0.44+0.04 0.41 £ 0.06 23+ 6.7
A@155 |6.42+0.88 5.1+0.61 1.32+£0.27 0.26 £ 0.02 0.366+ 0.1 0.16 £ 0.07 299+5.7
RF2 | A@180 |5.81+0.45 4.65+0.49 1.16+0.13 0.25+0.04 0.286+0.01 | 0.23+0.01 349+1.1
A@200 |6.74+1.28 5.29+0.84 1.45 £0.44 0.27+0.04 0.359+0.001 | 0.26 +0.01 27.8+1.0
A@220 | 6.87+0.35 5.29+0.1 1.58 £0.37 0.295+0.04 [0.367+0.02 | 0.24+0.02 272+14
A @240 | 8.59+0.86 6.61 +0.88 1.98 £0.37 0.31+0.08 0.367+£0.02 | 0.21+0.09 272+1.2
As-cast | 6.35+1.1 4.97 +0.86 1.38+0.27 0.28 £ 0.04 0.34+ 0.03 0.20 £ 0.02 294424
SHT 12.24 + 0.94 9.38 +1.03 2.86+£0.12 0.31+0.04 0.46 + 0.04 0.36 + 0.01 22+1.8
A@I155 [9.14+21 7.11+1.7 2.02+042 0.28 +£0.01 0.35+0.04 0.21 +£0.03 28.7+3.7
RF3 | A@180 |6.16%1.1 4.89 +0.81 1.27 £0.24 0.26 + 0.01 0.325+0.02 | 0.19+£0.02 30.8+2.1
A@200 |6.89+1.2 5.4+0.96 1.49 +0.28 0.28 +0.02 0.33 £0.02 0.19+0.03 302+1.9
A@220 |731+0.88 5.64+0.71 1.67 +£0.18 0.30 +0.01 0.35+0.02 0.2 +0.02 29+14
A@240 | 9+0.96 6.89+0.9 2.11£0.07 0.31+0.03 0.4 £0.03 0.25+0.02 249+ 1.6
As-cast | 5.69+1.5 4,66+ 1.17 1.04 £ 0.34 0.22 +£0.03 0.33+0.03 0.19+0.03 306+24
SHT 7.5+0.87 5.99+0.78 1.52+0.13 0.26 £0.03 0.34 +£0.03 0.20+0.02 29.3+22
A@155 |6.82+0.65 5.37+0.52 1.46 + 0.13 0.24 £ 0.04 0.32+0.01 0.18 +0.01 309+1.1
RF4 A@180 |[4.25+0.64 343 +0.51 0.82+0.16 0.238+0.03 | 0.266+0.01 | 0.14+0.01 376+ 1.4
A @200 |[4.73+0.36 3.75+0.22 0.98+0.17 0.26 = 0.03 0.286+0.01 |0.16+0.02 349+2.1
A@220 [4.95+043 3.88+0.43 1.09 +0.01 0.28 +0.03 0.305+0.02 | 0.18+0.01 32.8+2.1
A@240 |593+0.97 4.55 +0.54 1.38+0.25 0.30 +0.02 0.315+0.02 | 0.18£0.02 31.8+25
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Figure 5.9  Effects of the addition of Fe and Mn on the energies involved in the fracture
of impact bars in as-cast condition.
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Figure 5.11 Total absorbed energy of the alloys studied as a function of aging
temperature.
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Figure 5.12  Effect of aging temperature on the ductility index.
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5.1.4 Effects of the Addition of Cu and Mg

With regard to the addition of Cu and Mg to the RGM alloy, Table 5.3 provides the
average values and standard deviations for the different parameters as determined from the
instrumented impact tests. In general, the impact energies are relatively low with increases
in the Cu and/or Mg content. As mentioned previously in Chapter 4 and shown in Figure
4.8, the volume fraction of the blocky AlL,Cu phase increases with an increase in Cu
content. In addition to the modification of the silicon phase, there is a tendency to form an
increased amount of blocky Al,Cu in the presence of Sr, although dispersed Al,Cu also
forms. These particles provide further crack-initiations sites in addition to those of the
brittle Si particles. Paray e al.*** have suggested that in Cu-containing alloys such as 319
and 332, the fracture behavior is controlled by the Al,Cu particles rather than by the Si
particles.

It may be observed that at a high Mg level of ~0.5%, the impact energy is
considerably lower, as observed in the case of the RC3, RC4, and RCS alloys, in both as-
cast and solution heat-treated conditions. This result may be attributed to the brittle and
hard nature of the AlsCu,MggSis particles which are habitually unaffected by solution heat-
treatment. Magnesium has also been reported to negate the effects of Sr-modification, as
shown previously in Table 4.1. In addition, the influence of both Sr and Mg on the
segregation of Al,Cu phase is expected to increase the severity of the segregation, resulting
in the formation of large amounts of the coarse block-like form of the phase, thus providing

a further cause of the reduction in the impact energy. The decrease in the total absorbed
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energy from one alloy to another is more significant at the highest Cu and Mg contents,
compared to that observed for low Cu and Mg contents.

The dependence of the total absorbed energy, E;, on aging temperature is shown in
Figure 5.13. All the impact properties of the solutionized alloys were largely superior to the
corresponding values in the as-cast condition. The improvement in the impact energy
values may be explained by the even distribution of microconstituents and their dissolution
in the aluminum matrix achieved through the solution heat treatment/quenching step. It
may be observed that as the aging temperature increases from 155° to 180°C, a continuous
decrease in E; is noted for all the alloys studied. Further increase in aging temperature,
between 200° and 240°C, reduces the impact energy of the alloys. It may also be observed,
from Figure 5.14, that alloys with a low Mg-content have higher impact energy values
compared to alloys with a high Mg-content at the same Cu-content and aging temperature.
Consequently, the ductility indices for high Mg-containing alloys are lower than those for

low Mg-containing alloys under the same conditions.



Table 5.3 Effects of Cu and Mg addition and aging temperature on the impact properties
Alloy | Condition | Total absorbed | Crack initiation Crack Ductility Total Time, Time to Average
Code energy, Ex (J) energy, E; (J) propagation index, DI (ms) maximum crack speed
energy, E, (J) load, (mm/ms)
(ms)
As-cast | 6.79+ 1.5 544 +1.28 1.35+0.25 0.28 + 0.04 0.369+0.04 | 0.253 +0.03 272+1.9
SHT 18.59 % 3.65 13.79+ 3.14 4.79+0.51 0.36+0.04 0.61+0.11 044+0.11 17+3.1
A@155 [13.6+4.46 10.39+3.4 321+1.0 0.31+0.02 0.36+0.05 0.24 + 0.02 27.8+2.5
RC1 | A@180 |9.17+0.19 7.05+0.17 2.05+0.01 0.29 £ 0.02 0.338+0.01 |0.24+0.02 29.6 +0.02
A@200 [1092=+1.3 825+1 2.67+0.42 0.32+0.05 0.34+0.01 0.21+0.01 294 +1
A@220 | 11.33+£2.6 85+£2 2.8+ 0.58 0.34+0.03 0.42 +0.04 0.27+0.03 24.12+2.2
A@?240 |11.92+0.3 8.89£0.77 3.03 +£0.46 0.35%0.08 0.45+0.01 0.28 £0.01 22.3+0.5
As-cast | 6.87+1.13 542 +0.97 1.45+0.39 0.27£0.01 0.354+0.01 |0.238+0.03 28.2+0.9
SHT 13.48 + 1.49 10.21+0.9 3.27£0.35 0.32+0.04 0.435+0.01 |0.307+0.02 23+1.1
A@155 |10.16+0.57 7.85+0.73 2.3+£0.27 0.295+0.07 | 0.33+0.1 0.216 + 0.01 30+ 14
RC2 | A@180 |7.39+1.13 5.83+£0.85 1.56 £0.13 0.27+£0.03 0.32+0.02 0.203+0.01 312+ 1.7
A@200 |7.5+0.68 5.82+0.61 1.67+0.13 0.285+0.03 ]0.33+£0.01 0.208 £ 0.01 304+1
A@?220 [8.73+253 6.73£2 2+£0.52 0.3+0.02 0.36+0.03 0.219+0.02 28 +2.7
A@240 | 10.64+1.6 8.05+1.15 2.58 +0.44 0.32+0.03 0.43 +0.04 0.27 +0.03 23.5+1.9
As-cast 6.64+0.75 52+0.55 1.44+0.27 0.278 £ 0.04 | 0.355+0.03 | 0.22+0.02 28.5+2.4
SHT 13.42 +0.88 10.24 + 0.81 3.19+0.39 0.31+0.02 0.48 +0.04 0.35+0.01 20.9+1.8
A @155 |9.38+0.56 7.21£0.51 2.17+0.42 0.30+0.01 0.35+0.04 0.22+0.03 28.7+3.7
RC3 | A@180 |7.73+23 5.99+1.79 1.74+0.24 0.29 % 0.01 0.346+0.02 | 0.21+0.02 30+2.1
A@?200 |811+1.59 624121 1.86+0.28 0.30+0.02 0.35+0.02 0.21+0.03 283+1.9
A@220 [9.1£22 6.95+1.75 2.15+0.18 0.31+0.01 0.41+0.02 0.27 £0.02 243+14
A@?240 |10.94+1.58 825+ 1.1 2.69 +0.07 0.32+0.03 0.46+0.03 0.3+£0.02 22+1.6
As-cast | 6.42+0.94 5.02+£0.74 1.40 £ 0.19 0.278+0.01 | 0.35+0.01 0.233 + 0.01 28.3+0.3
SHT 13.38 + 1.67 10.32+ 1.42 3.06+0.43 0.31+0.04 0.5+0.01 0.33+0.01 20+0.5
A@155 | 898+0.13 6.89+0.25 2.09 +0.02 0.29 + 0.04 0.34+0.02 0.246 + 0.02 29.2+1.6
RC4 | A@180 | 7.41+0.83 5.82+0.65 1.58 +£0.02 0.272+0.02 | 0.33+0.03 0.21+0.03 312+2.2
A@200 |7.82+1.24 6.1+1.1 1.74£0.17 0.288+0.02 | 0.33+0.01 0.201 + 0.01 30+2.6
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Figure 5.13  Effect of aging temperature on the total absorbed energy.
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5.1.5 Relationship between Impact Energy and Ductility

The relationship between impact energy and elongation is shown in Figures 5.15
through 5.17 for the alloys studied. In all cases, the graphs plotted for impact energy vs.
elongation follow linear relationships, while the R? values are listed in Table 5.4. It may be
observed that with an increase in percent elongation, the total absorbed energy of impact
testing (E;) increases for all alloys.

The impact energy vs. percent elongation relationships for the R, RM, and RGM
alloys as a function of aging temperature are shown in Figure 5.15. With respect to
ductility, linear correlations may be observed for both unmodified and modified alloys. The
plots clearly depict that the increase in E; and %El in the modified RM alloy and the grain-
refined modified RGM alloy are much higher than those observed for the untreated R alloy,
due mainly to the acicular eutectic Si phase in the later.

Figure 5.16 illustrates the dependence of the impact energy on the percent
elongation of the alloys studied as a function of aging temperature and additions of Fe and
Mn. It may be observed that the RF1 alloy (containing ~0.75% Fe, ~0.75% Mn) and the
RF3 alloy (containing ~0.75% Fe and ~0.5% Mn) both possess relatively high E; and %El
values. However, alloys with a high Fe content, such as RF4 (containing ~1% Fe, ~0.5%
Mn), or a high Fe and Mn content, such as RF2 (containing ~1% Fe and ~1% Mn), are
characterized by low E; and low %El values. Thus, it is clear that the presence of a high Fe-
level is detrimental to both impact energy and ductility. In these high Fe-containing alloys,
the persistence of the platelet-like (3-AlsFeSi, and sludge phases in RF4 and RF2,

respectively, lowers the impact energy and ductility. This observation is consistent with
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that of Grand,”* who reported that increasing the iron content from 0.5 to 1.2% in an Al-
13%Si casting alloy dramatically reduced its mechanical properties, particularly ductility,
due to the formation of the 8-Fe phase platelets.

Figure 5.17 shows the plots of impact energy, E;, versus percent elongation of the
alloys studied as a function of aging temperature and additions of Cu and Mg. In general,
alloys with a Mg-content of 0.5% at different levels of Cu are characterized by low E; and
low %El, while alloys with a Mg content of 0.3% possess relatively high E; and %El

values. In all the cases, the correlations are quite good, as seen from the R* values listed in

Table 5.4.
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Figure 5.15 Correlation between impact energy and ductility for R, RM, and RGM
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Table 5.4 R? values of trend lines in the impact energy — elongation plots shown in
Figures 5.15, 5.16, and 5.17

Alloy R’ value
R 0.75
RM 0.91
RGM 0.87
RF1 0.80
RF2 0.70
RF3 0.87
RF4 0.77
RC1 0.96
RC2 0.95
RC3 0.82
RC4 0.91
RC5 0.94

52  STATISTICAL ANALYSIS
5.2.1 Introduction

Several experimental studies have been carried out over the past years to determine
the effects of content variation of alloying elements on the microstructure and mechanical
properties of Al-Si alloys. Selection of an alloy with certain specific properties is extremely
laborious and time-consuming, particularly since classical methods have not always led to
the development of a quantitative relationship between the mechanical properties of alloys
on the one hand, and their composition or heat-treatment parameters on the other.
Therefore, if two or more variables are alternated or interchanged amongst themselves, it
could become difficult to quantify the effect that any interaction between different variables

would have on mechanical properties.
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Under these circumstances, physical metallurgists have used empirical methods
based on physicomechanical models in order to solve problems of this calibre. Experiments
were made to determine the effect of the independent variable (factor) on the dependent
variable (response), while the relationship between them was illustrated using a regression
model involving experimental data. Statistical design of experiments (DOE) is widely used
as an efficient experimentation technique which has been applied to produce high quality
products, to facilitate the economical operation of a number of procedures, and to ensure
the stable and reliable progress of these same procedures.'>'®

Studies involving the application of DOE methods have been made for more than
four decades, and the advance of DOE applications has been assisted by developments in

l.256

the field of computer science. Carr ef a applied statistical program-planning to process

improvement by applying fractional factorial design for the purpose of reducing

development time. Major et al.>’

applied fractional factorial design to evaluate the
microstructure of the Al-Mg,Si casting alloy system in order to optimize alloy composition.
Carranza-Barraza et al.*>® applied a Taguchi L8 orthogonal experimental design to evaluate
the effect of chemical composition on the mechanical properties of a 319-type alloy.

Ganguly et al*®

used the statistical design of experiments to study and control the
properties and behavior of Al-Mg-Si alloys.

Two-level factorial experimental designs are highly efficient, although the number
of experimental runs increases exponentially with the number of factors. Some of these

factors may be turn out to be inactive and, in such cases, would be dropped in further

experiments; researchers may wish to use different factor settings in follow-up



202

experiments; a two-level design will identify interactions, but not quadratic effects, thus the
design may need to be augmented and then subjected to further testing; some of the
experiments may even need to be repeated; and/or the entire design may need to be
replicated with a view to improving the accuracy of the estimates. The reason for which
fractional factorial designs appeal to researchers is that they provide an efficient strategy
for reducing work when relatively few effects are realistically to be expected, or that they
are sufficiently noteworthy to require screening for more significant experimental
settings.'®

A fractional factorial design is an experimental layout where a full factorial design
is augmented by one or more factors (independent variables) to be analyzed without
increasing the number of experimental runs. These designs are labelled 2P, where & is the
number of factors which may be evaluated in a full factorial design of size 2¥, and p is the
number of additional factors to be included. When a fourth factor requires to be
incorporated in a 2° design of eight runs, the resulting design is a 2*" fractional factorial
which also has 2° = 8 runs. The full 2* factorial would thus have 16 runs. The
2*! factorial has only eight runs in that it is a half-fractional of the full four-factor design.

Statistical design of experiments, as a method, will be used in this chapter to
develop regression models for the influence of the addition of alloying elements on the
mechanical properties of the experimental Al-10.8%Si alloy. These models may be
analyzed quantitatively in order to acquire an understanding of the effects of the variables
and their interactions on the mechanical properties of the alloys under investigation.

Furthermore, within the variation range of the variables studied, these equations may be
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used to predict the composition of an alloy which, after the requisite heat treatment, would
have the desired properties. The presence of strong interaction coefficients, as evidenced by
non-linearity in the equations, justifies the adoption of an appropriate higher order design.
A current and well-established system will be selected to examine the relevance of this
mathematical technique by correlating the results generated in this section with those

obtained experimentally by the conventional methods described in Chapter 3.

5.2.2 Factorial Design of Experiment

A number of factors which affect the mechanical properties of Al-Si alloys include
(i) the alloy content; (ii) solutionizing time and temperature; (iii) aging time and
temperature; and (iv) mode of casting. Four parameters were selected as independent
variables while at the same time maintaining other factors such as solution heat-treatment
temperature and time, quenching conditions, and aging time and temperature, constant. The
four independent variables were tested at two levels in order to carry out the factorial
design method. Table 5.5 lists these main variables and the code values used for each of
them in these trials.

Table 5.5 Independent variables and their codes

Independent Variable Code
Copper Content (wt%) X
Magnesium Content (wt%) X2
Iron Content (wt%) X3
Manganese Content (wt%) X4

Five new alloys were prepared in the same way as was explained in Chapter 3, in

order to design the matrix required for studying the effects of all the alloying elements on
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the mechanical properties of the experimental Al-10.8%Si alloy, as presented in Chapters 4
and 5. The chemical compositions of these alloys and their respective codes are shown in
Table 5.6. The hardness, tensile, and impact test bars obtained from these alloys were
solution heat-treated at 495°C/8 h, then quenched in warm water at 65°C (quench delay was
maintained at under 3 seconds), followed by artificial aging at 180°C for 5 hours (i.e. the
bars were T6-tempered). The entire heat-treatment process was carried out in a Blue M

forced-air furnace in which temperature uniformity was controlled to within + 2°C.

Table 5.6 Chemical composition of the various alloys prepared for factorial analysis
Alloy Chemical Composition (wt %)
code Si Cu Mg Fe Mn Sr Ti Al
A 10.89 2.243 049 | 0.464 | 0.745 | 0.03 0.27 bal.
B 10.93 2.221 047 | 0.749 | 0.494 | 0.03 0.26 bal.
C 10.91 3.21 0.28 048 | 0.746 | 0.03 0.26 bal.
D 10.92 3.18 0.273 | 0.729 | 0.471 0.03 0.28 bal.
E 10.93 3.23 048 | 0.744 | 0.746 | 0.03 0.27 bal.

Four factors were varied on two levels, i.e. at an upper level and a lower level. The
upper and lower levels of these four factors are as follows: Cu was varied between 2.25 and
3.25 wt%, Mg between 0.3 and 0.5 wt%, Fe between 0.5 and 0.75 wt%, and Mn between
0.5 and 0.75 wt%. Level values of these factors are listed in Table 5.7. The response of
these data is characterized by the mean values of the mechanical properties; Table 5.8 lists
the properties studied and the codes used to specify each property in the final regression
equations obtained. According to the two-level experimental design, a nonlinear object may

be approximated by a nonlinear regression function of Equations 5.1 and 5.2. Regression
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models were obtained for the response variables with the level of confidence, o= 0.05. The
aim of the analysis was to find out the effect of independent variables on the response:

Y = f (X1, X2, X3, X4) Eq. (5.1)
using the polynomial equation:

Y =b, +b1X; +b2X5 + baXs+ baXy + bbby XiXo +bibs Xjeveneenenee. Eq. (5.2)
where Y is the response variable (hardness, YS, UTS, %El or Er); b, bi, by, efc. are
constants representing the effects of the respective factors; and b;b,, b;b;, etc. represent the
respective interactions. Also, X;, X, X3 and X, are the coded values of the factors for
copper, magnesium, iron and manganese content, respectively.

It should be pointed out that, according to the statistical design procedure, the
regression coefficients were calculated using standardized values of inlet variables, X,

Xiz = (Xi - Xj0)/]; Eq. (5.3)

where Xj, is the standardized value of the inlet variable; X the real value of the inlet
variable; Xjo the value at 0; and I; the variation interval. This means that Eq. 5.3 may be
applied for evaluating the response variable (e.g. hardness) using the standardized inlet
variables, Xj,, since the real values of X; cannot be used for this purpose. For the evolution
of four-variables at two levels, a Box-Hunter design with only eight experiments is
described instead of 2* = 16 which is required for a full factorial design. The Box-Hunter
matrix in Table 5.9 shows that the low (-1) and high (+1) levels indicated are the same as
those specified in Table 5.7. The experiment was conducted according to the design matrix
shown in Table 5.10, where the factors (independent variables) X, X,, X3, and X, are

identified as 1, 2, 3, and 4, respectively.
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Table 5.7 Experimental setting for the independent variables
Setting %Cu content | % Mg content | %Fe content | %Mn content
X (X2) (Xs) (X4)
High level (+1) 3.25 0.5 0.75 0.75
Low level (-1) 2.25 0.3 0.5 0.5
Table 5.8 Response variables, units, and codes
Response variables Unit Code
Hardness BHN Y
YS MPa Y,
UTS MPa Y;
Elongation % Yy
Impact energy Joule Ys
Table 5.9 Experimental parameters and average response variables from the trial
experiments (runs) used for factorial design
Run Independent Dependent Variables
Variable
1 {234 Y; Y, Y; Y, Ys
RGM | -1 | -1 | -1 | -1 | 124.7£2.8 | 342.63+6.9 | 374.45£15.2 | 1.127+0.25 | 9.34+1.31
C 1 -1 ]-11 1374£3.7 372+1.2 394.8+1.2 | 0.62+0.05 | 5.98+0.64
A -1 1 1-17]1 130=0.1 355.5£3.5 380.89+4.8 | 0.85+£0.09 | 7.76+0.83
RC5 1 1 | -1]-17] 135£29 368.8+6.6 | 389.23+10.2 | 0.776+0.06 | 7.13+1.67
RF1 -1 -1 ] 1 1 125£1.5 | 344.61+8.4 | 377.73£8.6 | 0.972+0.15 | 6.8+0.31
D 1 -1 1 ) -1 128+1.6 | 367.29+17.2 | 379.62+17.2 | 0.67+£0.08 | 6.41+0.42
B -1 1 1 | -1]122.6+£2.8 | 352.64+4.5 | 371.1+13.6 | 0.8+0.05 | 7.37+£0.39
E 1 1 1 1 136£2.1 370£12.6 392.749.3 0.64+0.07 | 6.160.14
Table 5.10  Model matrix for the 2*" fractional factorial design
Run | Average | 1= 2= 3= 4= 12 = 13= 23 =
1234 234 134 124 123 34 24 14
RGM + -1 -1 -1 -1 1 1 1
C + 1 -1 -1 1 -1 -1 1
A + -1 1 -1 1 -1 1 -1
RC5 + 1 1 -1 -1 1 -1 -1
RF1 + -1 -1 1 1 1 -1 -1
D + 1 -1 1 -1 -1 1 -1
B + -1 1 1 -1 -1 -1 1
E + 1 1 1 1 1 1 1
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5.2.3 Results and Discussion

A Statistica Version 7 software program was used for computing the main effects as
well as the interactions of the independent variables (alloying elements) on the response
variables (mechanical properties) of the experimental Al-10.8%Si alloy. The main effect of
these alloying elements or independent variables is the difference in average response
observed as a result of a change in the level of the variable, in this case, a change from level
-1 to level +1. The use of main effect graph plots is to determine which set of independent
variables influences the response as well as to compare the relative strength of these effects.
Coded values, instead of actual compositional percentages, should be inserted into
Equations 5.1 and 5.2 in order to calculate the value of a response variable for an alloy
within a given variation range. The equations are non-linear in nature and there are several
binary and ternary coefficients. The experimental factors and the response variables
(hardness, YS, UTS, %E]l, and E) for eight sets of experiments are shown in Table 5.9. The
standard deviation associated with the average value of the response variables is also
reported.

In general, positive values of the coefficient signify an increase in the property (e.g.
hardness) due to a concomitant increase in the individual parameters and their interactions,
whereas the magnitude of the coefficients signifies the extent of the influence of individual
parameters, or their interactions, on the response variable. For example, positive and higher
values of b; in Equation 5.2 signify an increase in the response variable, and to a greater
extent. Similarly, lower values of the coefficients suggest that the action of associated

individual parameters, or their interactions, is insignificant in a given response variable. By
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processing the data provided in Table 5.9, regression Equations 5.4-5.8 were developed for
hardness, BHN; yield strength, YS; ultimate tensile strength, UTS; percent elongation,
%ELl; impact energy, Eg; and the variation of a number of different factors, as follows:

Yy = 129.745 + 4.255 X, + 1.070 X; — 1.930 X3 + 2.25 X4 + 0.43 X;X; — 0.070 X, X3 +
0.245 X, X4 Eq. (5.4)

Yys = 359.184 + 10.339 X; + 2.551 X, — 0.549 X3 + 1.344 X4 — 2.674 X1 Xz — 0.329 X, X; -
0.138 X1 Xs Eq. (5.5)

Yurs = 383.052 + 6.036 X; + 1.403 X — 1.791 X3 + 3.477 X4 + 0.477 X, Xz — 1.137 X, X3 +
1.186 X Xq Eq. (5.6)

Yo = 0.807 — 0.130 X; — 0.040 X5 — 0.037 X3 — 0.037 X4 + 0.072 X; Xz + 0.015 X;X3 —
0.010 X; X4 Eq. (5.7)

Yer = 7.30 — 0.880 X; — 0.195 X5 — 0.253 X353 ~ 0.263 X4 + 0.420 X;X; + 0.118 X1 X5 —
0.088 X, X, Eq. (5.8)

where X;, X, X3, and X4 are in reduced form and can be decoded for their natural values

using the following relationships:

X = (%Cu - 2.75)/0.5, Xy = (%Mg e 0.4)/0.1, Eq. (5.9)
X3 =(%Fe - 0.625)/0.125, X4 =(%Mn — 0.625)/0.125

By substituting the essential regression coefficients in the polynomial Equation 5.2,
Equations 5.4-5.8 were produced and provide valuable information about the conjugated

and non-conjugated effects of the four independent variables on the response variables:
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e The influence of the addition of Cu on the response variables Yy, Yvs, Yurs, YoE
and Ykr, 1s represented by the coefficients b;, by, bi3, and bis; a comparison of the
values of these coefficients indicates that the non-conjugated coefficient, by, is of
crucial importance.

e When considering the effect of the addition of Mg on response variables, the
coefficients b, and by, should be taken into account; in this particular case, the
conjugated coefficient, b,, is of major significance.

e The addition of Mn has an effect on the response variables due to the coefficients
b4 and b4, where the former is a decisive factor.

¢ The dependence of response variables on Fe addition is represented by coefficients
bs and bs; coefficient by appears to have a greater influence on the value of
response variables than bys.

The models which were developed for this study display varying degrees of
accuracy. Correlation coefficients are provided in Table 5.11. Multiple correlation
coefficients are estimates of how well the model accounts for variations in the data set. For
example, an R? value of 0.96 means that 96% of the variation is accounted for by the model
and 4% is accounted for either by variables which are assumed to be constant or by the
inability of the data to be modelled by a quadratic equation. The R* value for prediction is
an estimate of how well the model will predict the response of new data which falls within
the bounds of the set variable ranges. For the purposes of this study, it is recommended that
the value of R? should be maximized. The models for hardness, ultimate tensile strength,

and yield strength have high multiple correlation coefficients, while those for elongation
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and toughness are less significant, suggesting that these two variables are sensitive to some

factor, or group of factors, which do not lie within the scope of this study.

Table 5.11  Multiple regression coefficients

Dependent variable R’ R’ for prediction
Hardness 0.99 0.98
Yield stress 0.94 0.86
UTS 0.95 0.88
Elongation 0.79 0.52
Toughness 0.83 0.65

Figure 5.18 represents a Pareto chart which is a horizontal bar-chart plotting
hardness values in descending order. The length of each bar is proportional to the value of
the estimated effect. The most significant effects correspond to independent variable X;
(%Cu content), independent variable X4 (%Mn content), and independent variable X3 (%Fe
content), respectively.

After processing the data provided in Table 5.9, Equation 5.4 shows the effect
produced by the simultaneous variation of alloying elements on the hardness of heat-treated
alloys. This equation further conveys the fact that the coefficients associated with copper
(X,) are significantly higher than those associated with Mg (X5), Fe (X3), and Mn (X4). The
coefficients associated with X; X, X3 and X4 are 4.26, 1.1, -1.93, and 2.25, respectively,
indicating that out of these four alloying elements, Cu appears to have the greatest effect on
hardness, while Mg has the least. The addition of Cu has been shown to have
approximately four times as much effect on hardness as the addition of Mg does. This fact

may be ascribed to the formation of complex insoluble phases, such as AlsMggSisCu,,
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which decrease the amount of free Mg as well as Cu available for further hardening during

the aging process, as shown previously in Chapter 4.
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Figure 5.19 shows the 3-D representation of the response surface for hardness as a
function of the coded values of Cu content (X;) and Mg content (X5) for alloys containing
(a) low and (b) high Fe and Mn contents. Hardness is most sensitive to the copper content
and relatively insensitive to the magnesium level, as shown in Figure 5.18. These figures
once again point to the fact that the optimum combination for hardness prevails at Cu and
Mn contents of over 2.75 and 0.625 wt%, respectively; and at Mg and Fe contents of under

0.4 and 0.625 wt%, respectively.
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Figure 5.19 Regression model for hardness as a function of Cu and Mg content for aged
Al-10.8%Si alloys: (a) alloys containing 0.5% Fe and 0.5% Mn, and (b)

alloys containing 0.75% Fe and 0.75% Mn.
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The interaction coefficients obtained in Equation 5.4 show that alloying elements
interact with each other to a significant degree. The coefficients associated with X;Xs,
X1X3, and X;X4 are 0.43, -0.1, and 0.245, respectively. The coefficient of XX, is the most
significant in comparison with the other interaction coefficients present in Equation 5.4;
this would tend to suggest that there are indeed efficacious interactions between Cu, Mg,
Si, and Al

Equations 5.5 and 5.6 show the effect of alloying elements on the yield stress and
tensile strength of heat-treated alloys. It will be observed that, of the four alloying elements,
Cu has the greatest effect by increasing the YS and UTS values. Cu is, thus, a superior
strengthener and its addition as an alloying element is desirable; Mg and Mn also increase
the strength although this effect is mild. In another respect the presence of a number of
binary interactions indicates the formation of various intermetallic compounds, and in spite
of the fact that several interaction coefficients are present, they may not be of any
significance. Equations 5.5 and 5.6 are similar in nature except for the fact that the tensile
strength is affected slightly more by the variables when compared to yield strength. It
would be possible to construct the response surfaces shown in Figures 5.20 and 5.21 using
the same variables. Copper has the greatest effect, with maximum Y'S and UTS occurring at
high levels (+1) of Cu. The addition of Mg improves tensile properties only slightly at low

levels of Cu.
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Figure 5.20 Regression model for the YS as a function of Cu and Mg contents for aged
Al-10.8%Si alloys: (a) alloys containing 0.5% Fe and 0.5% Mn, and (b)

alloys containing 0.75% Fe and 0.75% Mn.
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Figure 5.21 Regression model for the UTS as a function of Cu and Mg contents for aged
Al-10.8%Si alloys: (a) alloys containing 0.5% Fe and 0.5% Mn, and (b)

alloys containing 0.75% Fe and 0.75% Mn.
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Equation 5.7 shows the dependence of percent elongation on the variables. From
this equation, it will be seen that all the variables contribute negatively to the percent
elongation. Both Cu and Mg appear to affect the elongation adversely; and Fe and Mn also
have a mild effect in that they lower the elongation. Here, the binary interactions between
X: and X, and X; and X; show a positive effect on the percent elongation while other
interactions are not in any way significant.

Equation 5.8 reveals a trend noticeably similar to that observed in Equation 5.7
regarding percent elongation, thereby providing a good indication of the magnitude of the
impact that alloying elements have on these alloys. The effects of the interaction of these
independent variables, however, were found to be insignificant.

The models for elongation and toughness are shown in Figures 5.22 and 5.23. These
models show that ductility and toughness are highly sensitive to alloy composition. Once
the values of the effects have been obtained at each level, the overall effect and response
surfaces may be constructed. Similarly, the response surfaces for other variables may also
be obtained. The tendency of ductility and toughness to increase may be observed when the
lower level of Cu content is combined with the lower level of Mg.

The validity of the equations was verified by performing random experiments in the
range of the variation of Cu, Mg, Fe, and Mn content. Table 5.12 provides a comparison
between the calculated values of the mechanical properties obtained from Equations 5.4-5.8
and the values obtained experimentally from the random experiments. The experimental
values in Table 5.12 are the average results of three randomly performed experiments using

the same treatment combinations. As suggested by the multiple correlation coefficients, the
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models are suitable for predicting the hardness, yield strength, and ultimate tensile strength,
but do not provide good estimates for the elongation and impact energy.

An examination of the results indicates that there is a close match between the
properties obtained by performing random experiments and those calculated from the
respective regression equations. The preceding operation was carried out by inserting the
reduced values of the parameters corresponding to the random experiments in the
associated equations. The closeness of the match indicates that the equations are
sufficiently accurate within an acceptable range of variations in the variables.

From the proposed two-level factorial design experiments on the mechanical
properties of an experimental Al-10.8%Si alloy, it is obvious that by using this type of
polynomial regression equation, the effect of each of the individual variables and that of
their interactions on the mechanical properties may be grasped. In other words, the model
makes it possible to predict the performance behavior of the samples as a function of
variations in the additions made of the given alloying element within the range specified by
this study. Modification of the equation-model may suitably be applied in order to clarify
the mechanical property response of the samples beyond the specified range. Finally, for a
better understanding of the effects of individual variables and their interaction on the
mechanical properties, a higher level of factorial experimental design is recommended,
wherein the influence of other parameters such as solution treatment temperature and time,

quenching conditions, aging time and temperature, and so forth, could also be examined.
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Figure 5.22 Regression model for percent elongation as a function of Cu and Mg content

for aged Al-10.8%Si alloys: (a) alloys containing 0.5% Fe and 0.5% Mn,
and (b) alloys containing 0.75% Fe and 0.75% Mn.
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Figure 5.23 Regression model for total impact energy as a function of Cu and Mg

content for aged Al-10%Si alloys: (a) alloys containing 0.5% Fe and 0.5%
Mn, and (b) alloys containing 0.75% Fe and 0.75% Mn.



Table 5.12  Comparison of the mechanical properties calculated from Equations 5.4-5.8 and values from random
experiments
Alloy Predicted Values Experimental Values
Code | BHN YS, UTS, %El Eq, BHN YS, UTS, %El Eq,
MPa MPa 3 MPa MPa J
RF3 122.1 | 341.92 373.15 1.02 7.878 | 126.8+ 1.1 346.5+ 8.2 380.8+21 | 0.889+ 0.2 | 6.16% 1.1
RC1 128.4 | 355.84 379.96 0.92 8.01 1257+ 2.2 3773+ 11.7 | 3825+4 | 0.88+0.1 9.1+ 0.2
RC2 132 369.32 385.47 0.694 | 6.68 126.8 £ 1.8 382.5+4.5 401.9+3 |0.74+0.1 739+ 1.1
RC3 126.1 | 353.74 378.56 0.894 | 8.05 1294+ 14 343916 368.6+19 | 0.93+0.3 7.73+£23
RC4 130.5 | 360.94 382.77 0.841 | 7.98 134+ 1.5 348.8+4.2 3724+19 | 0.86+0.2 7.41+ 0.83
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CHAPTER 6

ADDITION OF TRACE ELEMENTS

6.1 INTRODUCTION

Through metallographical analyses, Chapter 4 explored the specific microstructural
changes resulting from the addition of melt treatment and alloying elements with and
without heat treatment to an experimental Al-10.8%Si near-eutectic alloy. The study
involved collating a large number of micrographs in order to provide a summary of all the
factors relating to the microstructural investigation. The mechanical properties were
discussed in Chapters 4 and 5 where evaluation was made by means of tensile and impact
tests; also hardness measurements were taken for all samples.

In spite of the published literature available, there is very little data describing the
effects that adding lead, bismuth, tin, and indium would have on the microstructure and
mechanical properties of Al-Si alloys. The first part of this chapter will thus examine the
effects of the Al-insoluble elements Pb, Bi, Sn, and In on the microstructure and
mechanical properties of a grain-refined and modified Al-10.8%Si near-eutectic alloy. The
RGM alloy was selected as an investigation reference for the purposes of this study. In the
second part of this chapter, an intensive investigation will be carried out to study the
precipitation of Sn and its effects on the mechanical properties of B319.2 and A356.2
alloys. It should be kept in mind here that these elements all have extremely low
distribution coefficients in both Al and Si. Of most significant interest in the pursuit of this

study is determining the effect that these elements have on the morphology and size of Si
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particles, and whether the refinements observed do indeed translate into an increase in

tensile and ductility.

6.2 EFFECTS OF LEAD, BISMUTH, AND TIN ON MICROSTRUCTURE AND
MECHANICAL PROPERTIES OF AN EXPERIMENTAL Al-10.8%Si
ALLOY

6.2.1 Characterization of Microstructures
The microstructure of Al-Si alloys depends on the chemical composition, casting

process, and the heat treatment regime applied. The microstructures of experimental Al-

10.8%Si alloy with minor additions of Pb, Bi, and Sn, in as-cast and solution heat-treated
conditions were thus investigated for this research work. The samples were prepared using
the standard metallographic techniques as described in Chapter 3. Optical microscopy and
electron probe microanalysis were used to record the microstructures. The Si-particle
characteristics of the various alloy samples were examined and quantified using image
analysis; these specific characteristics include particle area, length, roundness, aspect ratio

and density.

6.2.1.1 Effects on Microstructure of Adding Pb, Bi, and Sn Individually

Figures 6.1 through 6.3 show the effects of the trace elements Pb, Bi, and Sn on the
microstructure of the grain-refined and modified RGM alloy in the as-cast condition. In
general, these figures indicate that eutectic Si is somewhat coarse because of the presence
of the incompletely modified structures; in particular, Figure 6.2 shows that there is the

appearance of acicular needle-like Si formation in RB alloy. Table 6.1 summarizes the
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eutectic Si particle characteristics obtained for the alloys investigated. It may be observed
that the addition of 0.5% Pb to the RGM alloy (i.e. the RP alloy) leads to a slight
coarsening of the eutectic Si particles, as seen in Figure 6.1. For example, the average Si
particle area, length, and aspect ratio increase by 17%, 14%, and 4%, respectively,
compared to the RGM alloy, whereas the average roundness and density decrease by 4%
and 11%, respectively.

The addition of 0.5% Bi to the RGM alloy counteracts the modifying effect of Sr, as
shown in Figure 6.2, leading to a noticeable coarsening of the Si crystals; thus agreeing
with the results obtained by Cho er al?*® The eutectic Si particle parameters are
approximately comparable to those of the base alloy R. The corresponding data on the
average particle area showed a jump in this parameter from 2.67 um? in the RGM alloy to
8.23 um” in the RB alloy. Also, particle length increased from 2.69 pm in the RGM alloy to
5.41 pm after the addition of Bi. Although no specific bismuth intermetallic compounds
were identified in the microstructure of the RB alloy, it is possible that a ternary compound,
BiMg,Sr, and/or the binary compounds, BisSr, BiSr, Bi»Sr;, and BiSr,, might form, leading
to a reduction in the amount of Sr available for modification.

The addition of 1.1% Sn to the Sr-modified RGM alloy is shown in Figure 6.3. This
particular element was selected for a numbers of reasons: (i) it decreases the surface tension

of Al considerably, as shown by Eustathopoulos ez al.,*'

(11) it has a rapid diffusion
coefficient in Al; also, (iii) Sn segregates to the grain boundaries, as observed by Song et

al.,?* and by Erb and Aust.”®® A coarser and partially modified eutectic structure is thus to

be observed with the addition of 1.1% Sn, and the modification level corresponds to that of
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a class 3 type, namely, partial modification. It may also be observed that there is no
significant difference in microstructure between Sn-free and Sn-containing alloys in the as-
cast condition except for the precipitation of finely distributed Sn in the form of black
reticulate particles of B-Sn (free machining inclusions). These B-Sn particles always
solidify within the AL Cu network and at the interfaces of Al-o/Si or Al-o/Fe rich
intermetallics, as shown in Figure 6.3. The distribution of the $-Sn particles is not uniform;
rather, they are distributed in small clusters. Apparently, no Mg;Sn formation has been
observed in Al-Mg-Si-Sn alloys by other authors.”**

To date the equilibrium diagram of Al-Si-Sn ternary system has never been
reported. The phase transformation of the crystallization processes for the alloys may be
analyzed, however, by means of the three known binary systems. The Al-Sn and Sn-Si
alloys both belong to a special binary eutectic system, where there is hardly any solid
solubility between Al and Sn or between Sn and Si. With this regard, the Sn content for the
eutectic composition of Al-Sn and Sn-Si systems is about 99.8 and 100%, respectively,
while the corresponding equilibrium temperatures are ~229°C and ~232°C, respectively;
these temperatures approach or are equal to the melting point of Sn. According to the
experimental results, there are no Al-Sn compounds to be found in the RN alloy. It may
thus be inferred that, according to the rules of equilibrium diagrams, the Al-Si-Sn system
should belong to a ternary eutectic system. The projection drawing of the liquid phase
surface unfolded diagrams for the ternary system are shown in Figure 6.4. Based on three
binary system diagrams and the experimental results, it may be determined that the

projection of the ternary eutectic point is near corner Sn. Since the Sn content of the
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eutectic composition almost approaches 100%, the equilibrium temperature should be

below 229°C; it may therefore be concluded that Sn precipitates mainly in the form of the

B-phase.
Table 6.1 Silicon particle characteristics of the alloys
Alloy | Solution Particle Particle Roundness | Aspect ratio | Density

code | time area length ratio (particles/

(um’) (pm) (%) mm’)

Av SD Av SD Av SD Av SD

R 0? 859 [ 14.11 | 586 | 637 | 5734|2946 | 241 | 1.23 10096

8 7.25 | 13.1 | 558 | 6.02 | 62.0 | 20 | 2.21 | 1.27 14457

RGM 0? 267 | 471 | 2.69 | 2.65 | 71.29 {2497 | 2.11 | 0.94 40807

8 522 | 7.04 | 3.66 | 3.25 | 7542 |21.47| 1.93 | 0.84 20903

RP 0 313 | 7.65 | 3.07 | 433 | 68.14|26.72 | 2.20 | 1.04 33293

8 565 | 7.19 | 349 | 291 | 7295| 19.7 | 1.96 | 0.71 20377

RB 0? 82251 13.60 | 541 | 6.55 | 57.26 | 32.16 | 2.37 | 1.58 17855

8 6.85 | 123 | 526 | 6.0 65 19.1 | 2.16 | 0.97 18965

RN 0* 4.57 | 6.56 | 345 | 472 | 66.78 | 27.12 | 2.28 | 1.19 25979

8 6.69 | 591 | 4.17 | 3.56 | 70.15|19.71 | 2.04 | 0.83 19699

RBP 0 6.10 | 10.75| 3.4 | 4.67 | 6149|2291 | 228 | 145 23850

8 825 | 10.25] 3.55 | 3.47 | 6529|21.09| 2.15 | 1.41 18280

RBN 0® 6.28 | 11.72 | 4.68 | 4.36 |59.41 (3249 | 234 | 1.28 20734

8 11.04 | 13.89 | 5.74 | 4.92 | 63.59|29.56| 2.12 | 141 15292

R2BN 0* 534 | 456 | 452 | 6.69 | 6195|3283 225 | 1.42 22116

8 7.27 | 427 | 520 | 4.12 | 66.18 | 2925 | 2.12 | 1.42 17672

RZ 0 513 | 2.64 | 3.17 | 2.69 | 65.28 12273 | 2.25 | 1.24 24472

8 7.23 | 403 | 398 | 2.55 | 68.26|29.47| 2.03 | 141 19540

RNN 0* 392 | 2,19 | 2.80 | 2.14 | 70.77 | 22.83 | 2.17 | 0.83 32433

8 586 | 3.75 | 2.87 | 249 | 73.37[19.76 | 1.97 | 0.81 20226

a: as-cast; Av: average; SD: standard deviation.
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Figure 6.1  Optical micrograph showing microstructure of RP alloy (RGM + 0.5% Pb)
in the as-cast condition.

Figure 6.2  Optical micrograph showing microstructure of RB alloy (RGM + 0.5% Bi)
in the as-cast condition.
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Figure 6.3  Optical micrograph showing microstructure of RN alloy (RGM + 1.1% Sn)
in the as-cast condition. Arrows point to B-Sn particles.

o
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Figure 6.4  The unfolded ternary diagram and projection of liquid phases face for Al-Si-
Sn system.
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Figure 6.5 shows a backscattered image taken of the RN alloy, according to atomic
number sequence; the white phases in the matrix are 3-Sn which precipitated within the
light grey Al,Cu network (light grey). For further investigation, X-ray mapping of the 8-Sn
phase was carried out to determine the distribution of Sn, Cu, and Si, as shown in Figure
6.6. The WDS analysis shown in Table 6.2 suggests that the chemical composition of this
phase is B-Sn. A minimum of ten measurements were taken in different regions of the
microstructure, and the standard deviations in composition were calculated. The
corresponding EDX spectrum, shown in Figure 6.7, displays strong reflections due to the
presence of Sn, which is consistent with the WDS analysis. Figure 6.8 shows the
backscattered images obtained at high magnification of the RN alloy (RGM alloy + 1.1%

Sn) illustrating the morphology of Sn-containing particles precipitated in the alloy.

Figure 6.5  Backscattered image obtained from RN alloy showing the precipitation
of B-Sn.
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Figure 6.6  Backscattered image taken of the RN alloy showing the precipitation of
3-Sn and the corresponding X-ray image of Sn, Cu and Si.
Table 6.2 Chemical composition of the examined Sn-containing phase particles in as-
cast RN alloy obtained from WDS analysis
Alloy | Element wt % at. % Color & Phase
Code Shape
RN Sn 99.1 £1.39 96.16 = 1.58 white & B-Sn
Cu 0.95+0.43 1.53+0.72 reticulate phase
Total 100.05 97.69
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Figure 6.7 EDX spectrum corresponding to a B-Sn particle observed in RN alloy
(containing 1.1% Sn).

Figure 6.8  Backscattered images at high magnification of the RN alloy showing
the precipitation of B-Sn.
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As mentioned previously in Chapter 4, solution heat treatment is performed to
dissolve AL, Cu, homogenize the solid solution, and fragment and spherodize the eutectic
silicon. It may be seen clearly from Figures 6.9 through 6.11 that the 8-hour solution heat
treatment caused the dissolution of Al,Cu particles. Upon considering the various stages of
the solution treatment as a whole, it can be observed that the three stages of fragmentation,
spheroidization and coarsening may also occur together in the same microstructure,
depending upon the variety of Si particle sizes present in the as-cast structure. Thus, while
some longer particles may undergo fragmentation, other smaller Si particles may become
spheroidized, and those already spheroidized could start coarsening, at any particular time
during the solution treatment process. As Table 6.1 shows, after solution treatment of the
RP, and RN alloys, the average Si particle area and roundness increase, while the aspect
ratio and density decrease, compared to the as-cast condition, as may also be observed in
Figures 6.9 and 6.10. The decrease in Si particle density by 39%, and 24% for the RP, and
RN alloys, respectively, may indicate the commencement of the coarsening process. The
aspect ratio, defined as the ratio of the length to the width of the particle, decreased with
solution heat-treatment, thereby leading to shorter, more rounded particles.

As may be seen in Figure 6.11, the microstructure of the RN alloy after solution
treatment for 8 hours at 495°C reveals: (a) a heightened tendency towards Si-particle
spheroidization; (b) the absence of any sign of incipient melting of Cu-base intermetallics;
and (c) B-Sn, present in black reticulate form, melts due to solution treatment at 495°C,

leading to the formation of spherical voids.
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Figure 6.9  Optical micrograph showing structure of RP alloy (RGM + 0.5% Pb) in the
solution treatment condition.

I ol i 0“’-

Figure 6.10 Optical micrograph showing structure of RB alloy (RGM + 0.5% Bi) in the
solution treatment condition.



234

e i eacd> @ Wy PNl & TN DU SRl 1 e i SRV
Figure 6.11 Optical micrograph showing structure of RN alloy (RGM + 1.1% Sn) in the
heat-treated condition.

6.2.1.2 Effects on Microstructure of Adding Pb, Bi, and Sn in Combination

Table 6.1 also summarizes the eutectic Si-particle characteristics obtained from the
image analysis measurements for the RGM alloy with respect to the combined Pb+Bi,
Sn+Bi, and Sn+In additions. It may be observed that the combined additions of these
elements for the RGM alloy in the as-cast condition have a moderate-to-significant
influence on the eutectic Si particle size, in that the particle size increases in the presence of
a combined addition of Pb and Bi (in the RPB alloy) or Sn and Bi (for the RBN alloy) as
shown in Figures 6.12 and 6.13, respectively. The moderate effect may be observed with
the combined addition of Sn and In (for the RNN alloy) as shown in Figure 6.14. With
respect to the roundness parameter, the best results are obtained with the RNN alloy which

displays the highest roundness values compared to the RBN and RPB alloys.
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Figure 6.12 Optical micrograph showing microstructure of RPB alloy (RGM + 0.5% Pb
+ 0.5% Bi) in the as-cast condition.

Figure 6.13 Optical micrograph showing microstructure of RBN alloy (RGM + 0.5% Bi
+ 1.1% Sn) in the as-cast condition.
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Figure 6.14 Optical micrograph showing microstructure of RNN alloy (RGM + 0.5% Sn
+ 0.5% In) in the as-cast condition.

Figure 6.15 shows a backscattered image of the RBP alloy (RGM alloy + 0.5% Pb +
0.5% Bi) in the as-cast condition. Due to a large difference in the atomic numbers (Z), the
Pb-Bi particles (free machining inclusions) are easily deciphered as being the brightest,
with an irregular morphology; they consist of primary Bi crystals enveloped with the Pb;Bi
phase. The high magnification backscattered image displayed in Figure 6.16 shows these
features clearly. Besides lead and bismuth, these inclusions also contained Al, Cu, and
impurity elements. The contents in impurity elements varied from a few tenths to about 1
at%. The high Bi and Pb concentrations observed in Figure 6.17 for the Pb;Bi particle

shown in Figure 6.16 is in keeping with the WDS analysis provided in Table 6.3.
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Similar observations may be noted for the In-Sn inclusions observed in RNN alloy,
as shown in Figure 6.18. The backscattered image of RNN alloy shows a more even
distribution of the In-Sn particles, compared to the irregular distribution of the Pb-Bi
particles seen in Figures 6.15. The In-Sn inclusions were smaller and more densely
distributed compared to the Pb-Bi inclusions in the RBP alloy. Figure 6.19 shows a high
magnification backscattered image of the RNN alloy (RGM alloy + 0.5% Sn + 0.5% In)
showing the morphology of the In3Sn particles which precipitated in an irregular form. The
high In and Sn concentrations observed in Figure 6.20 for the In3Sn particles shown in
Figure 6.19 is in keeping with the WDS analysis provided in Table 6.4.

Figure 6.21 shows the backscattered image corresponding to the optical micrograph
seen in Figure 6.13, as taken from the RBN alloy (RGM + 0.5% Bi +1.1% Sn). Both
figures show the morphology of Bi- and Sn- particles precipitated in the alloy. The
distribution of Bi-and-Sn containing particles is shown in Figure 6.22(a) and (b),
respectively. It is clear from these that there is no evidence for the formation of any
intermetallic compound between Bi and Sn in the RBN alloy. The Bi-phase is not formed
as an intermetallic compound with Al, because it is independently distributed. The Bi-phase
is thus not uniformly distributed in the alloy structure and has a tendency to segregate and
form a coarse phase. Figure 6.23 is a backscattered image of the R2BN alloy (RGM alloy +
0.5% Sn + 0.5% Bi), also showing the precipitation of Sn and Bi particles whose
distribution is shown in Figure 6.24. Bismuth precipitation in the R2BN alloy was well-

distributed as small particles compared to its precipitation in the RBN alloy.
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Figure 6.15 Backscattered image obtained from RBP alloy showing the precipitation of
Pb-Bi particles.

Pb}Bi

Figure 6.16 High magnification backscattered image taken from RBP alloy (RGM +
0.5% B4, and 0.5% Pb), showing the presence of a Pb;Bi particle.
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Figure 6.17 X-ray images corresponding to the backscattered image of showing: (a) Bi,
and (b) Pb distribution for the Pb;Bi particle illustrated in Figure 6.16.

Table 6.3 Chemical composition of PbsBi phase particles in as-cast RBP alloy
obtained from WDS analysis

Alloy Code | Element wt % at. % Phase
RBP Pb 70.86£2.37 | 72.56+4.17 | Pb;Biphase
Bi 2471 £3 23.79+3.9
Total 95.57 96.35

Figure 6.18 Backscattered image obtained from RNN alloy (RGM + 0.5%Sn and 0.5%
In), showing the precipitation of In-Sn particles (bright white spots).
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Figure 6.19 High magnification backscattered image taken from RNN alloy (RGM +
0.5% Sn, and 0.5% In), showing the presence of an In3Sn particle.

Figure 6.20 X-ray images of (a) In, and (b) Sn distribution in the In3Sn particle shown in
the backscattered image of Figure 6.19.
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Table 6.4 Chemical composition of In;Sn phase particles in as-cast RNN alloy
obtained from WDS analysis
Alloy | Element wt % at. % Color & Phase
Code Shape
RNN In 72.37+£1.35 72.17 £1.49 white & In3Sn
Sn 26.81 £0.42 2287+1.9 spherical phase
Total 99.18 95.04

Figure 6.21

Backscattered image taken from RBN alloy (RGM + 0.5% Bi, and 1.1%
Sn), showing the presence of Bi and Sn particles.
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Figure 6.22 X-ray images of: (a) Bi, and (b) Sn, corresponding to the Bi and Sn particies
shown in Figure 6.21.

) R

Figure 6.23 Backscattered image taken from R2BN alloy (RGM + 0.5% Bi, and 0.5%
Sn), showing the presence of Bi and Sn particles.
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Figure 6.24 X-ray images of: (a) Bi, and (b) Sn corresponding to the Bi and Sn particles
shown in Figure 6.23.

Zinc (Zn) is often credited with improvements in the machinability of aluminum
casting alloys.”®® Some proponents claim that Zn benefits an alloy by hardening the matrix;
others claim that it has a lubricating effect, while still others claim that it does both. Figure
6.25 shows the backscattered image of the as-cast RZ alloy (R2BN alloy + 0.5% Zn).
According to atomic number sequence, the white phases in the matrix are well-distributed
Bi particles, whereas the lighter white particles are 3-Sn which precipitated within the grey

Al,Cu network, see inset to the left.
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N

Bi-Particles

188MHmMm

Figure 6.25 Backscattered image taken from RZ alloy (RGM alloy + 0.5% Bi + 0.5% Sn
+ 0.5% Zn), showing the presence of Bi and Sn particles.

6.2.2 Mechanical Properties
As a general rule, the mechanical properties of Al-Si alloys display a strong
dependence on heat treatment, porosity levels, and the nature, size and morphology of

second phase constituents.

6.2.2.1 As-Cast Condition

Figure 6.26 and the tabulation in Table 6.5 show the pertinent data relating to as-
cast mechanical properties; these include the hardness, yield strength, ultimate tensile
strength, and percent elongation of the Sr-modified Al-10.8%Si (RGM) alloy after the
addition of Pb, Bi, and Sn, either individually or in combination. The overall results reveal
that the mechanical properties ascertained for all nine experimental compositions are

somewhat similar to those of the RGM alloy, in that they show better ductility at the
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expense of low YS and UTS. It may be observed that there is no marked difference to be
seen in the yield strength of the as-cast samples due to the individual or combined addition
of these trace elements.

The addition of 0.5% Pb causes no significant deterioration in either the hardness or
the tensile properties of the RGM alloy. The same results were observed in the case of the
addition of 0.5% Bi, except for elongation which diminishes by 35% compared to the RGM
alloy, even though this same element has a marked influence on microstructure, as
mentioned earlier. On the other hand, the addition of 1.1% Sn reduces the hardness and
UTS by 10% and 7%, respectively, compared to the RGM alloy. The lower strength and
hardness values may be interpreted in terms of the presence of Sn, which results in the
formation of a certain amount of soft B8-Sn particles precipitated mainly at the grain

boundaries. Likewise, for the same reason, the elongation increases slightly by 2%.

450 2.7
hardness I YS EmUTS == %EIl

400 - + 2.4

350 - - 2.1

300 - - 1.8

§ 250 - - 4.5 E
g 200 - -1.2 4
ES
150 - 0.9
100 - 0.6
50 - 0.3
0 - - 0

RGM RP RBEE RBP RN RBN R2BN RNN Rz
Figure 6.26 Mechanical properties of experimental alloys in the as-cast condition.
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It may also be observed that the mechanical properties of alloys containing Sn are
marginally lower compared to those of alloys containing Pb. The combined addition of Pb
(0.5%) and Bi (0.5%) to the RGM alloy produces better mechanical properties than does
the combined addition of Bi (0.5%) and Sn (1.1%). It may also be observed that the
combined addition of Sn (0.5%) and In (0.5%) to the RGM alloy leads to an improvement

of 3, 6, and 5% in YS, UTS, and %E], respectively, compared to the addition of Sn alone.

Table 6.5 Mechanical properties of RGM alloy after addition of trace elements
Alloy Yield stress UTS Elongation Hardness
Code (MPa) (MPa) (%) BHN

RGM 210.54+2.34 | 29531+84 | 1.96+0.25 79.5+ 0.1
RP 208.7+£5.17 | 293.31+11.7 | 1.92+0.03 78.5+1.29
RB 206.00+1.92 | 290.85=+10 1.27 £0.05 81.5+0.54
RBP 20772 £1.94 | 294.75+11 1.33+£0.06 80.5 +£0.88
RN 200.68 £ 3.76 267+ 10.4 1.99 £ 0.013 74 £ 0.0
RBN 20594 +9.7 | 283.92+12.7 | 1.37+0.07 78 £2.1
R2BN 208.37£4.75 | 284.66+9.85 | 1.21 £0.08 80.93+1.1
RNN 205.67 £ 1.94 284 +£6.8 2.06 £ 0.09 77.5 £0.81
RZ 21790+3.33 | 296+13.23 | 1.285+0.11 | 82.65+2.41

6.2.2.2 T6 and T7 Heat-Treated Conditions

Figure 6.27 shows the effects of the addition of Pb, Bi, and Sn, both individually
and in combination, on the hardness of T6 and T7 heat-treated Sr-modified Al-10.8%Si
alloys. In general, it can be observed that peak hardness is obtained at 180°C for all the
alloys studied. A comparison of peak hardness values at 180°C shows that the RB alloy
(RGM alloy + 0.5% Bi) has the highest hardness compared to the other alloys. Variations

occurring in hardness values with changes in aging temperature are found to follow a
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similar trend for all the alloys. The changes which are to be observed in hardness values are
due mainly to the size, shape and distribution of Al,Cu precipitates during aging. Aging at
200° 220° and 240°C causes a noticeable decrease in the hardness values compared to
those obtained at 180°C. These precipitates show an increase in size accompanied by a
gradual change in chemical composition upon increasing the aging temperature. The
resulting equilibrium phase, i.e. 6-Al;Cu, in the form of incoherent particles, is responsible
for the drop to be observed in the alloy hardness. The results provided in Figure 6.27 also
show that the level of hardness in the T6-treated condition is generally lower for the RN
alloy (RGM alloy + 1.1% Sn) than it is for other alloys. Alloy RB (RGM alloy + 0.5% Bi),

however, displays the maximum hardness at all the aging temperatures applied.

160
[ ——RB ——RP —+—RN
150 ~—RBP ——RZ ——RNN [
——RBN ——RGM  —=—R2BN
140

Hardness (BHN)

25 155 180 200 220 240

Aging Temperature (°C)

Figure 6.27 Hardness of RGM alloy as a function of Pb, Bi, and Sn additions and heat
treatment conditions.
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Figures 6.28(a) to (c) show the YS, UTS and % El of these alloys plotted as a
function of aging temperature. The average tensile properties and their standard deviations
are presented in Tables 6.6 through 6.8. Since the value of the UTS and %El would be
influenced by any localized defect concentration, only the best results were taken into
account in determining the average values plotted in Figures 6.28(b) and (c), in view of the
fact that the scatter was too large.

In general, T6-temper produces increased strength with a corresponding loss in
ductility, as well as the development of more stable mechanical properties. For example,
with an aging time of 5 hours, the tensile strength increases and elongation decreases with
an increase in aging temperature of up to 180°C for all the alloys studied. The YS, shown in
Figure 6.28(a), increases with aging temperature and attains a maximum at 180°C for all
the alloys. Softening commences when the alloy is aged at 200°C, reaching a maximum at
240°C. The UTS exhibits a trend similar to that shown by Y, as shown in Figure 6.28(b).

It can be observed that the RB alloy containing 0.5% Bi behaves in much the same
way as the RP alloy with 0.5% Pb at the different aging temperatures applied. On the other
hand, the RN alloy shows lower tensile properties at all aging temperatures. For example, at
180°C, the alloy YS, UTS, and %El diminish by 12%, 21%, and 56%, respectively,
compared to the RGM alloy. The reduced strength and ductility of the Sn-containing alloys
may be attributed to the increase in percentage porosity observed in these alloys compared
to the RGM alloys. The combined addition of Sn and In to the RGM alloy produces an

increase of 1%, 2% and 5% in the YS, UTS, and %E], respectively, compared to the RN
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alloy at 180°C. Similarly, a combined addition of Sn and Bi improves the tensile properties
significantly compared to the RN alloy.

The combined addition of Bi (0.5%) and Pb (0.5%) to the RGM alloy (or RPB
alloy) produces properties which are more or less similar to those of the RB and RP alloys,
while the RNN alloy (RGM alloy + 0.5% Sn + 0.5% In) possesses tensile properties which
are higher than those obtained for the RN alloy (RGM + 1.1% Sn) at any of the five aging
temperatures applied. For example, aging the RNN alloy for 5 h at 180°C is associated with
increases of 1%, 2%, and 5% in YS, UTS, and %El, respectively, compared to the values
exhibited by the RN alloy. It is evident, from the results, that the Sn-In interaction enhances
the alloy strength parameters above those obtained from the RN alloy which contained only

the addition of Sn.
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Figure 6.28 — Continued
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Figure 6.28 Variation in (a) YS, (b) UTS, and (c¢) %El as function of Pb, Bi, and Sn
additions and heat-treatment conditions.
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Table 6.6 Yield strength as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
RGM 293.844+52 | 336.63+6.9 | 332.1+8.7 | 306.1+9.2 | 271.34+ 7.6
RP 296.8+2.2 329.8 + 12 324+ 4 306.6 £2.5 251.8+2.6
RB 271.8+5.2 33275+ 4 32049+72 | 2984+7 254.67+7.5
RN 272.6+11 291.89+4 28779+32 1 2659+1.4 | 241.69+£3.6
RBP 28966+ 13 | 333.47+12 |321.59+46 | 276.6+£6.6 | 247.26+7.3
RBN 366.1+ 68 | 2999+11.7 280+27 266.9+5.5 2336+ 6.6
R2BN 2788+96 | 307.49+2.8 1296.6+11.7|258.8+10.2 | 238.9+9.3
RNN 267.1+6.2 | 29538+3.8 |291.27+13 | 279.5+49 | 239.75+54
RZ 20349+ 0.5| 31945+7.8 | 288.2+7.2 269.6 £2 231.66+2.4
Table 6.7 UTS as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
RGM 362+19.5 |374.5+152 ] 366.9+123 | 346.9+8.7 | 328.3+15.6
RP 35696+ 8 | 380.5+14.7 364 £ 11 349+ 6.7 318.1+11.2
RB 359.4+15 | 380.38+12 364.18+9 340.5+£10.5 | 313.16+ 4.1
RN 281.3+10.7 | 29494+ 6.5 | 283.19+2.8 |277.45+9.8 | 267.22+9.1
RBP 35121 +£7 |373.39+84 | 360.33+43 (3278274 | 308.78+5.8
RBN 290.23+16 | 29994+ 11 | 29099+ 11 27738 +£25 | 270.7+4.34
R2BN 208.86+52 | 31639+ 8 301.55+9.6 | 282.66+89 | 278.38+ 8.9
RNN 28088+28 | 301.1+3.8 | 291.27+1.3 | 282.86+6.8| 273.51+£5.3
RZ 307.89+10 | 319.45+2.3 | 298.21+2.4 |380.31+23| 273.12+5.6
Table 6.8 Pct elongation as a function of aging temperature for Al-10.8%Si alloy
Alloy code 155°C 180°C 200°C 220°C 240°C
RGM 20£029 |1.127+£0.25| 1.128+0.14 | 1.36+0.32 1.45+0.24
RP 1.449 £ 0.07 | 0.973 £ 0.03 1.0+ 0.18 1.138+ 0.2 1.42 + 0.03
RB 1.29+0.02 | 0.82+0.11 087+0.14 |1.048+£0.12 | 1.23+0.003
RN 0.749 £ 0.01 | 0.487 £ 0.03 | 0.552+0.05 | 0.682+0.01 | 0.896 + 0.08
RBP 1.325+£03 | 0.911+0.12 | 0919+0.08 |1.087+0.11| 1.285+0.2
RBN 0.84+0.01 | 0557039 | 0.626+0.06 | 0.85+0.17 1.06 +£ 0.08
R2BN 0.719+£0.04 | 0.547 +£0.04 | 0.660+0.04 | 0.814+0.08 | 1.036+0.23
RNN 0.758 £ 0.05 | 0.511 £ 0.05 | 0.568+0.02 | 0.714 +£0.06 | 0.993 +0.07
RZ 0.803+£0.07 | 0.52+0.05 0.58 £ 0.01 0.83+0.01 | 1.035+0.08
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6.3 INFLUENCE OF TIN ADDITION ON THE MICROSTRUCTURE AND
MECHANICAL PROPERTIES OF B319.2 AND A356.2 ALLOYS

6.3.1 Microstructure

The microstructure of Al-Si alloys depends on the chemical composition, casting
process, and heat treatment applied. The B319.2 and A356.2 alloys are popular
hypoeutectic Al-Si alloys used extensively by automotive and aircraft industries mainly for
their high strength and ductility. In the context of this research study, where the main focus
has been the development of the Al-10.8%Si alloys with a view to optimizing their
machining characteristics and, hence, productivity, it was also thought worthwhile to
investigate the microstructure and mechanical properties of the B319.2 and A356.2 alioys
from this point of view. For this purpose, an examination of the microstructures of these
alloys was thus undertaken after minor amounts of Sn had been added. The study was
carried out for the as-cast and heat-treated conditions, using optical microscopy and

electron probe microanalysis (EPMA).

6.3.1.1 Alloy B319.2

In the 319-type aluminum alloys, the microstructure is typically composed of an
aluminum matrix containing eutectic silicon which may be present in the form of acicular
needles, blocky plates, or a refined fibrous structure, depending upon the level of chemical
modification and the cooling rate of the cast section. In general, the eutectic silicon is not
uniformly distributed, but tends to be concentrated at the interdendritic boundaries. The as-

cast microstructure of the Sn-free alloy (coded N alloy) is shown in Figure 6.29(a). Eutectic
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silicon particles, precipitated in the fibrous form typical of a modified structure, constitute
the main microstructural feature observed. Both of the Fe-containing phases, ie o-
Al;s(Fe,Mn);Si, Chinese script and needle-like 3-AlsFeSi, as well as the Cu-containing
phases, mainly Al,Cu, are seen to nucleate within the matrix or at the interface of such pre-
existing constituents as Si or intermetallic particles. The presence of Sr and Mg leads to an
increase in the tendency of Al,Cu to segregate to areas free of eutectic silicon. Samuel et
al.?* proposed a schematic model explaining the mechanism of this phenomenon which
was also commented upon by Mulazimoglu ez al.*®® The copper phase occurs in block form
as Al,Cu, or as fine pockets of eutectic Al-Al,Cu.

The typical optical microstructure of the Sn-containing B319.2 alloy, coded as NSS,
is shown in Figure 6.29(b). It can be observed that, there is no significant difference in
microstructure for Sn-free and Sn-containing alloys in the as-cast condition except for the

precipitation of Sn as black reticulate particles of B-Sn. These $-Sn particles always

solidify within the Al,Cu network, attached to the Si particles. The distribution of the B-Sn
particles is not uniform; rather, they are distributed as small clusters.

Figure 6.30 is a backscattered image taken from the NSS alloy sample. According
to atomic number sequence, the white phases in the matrix are -Sn which precipitated
within the AlL,Cu network (lighter grey particles). Tiny Mg,Sn particles (300-500 nm)
which had also precipitated on the eutectic Si particles could not be observed using optical
microscopy, but were discernable with the EPMA technique. Unfortunately, it was
impossible to quantify the Mg>Sn phase by EDX using point analysis because of the fine

size of this phase. This inability indicates that the magnesium level in B319.2 alloy needs to



254

be high enough to tie up the tin in the form of the higher melting Mg,Sn while still leaving
enough for magnesium intermetallics/precipitates to impart typical properties, suggesting a
critical Mg level in the presence of Sn.

It is also clear that the spherical precipitates are not Cu-Sn intermetallic particles,
since no Cu enrichment was found in the Sn precipitates. It is also unlikely that these
particles are an Al-Sn compound, since no compounds are reported in the equilibrium
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phase diagram.”” Moreover, from the WDS analysis shown in Table 6.9, the chemical

composition of this phase appears to be B-Sn. A minimum of ten measurements were
performed in different regions of the microstructures, and the standard deviations in
composition were calculated. The corresponding EDX spectrum, as shown in Figure 6.31,
displays strong reflections due to Sn, a fact which is consistent with the WDS analysis.
Figures 6.32(a) and (b) are the backscattered micrographs taken of the NSS alloy (N alloy +
0.15% Sn) at high magnification, showing the morphology of Sn-containing particles
precipitated in the alloy.

As in the case of the RN alloy (RGM alloy + 1.1%Sn), the microstructure of the
NSS alloy solutionized for 8 h at 495°C followed by quenching in hot water (~65°C) and
aging at 180°C/5h, as shown in Figure 6.33, reveals (a) a high tendency towards eutectic Si
particles spheroidization, (b) the absence of any sign of incipient melting of Cu-base
intermetallics, and (c) 3-Sn, present in black reticulate form, which melts due to solution
treatment at 495°C, leading to the formation of spherical voids. Figure 6.34 shows a
backscattered image obtained from the NSS alloy, where the molten state of the tin

particles (which occurred during solution heat treatment) can be observed clearly.
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Figure 6.29 Optical micrographs of: (a) N, and (b) NSS alloys in the as-cast condition.



Figure 6.30 Backscattered image obtained from NSS alloy showing [3-Sn precipitation.
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Table 6.9 Chemical composition of the Sn-containing phase particles in as-cast NSS and
KSS alloys containing 0.15% Sn obtained from WDS analysis

Alloy Element wt % at. % Brightness & Phase
Code Shape
NSS Sn 98.11+£0.22 | 97.93+0.16 white & B- Sn
Cu 1.15+0.29 2.10+£0.29 polyhedral
Total 99.26 100.03
KSS Mg 30.03+£1.0 64.5+1.2 grey & Chinese | Mg,Sn
Sn 64.78 £ 1.5 28.5+0.29 script
Si 2.88 +0.49 5.35+0.61
Total 98.55 99.99
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NSS (as-cast, -Sn)

Figure 6.31 EDX spectrum corresponding to B-Sn particles observed in NSS alloy
containing 0.15% Sn.

Mg,Sn

&

Figure 6.32 Backscattered images taken at high magnification of the NSS alloy showing
the precipitation of (a) B-Sn, and (b) Mg,Sn. Spot analysis of point A is
given in Table 6.9.
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Figure 6.33 Optical micrograph of NSS (N + 0.15% Sn) alloy in the T6 condition.

Figure 6.34 Backscattered image taken from NSS alloy in T6 condition showing molten
-Sn particles.
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6.3.1.2 Alloy A356.2

The alloy A356.2 has high Mg, but is very low in Cu content. Its microstructural
characteristics and tensile properties will therefore be controlled by compositional factors.
Figure 6.35 shows the typical microstructures for the as-cast conditions of the K and KSS
alloys containing 0.0 and 0.15% Sn, respectively. The microconstituents of the KSS alloy
were similar to those of the K alloy except that the Mg,Sn particles were observed in the
form of Chinese script as shown in Figure 5.35(b).

Figure 6.36 is a backscattered image of the KSS alloy, from which it is clear that Sn
was precipitated as a single crystal of Mg,Sn with embedded nano-sized particles of
Mg,Sn-Sn eutectic, leading to the conclusion that there is usually more Sn than required for
Mg;Sn. The Mg,Sn phase occurs in grey Chinese script form.

The high Mg and Sn concentrations observed in Figure 6.36 for the Mg,Sn particles
are shown in Figure 6.37. Figure 6.38 is a backscattered image of the KSS alloy (K alloy +
0.15% Sn) taken at high magnification, showing the morphology of the Mg,Sn particle in
Chinese script form. Mg has a higher affinity for such elements as Si, Sn, Pb, and so forth,
than it does for Al; it can form binary intermetallic compounds with Al only after these
elements are completely combined. On the other hand, the distribution of phases in the
solid state in the aluminum corner of the Al-Si-Mg and Al-Sn-Mg phase diagrams®
indicates their similarity. In all cases, the path of Al + Mg,B divides the corner into two
regions: Al + Mg,B + MgsAlg (or Mg;Als), where B is Si or Sn. An examination of the
regions of the Al-Si-Mg and Al-Sn-Mg phase diagrams which concern this study leads to

the conclusion that, in the Al-Si-Mg system, compounds of Sn with magnesium (Mg;Sn)
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form as the result of an excess of Mg from the unstable compound MgsAlg and the Mg in
the stable compound Mg,Si through the following reactions:*!”

Al + Mg,Si + MgsAlg+ Sn—» Al + Mg,Si + MgySn Eq. (1)

Al +Mg,Si+ Si+ Sn—> Al + Mg, (Si, Sn) + Si Eq. (2)

In the most interesting region of Al + Mg,Si + Si, which is the region of cast Al-Si
alloys, the formation of Mg,Sn without excess magnesium is possible only with partial or
complete anions, with isovalent replacement of silicon in Mg,Si with tin through the
reaction expressed in Eq.(2). This type of replacement would be possible with comparable
thermodynamic characteristics of the compounds Mg,Si and Mg,Sn, characterizing the
binding force, and also with the crystallochemical correspondence between them. Mg,Si
and Mg,Sn have the same cubic crystal structure of the CaF, type with similar lattice
constants: 6.33 and 6.765°A, respectively.”®’ For further investigation, X-ray mapping of
the Mg,Sn phase was carried out to determine the distribution of Sn and Mg, as shown in
Figure 6.39. The corresponding EDX spectrum of the compound is shown in Figure 6.40.
The quantitative WDS analysis provided in Table 6.9 indicates that this phase contains
approximately 64.5 at% Mg, 28.5 at% Sn and 5.3 at% Si, with an approximate composition
of Mg,Sip2Sngs. Thus, it may be concluded that Sn tends to interact with Mg more than
with Si.

Figure 6.41, showing a backscattered image obtained from the T6 heat-treated KSS
alloy (K alloy + 0.15% Sn - solutionized for 8 h at 540°C, followed by quenching in hot
water at~65°C and aging at 180°C/5h), reveals the formation of spherical voids. While the

melting point of Mg,Sn is about 783°C, the temperature of the Mg,Sn-Sn eutectic is
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~209°C and its composition is very close to 91 at% (98 wt%) Sn.?*’ From this, it can be
concluded that the formation of voids is related to the melting of the Mg,Sn-Sn eutectic
phase during solution treatment. Also, since the as-cast structure contained Mg,Sn, as well

as mixtures of Sn and Mg,Sn, following heat treatment, the tin was predominantly present

as the Mg,Sn-Sn eutectic.

Figure 6.35 Optical micrographs of: (a) K, and (b) KSS alloys in the as-cast condition.
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Mg,Sn

Figure 6.36 Backscattered image of KSS alloy showing the precipitation of Mg,Sn
phase.

Figure 6.37 X-ray images corresponding to Figure 6.36 showing (a) Mg, and (b) Sn
distribution.



263

Figure 6.38 Backscattered image taken at high magnification from the KSS alloy
showing the precipitation of Mg,;Sn in Chinese script form.
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Figure 6.39 Backscattered image of the KSS alloy showing the precipitation of Mg,Sn
and the corresponding X-ray images of Sn, Mg and Si.
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8.00

Figure 6.40 EDX spectrum corresponding to an Mg;Sn particle observed in KSS alloy
containing 0.15% Sn.

Molten
Mg,Sn-Sn eutectic

- 1 B Hm

Figure 6.41 Backscattered image taken from KSS alloy in the T6-condition showing the
melting of the Mg,Sn-Sn eutectic phase.
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6.3.3 Porosity

Figure 6.42 shows the surface percentage porosity values obtained from image

analysis measurements of samples of as-cast and heat-treated B319.2 and A356.2 alloys

containing different Sn levels.
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Figure 6.42 Percentage porosity as a function of Sn content and heat treatment
conditions for B319.2 and A356.2 alloys.

It can be seen that, in the T6 condition, the surface percentage porosity increases
when the Sn level increases beyond 0.05% for both B319.2 and A356.2 alloys. This
indicates that Sn additions exceeding ~0.05% Sn are enough to trigger the development of a
large amount of voids. The development of porosity in B319.2 and A356.2 alloys seems to
be connected to the melting of the B-Sn and Mg,Sn-Sn eutectic phases, respectively, during

solution heat treatment. These observations are consistent with the idea that the formation
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of transitional liquid phases at temperatures below the Al-Si eutectic is responsible for the
increased levels of porosity observed in the Sn-containing alloys. Such porosity levels
would explain the low values of tensile properties in the T6 condition. It may thus be
concluded that B-Sn and the Mg,Sn-Sn eutectic phases are undesirable in such heat-

treatable alloys, in view of the fact that solution treatment would melt the Sn phases and

lead to voids in the structure.

6.3.4 Mechanical Properties

All mechanical property measurements were made at ambient temperature. Macro-
hardness (Brinell) was measured using a 500-kg load and a 10-mm diameter steel ball.
Tensile properties (UTS, YS, %El) were determined on specimens with dimensions of 12.7
mm diameter and 50.8 mm gauge length. Tests were conducted according to ASTM
Standards.”” Charpy impact tests were conducted using ASTM Standard procedures on

unnotched bar specimens measuring 10 mm x 10 mm x 55 mm according to ASTM

standard specifications.’®

6.3.4.1 Hardness
Alloy B319.2

Variations of macrohardness with Sn content for the as-cast and heat-treated
conditions are shown in Figure 6.43. The trend of variation in hardness with Sn content was
found to be the same for all conditions. Typical average hardness values of the N alloy in

as-cast, and T5 and T6-heat-treated conditions were 84, 94, and 128 BHN, respectively. At
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0.05% Sn content (NS alloy), the hardness values registered a slight decrease for all
conditions, compared with the corresponding hardness values of the N alloy. The hardness
values decreased further when the Sn content was increased to 0.15% (NSS alloy). The
lower hardness of NS and NSS alloys can be ascribed to the formation of the soft 3-Sn

phase. Table 6.10 lists the average hardness and tensile property values with their standard

deviations.
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Figure 6.43 Hardness as a function of Sn content and heat treatment conditions for
B319.2 alloy.
Alloy A356.2

In the as-cast condition, the hardness of the K alloy was 63 BHN; the addition of
0.15% Sn (KSS alloy) reduced the hardness to 61 BHN. In the T5 and T6 heat-treated
conditions, the hardness values of KSS alloy reduced by 2 and 7 BHN, respectively,

compared with the K alloy under the same conditions, see Table 6.11. The results shown in



268

Figure 6.44 show that the level of hardness in T5 and T6 heat treated conditions is
generally lower for A356.2 alloy in comparison to B319.2 alloy, especially at high Sn
levels. This observation may be attributed to the formation of the Mg,Sn phase. The
presence of this phase is undesirable because the magnesium, which is bound to the tin, is
not available for age-hardening, thereby reducing the effect of precipitation hardening.

Table 6.11 lists the average hardness and tensile property values obtained and their

standard deviations.
Table 6.10  Effects of Sn addition and heat treatment conditions on the hardness and
tensile properties of B319.2 alloy
Alloy Code | Condition YS UTS Elongation | Hardness
(MPa) (MPa) (%) (BHN)
N As-cast |223.03+7.1 |30746+139 |1.40+£0.14 |8439+1.1
(0% Sn) T5 257.51+£14.3 |312.0£10.2 |1.17+£0.16 |93.61+£0.9
T6 396.20+£1.2 |426.57+6 1.10£0.11 | 12755+ 1.5
NS As-cast |21942+1.2 |[28220+3.7 |148+0.12 |82.82+0.7
(0.05% Sn) T5 246.57+23 |287.60+43 ]0.85+0.04 |9234+1.2
T6 395.02+£86 |40042+7.7 [0.80+0.01 |126.1+24
NSS As-cast |218.21+55 |280.63+5.5 1.50+£0.05 |81.3+1.1
(0.15% Sn) T5 24516 £2.0 |284.49+142 |0.80£0.06 |91.34+0.9
T6 386.0+0.02 |386.0+0.02 |0.67+£0.01 |124.65+1.0
Table 6.11  Effect of Sn additions and heat treatment conditions on the tensile properties
of A356.2 alloy
Alloy Code | Condition YS UTS Elongation Hardness
(MPa) (MPa) (%) (BHN)
K As-cast | 184.10+2.1 |288.5+3.4 544 +£0.67 |63.45+0.01
(0% Sn) T5 24939+ 7.1 [30025+7.4 |1.85+0.43 | 76.62+0.65
T6 31837+6.4 |357.48+5.1 1.48+0.32 |107.41+0.01
KS As-cast | 182.1+2.6 287.0+3.9 5.89+0.15 |62.43+0.01
(0.05% Sn) T5 238.51+7.2 |296.53+£9.4 |2.59+0.21 |7528+1.43
T6 313.5+3.53 |351.46+3.26 | 2.46+0.14 |103.87+0.99
KSS As-cast | 181.84+5.6 |285.71+9.25 |6.37+0.53 |60.94+0.91
(0.15% Sn) T5 23526+4.4 |290.17+2.46 |2.49+£0.32 | 74.76 £0.68
T6 302.1+5.7 344.1+6.9 1.78 £ 0.01 | 100.18 +£0.01
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Figure 6.44 Hardness as a function of Sn content and heat treatment conditions for
A356.2 alloy.

6.3.4.2 Tensile Properties
Alloy B319.2

The ultimate tensile strength (UTS), yield strength (YS, at 0.2% offset strain), and
percentage elongation (%El) were determined for as-cast and T5- and T6-tempered tensile
bars. The effect of Sn on the tensile properties of B319.2 alloy is shown in Figure 6.45,
while Table 6.10 lists the average tensile properties and standard deviations for each level
of Sn addition. It is clear that the strength properties decrease with increasing Sn content
and are lower in all the conditions examined compared to the Sn-free alloy. This decreasing
trend was similar for each of the levels of Sn investigated. In the case of as-cast alloys, the
UTS and YS were reduced by 9%, and 2%, respectively, with an increase in Sn content

from 0 to 0.15 wt%. Lower strength properties of the alloys containing Sn resulted firstly



270

from the distribution of fine, soft B-Sn mainly at the grain boundaries, and secondly from
fine particles of other intermetallic compounds such as Mg,Sn; likewise, due to the same
reason, the elongation increased by 7%. In the T5-aged condition, a small decrease in YS
was observed with the addition of 0.05% Sn (NS alloy), with no further decrease at a 0.15%
Sn addition. The UTS, however, decreased much more noticeably, from 312 MPa for the N
alloy to 288 MPa in the NS alloy (0.05% Sn), and to 285 MPa in the NSS alloy (0.15% Sn).
The results also show that elongation decreased with increasing tin content. Similar results
were obtained for the T6 condition. The reduced strength and ductility of the Sn-containing

alloys may be attributed to the increase in percentage porosity compared to the Sn-free

alloy.

Alloy A356.2

The effects of tin content on the tensile properties of A356.2 alloy are plotted in
Figure 6.46, while Table 6.11 lists the average tensile properties and standard deviations
obtained at each level of Sn content. In the as-cast condition, the UTS and YS values
appear to remain more or less stable with an increase in Sn content, decreasing slightly
from 288 MPa and 184 MPa in the K alloy to 286 MPa and 182 MPa in the KSS alloy,
respectively. This decrease may be attributed to the formation of the Mg,Sn phase
embedded with nano-sized particles of Mg,Sn-Sn eutectic. For the same reason, the
elongation increases dramatically, i.e. by 17%.

After aging, the UTS and YS decrease slightly with increasing Sn content. Table

6.11 lists the variations in these properties in the TS5 and T6 conditions for the low and high
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Sn-containing alloys. The results also show that the elongation to failure increased by 34%
and 20% in the TS5 and T6 heat-treated conditions, respectively, with an increase in Sn-
content from 0% to 0.15% Sn. Elongation increases because of the precipitation of Mg,Sn
which decreases the amount of free Mg available for hardening during the aging process.
Although it is expected that the elongation will increase further with a higher Sn-content,
this may not necessarily be the case, since the formation of porosity would increase due to
melting of the Mg,Sn-Sn eutectic.

The presence of these pores, which act as stress concentration sites, causes a
decrease in ductility of the 0.15% Sn-containing alloy, whereby the negative effect of

porosity overrides the positive effect of the Sn-bearing precipitates.
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Figure 6.46 Variation in (a) YS, (b) UTS, and (c) %El as a function of Sn-content and
heat treatment conditions for A356.2 alloy.

6.3.4.3 Impact Properties

Although tensile testing is the most commonly used method to quantify the
mechanical properties of aluminum alloys, the impact strength is of importance when
evaluating certain applications and may provide a useful estimation of the ductility of an
alloy under conditions of rapid loading. A survey of the available literature clearly indicates
that information available on the effect of Sn addition on the fracture toughness of Al-Si-
Cu (Mg) and Al-Si-Mg alloys is not only meagre but also inconclusive. Also, the impact
values depend strongly on the testing technique used, and particularly on the size and shape
of the specirnens.42 A crack is generally considered to be initiated at maximum load, Ly,

and therefore the area under the load-time curve before the maximum load will be the
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energy for crack initiation, E; and the remaining area of the curve will be the energy for
crack propagation, E;. As the total absorbed energy, E;, is normally taken to represent the
impact energy, this parameter will be used mainly to discuss the impact properties in
relation to the addition of tin, as was done for the tensile properties. Since, the impact
toughness is composed of these two values (i.e. E;= E; + E;), thus E; and E, can also be
considered as toughness parameters. When the curve changes from triangular to sinusoidal
form, both E; and E, increase. This has also been observed with alloys containing high

amounts of Sn.

Alloy B319.2

Some typical load-time curves for B319.2 alloy with different levels of tin in the as-
cast condition are shown in Figure 6.47. At minimal Sn levels of ~0%, the shape of the
load-time curve is sinusoidal; as the Sn content increases to 0.15%, the area under the load-
time curve increases while the shape of the curve remains sinusoidal. These observations
indicate that the alloy exhibits ductile behavior as the Sn content increases. The area under
the load-time curve represents the total energy absorbed E; (J) during fracture or the impact
toughness.

The variation of the impact toughness, E; in the B319.2 alloy as a function of Sn
content is shown in Figure 6.48, while the various average energies are tabulated in Table
6.12. In the as-cast condition, the impact toughness of the N alloy improved from 4.67 J to

5.3 J corresponding to an Sn addition of 0.15%. This represents an increase of about 13%.
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It is obvious that the improvement in the toughness is a consequence of the gradual

improvement in its parameters (i.e. E; and E,) with increasing amounts of Sn.
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Figure 6.47 Typical results from the instrumented impact test for B319.2 alloy with (a)
0% Sn, and (b) 0.15% Sn. Note the difference in scales in the two cases.
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In T5-aged conditions, a decrease in impact energy as a function of an increase in
tin content was observed in alloy B319.2, as may be seen in Figure 6.48. The decrease in
the total absorbed energy is more significant at the highest Sn level of ~0.15%, compared to
that observed at ~0% Sn. This observation may be explained by the presence of 3-Sn which
reduced the cohesion of crystal grains during aging and led to the accelerated rupture of
material during dynamic loading. The same result was observed in the T6 heat-treated
condition as a result of the formation of voids due to the melting of B-Sn during solution
heat treatment. An analysis of the plotted graphs shows that the impact energy displays a
linear relationship with the Sn-content at all conditions.

13

== As-cast
114 —-a=T5
e ]
—
=9
S
> 9+
(=2}
T
(<]
[ —
(<]
o 7
©
&
= T . -t
3 L : !
[t - =
%
3 L ’ N
1

-0.01 0.01 0.03 0.05 0.07 0.09 0.11 0.13 0.15

Sn (wt%)

Figure 6.48 Total impact energy as a function of Sn-content and heat treatment
conditions for B319.2 alloy.
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Table 6.12  Average impact properties of B319.2 alloy with different Sn levels

Alloy code | Condition Et Er Ep Max. Load
€)) €)) (€)) ™)

N As-Cast 467072 [1250+0.54 |2.17+0.31 |5115+544

(0.0% Sn) T5 4.1+0.02 3.03+0.23 | 1.07+£0.20 |4198+732

T6 3.63+0.59 |2.82 +£0.30 | 0.81+£0.29 | 3788 +612

NS As-Cast 498+0.35 |2.74+£0.20 |2.24+0.32 |5773+£861

(0.05% Sn) T5 3.7+ 0.46 2.77+0.10 | 0.92+0.39 | 3838+ 747

T6 3.4+0.02 2.67+0.19 [0.73+£0.19 |3595=+713

NSS As-Cast 526+047 |2.9+0.46 236+ 0.25 | 6432+ 707

(0.15% Sn) T5 2.78+0.38 |[2.1+0.35 0.68 +0.27 |3312+414

T6 274+024 |218=0.11 |0.56+0.12 |3210+312

Alloy A356.2

Figure 6.49 provides examples of results recorded for impact bars of the as-cast
A356.2 alloy containing different levels of Sn. The variation of the load with time and the
variation of energy absorbed are represented by the upper and lower curves, respectively.
The effects of Sn content can be easily observed upon comparing Figures 6.49(a) and
6.49(b). The first part of the curve, in which the load varies linearly with time, corresponds
to the elastic deformation, up to the yield load, and this zone is not affected by any increase
in tin content. After yielding, plastic or permanent deformation occurs; the damage is
generally distributed over a relatively large volume of material so that a decrease in the
load is not observed. This zone is wider for the alloy containing 0.15% Sn, implying that
more time is required before a crack is initiated and begins to propagate. Finally, there is a
sharp decrease in load after the maximum value has been recorded. This decrease is
associated with the type of catastrophic cracking which leads to failure. As can be seen in

Figure 6.49(b), there is a gradual decrease in load after the maximum load occurs in the Sn-
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containing 0.15% alloy. Localized cracking propagates at a slower rate, leading to a gradual

occurrence of failure.
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Figure 6.49 Typical results from the instrumented impact test for A356.2 alloy with (a)
0% Sn, and (b) 0.15% Sn.
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Table 6.13 provides the average values and their standard deviations for the
different parameters which have been determined from the instrumented impact tests for
A356.2 alloys as a function of Sn-content. In the as-cast condition, the Sn addition has a
greater effect on impact energy, increasing from 9.3 J for the K alloy containing 0% Sn to
10.8 J for the KSS alloy containing 0.15% Sn, as shown in Figure 6.50. This represents an
increase of about 16% in the toughness of the alloy. The improvement in the toughness
parameters and, consequently, in the toughness due to the addition of tin reflects the
sensitivity of the behavior of the alloy to the microstructural variations on the one hand,
and also emphasizes the importance of the fine and soft Sn-bearing phases in upgrading the
toughness values, on the other. The reduction in toughness observed in the heat-treated
alloys containing tin was the consequence of the prevailing influence of the melting of the
Mg,Sn-Sn eutectic phase on the rupture of the material over the softening effect of the Sn-

bearing phases, in addition to the formation of voids as a result of said melting.

Table 6.13 Average impact properties of A356.2 alloy with different Sn levels
Alloy code | Condition Er E; Ep Max. Load
0)) ¢)) ) ™
K As-Cast 9.30+0.49 |6.10+£0.13 |3.00+0.86 | 8028 565
(0.0% Sn) T5 5.72+0.4 416+024 |156+0.16 |6011+541
T6 5.1+0.49 3.79+0.28 |1.29+0.21 | 5843 +420
XS As-Cast 9.82+0.13 |6.63+£091 |3.19+ 0.48 | 8360+ 927
(0.05% Sn) T5 6.49+0.34 |4.59+0.29 |1.89+0.05 |5959+ 981
T6 6.25+0.11 |448+0.19 |1.76+0.16 | 5186+ 507
KSS As-Cast 10.8+0.22 | 7.37+0.79 |3.44+0.24 | 8899 + 491
(0.15% Sn) T5 6.33+0.11 |451+0.1 1.82+0.12 | 5574 £ 365
T6 562+0.14 |4.11+£0.74 |1.56+04 5252+ 256
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CHAPTER 7

CONCLUSIONS AND RECOMMENDATIONS

The main objective of this thesis has been to investigate the effects of adding
alloying and trace elements together with heat treatment parameters on the microstructural
characteristics and mechanical properties of an experimental Al-10.8%Si near-eutectic
alloy. Microstructural assessment was carried out by quantitative metallography using
optical microscopy and EPMA techniques, while mechanical testing included tensile testing
and hardness measurement as well as impact tests. Section 7.1 of this chapter will present a
summary of the research findings obtained from this study, following which, a number of

suggestions and recommendations for further research have been provided.

7.1  CONCLUSIONS

From the analysis and discussion of the results presented in Chapters 4, 5, and 6 of

this thesis, the following conclusions may be drawn:

Addition of Alloying Elements

1- Image analysis, optical microscopy, and EPMA make it possible to quantify any
microstructural changes occurring in the experimental Al-10.8%Si alloy.
Modification increases the eutectic Si particle count per unit area in the as-cast
condition, indicating a refinement of the microstructure. Both the size and the shape

parameters of eutectic silicon are also affected.



2-

284

The addition of Sr leads to the segregation of the copper phase in areas away from
the modified eutectic Si; it also alters the precipitation of the a-Al;2(Fe,Mn);Si,
phase from a post-dendritic reaction in the unmodified alloy to a pre-dendritic one
in the modified alloy. This observation is consistent with the published data.

An increase in the level of Mg and Cu supplied to the Sr-containing alloys results in
an increase in the Si-particle size (area, length, and aspect ratio) and reduces the
roundness ratio and particle density, thereby, in effect, diminishing the modifying
influence of Sr. The addition of Fe and/or Mn, however, has no significant effect on
the Si-particle characteristics.

As the Fe content increases, more intermetallic compounds form at each level of
Mn, and the volume percent of Fe-intermetallics increases. The stoichiometry of
polyhedral (sludge) and Chinese-script (o-Fe) intermetallics corresponds to
Alyy(Fe,Mn);Si,, while needle-like or platelet compounds (8-Fe) have the
stoichiometry Als(Fe,Mn)Si.

The percentage surface porosity increases significantly with Sr addition. This
observation is consistent with the published data. The effects of Cu, Mg, and Mn are
less clear. It appears that they have no measurable effect on porosity at the levels
used in this study. They may, however, have an effect at higher concentrations.
Amongst the properties measured, UTS seems to be the most affected by porosity,

followed by yield strength and percent elongation.
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6- It is expected that the presence of the hard sludge particles within the soft a-Al
dendrites would lead to a uniform distribution of stresses throughout the alloy
matrix, thereby improving alloy properties.

7- The Al,Cu phase particles are more or less completely dissolved in the Al matrix
after solution heat treatment in all the alloys studied.

8- The AlsCu;MgsSis, a-Fe, and sludge intermetallics are insoluble, whereas the plate-
like B-Fe phase dissolves partially during solution heat treatment at 495°C/8h.

9- The precipitation of the B-Fe phase in the RF4 alloy (~1 wt% Fe and 0.5 wt% Mn)

provides nucleation sites for the precipitation of the Al,Cu phase which, in turn,
reduces the severity of its segregation. In this case, the formation of blocky Al,Cu
as small particles may be a contributing factor to the dissolution of Al,Cu during the
solution heat treatment.

10- The combined Sr-and-Ti melt treatment improves the mechanical properties of
alloys considerably, whether in the as-cast condition or after T6 heat treatment. A
combined melt treatment is thus a necessary requirement for the Al-10.8%Si near-
eutectic alloy.

11-The refinement of eutectic silicon is mainly responsible for an improvement in
hardness, although refinement of the a-Al dendrites also has the effect of improving
hardness.

12- The higher toughness and ductility of modified alloys may be attributed to the fine

fibrous morphology of the Si particles obtained through modification accompanied
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by the stress-strain state in the matrix material which is associated with the
refinement of eutectic Si.

13- At 0.5% Mn, the B-Fe phase forms when the Fe content is above a critical
concentration (0.75%), causing a severe decline in the mechanical properties. Due
to the formation of sludge, the same result is obtained when the levels of both Fe
and Mn are increased beyond 0.75%.

14- For the Al-10.8%Si alloy, with the addition of different alloying elements, peak
hardness is observed at 180°C/5h aging condition. The peak-aged hardness and the
tensile strength increases with increasing Cu content in this alloy.

15- The impact properties of the Al-10.8%Si alloy are influenced by its microstructure
which depends strongly on alloy composition. The morphology of fibrous Si in Sr-
modified alloys enhances toughness because of its profound effect on crack
initiation and crack propagation resistance. In alloys containing high levels of iron,
such as the RF2 and RF4 alloys, the addition of iron leads to an increased
precipitation of sludge or B-Fe platelets, respectively; they also act as crack
initiation sites and reduce the impact properties noticeably. In alloys already
containing high levels of copper, such as the RC2 and RCS5 alloys, increasing the
copper level lowers the impact properties significantly, in view of the fact that the

fracture behaviour is now predominantly influenced by the Al,Cu phase rather than

by the Si particles.
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16-The average crack speed of impact-tested samples shows a good inverse
relationship with impact energy. Crack speed can thus provide a qualitative
estimation of the impact energy expected for special alloy conditions.

17- Impact testing is more sensitive to variations in microstructure than tensile testing.
The combined impact energy—percent elongation plots display linear relationships
in all the alloys, for as-cast and heat-treated conditions, regardless of alloy
composition.

Addition of Trace Elements

18- The addition of lead individually has no significant effect on the microstructure and
mechanical properties of the modified grain-refined Al-10.8%Si alloy in as-cast and
heat-treated conditions.

19-The addition of 0.5% bismuth to the modified grain-refined Al-10.8%Si alloy
counteracts the modifying effect of Sr, leading to a noticeable coarsening of the
eutectic Si particles.

20-Tin precipitates as particles of B-Sn within the Al,Cu network when added
individually to the modified grain-refined Al-10.8%Si alloy. When added in
combination with indium, it precipitates mainly in the form of irregular In;Sn phase
particles. Tin, when added individually, causes a decrease in the UTS and hardness
of the alloy in the as-cast and artificially-aged conditions. The addition of Sn causes
an increase in elongation, however, only in the as-cast condition.

21-No marked difference in the yield strength of the as-cast samples is to be observed

as a result of adding Pb, Bi, and Sn, whether individually or in combination.
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22-In the case of the modified grain-refined Al-10.8%Si alloy with the addition of Pb,
Bi, and Sn, whether individually or in combination, peak hardness is observed at the
180°C/5 h aging condition.

23- The combined addition of Pb and Bi to the modified grain-refined Al-10.8%Si alloy
provides better mechanical properties in the as-cast and aged conditions than is
provided by a combined addition of Bi and Sn.

24- The mechanical properties regarding the T6-condition display similar trends for all
the alloys studied.

25- As regards the B319.2 alloy, Sn precipitates in the form of B-Sn particles within the
Al,Cu network and in the form of tiny (300-500 nm) Mg,Sn particles on the
eutectic Si particles. In the A356.2 alloy, however, Sn precipitates mainly as
Mg,Sn in the form of Chinese script-like particles.

26-In the as-cast B319.2 and A365.2 alloys, increasing the Sn content from 0 to 0.15%
lowers the YS, UTS, and hardness by 3.5% and 4%, and raises the ductility by 7%
and 17%, respectively.

27- With the addition of Sn to the A356.2 alloy, a large proportion of the Si in the
Mg,Si phase is replaced by Sn, which thus changes its composition to Mg;Sip,Sng g.

28- The mechanical properties of heat-treated B319.2 and A356.2 alloys decrease with
increasing Sn content.

29- The Al-7% Si-0.35% Mg alloy containing 0.05 wt% Sn displays optimum
mechanical properties compared to the alloys containing higher or lower levels of

tin
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Application of Statistical Design

Valuable information was obtained on the interrelationships of four independent
variables by using an experimental design with only eight experiments and the resulting
polynomial equations. These four variables involved the elemental content in Cu, Mg, Fe,
and Mn of an experimental T6-treated Al-10.8%Si alloy which was examined from the
point of view of its mechanical properties. From the results of this study, the following
conclusions may be drawn.

30- Copper is the most effective strengthener under T6 conditions (180°C) for the
Al-10.8% Si alloy studied. Magnesium and manganese also contribute to strength
properties in the range studied, although the effect is relatively less intense. Iron, on
the other hand, has a deleterious effect on the strength properties of the alloy.

31- Statistical analysis shows that the variation in Cu content has a more pronounced
effect on the mechanical properties than does the variation in other alloying
elements.

32-The different interactions provide a range of insights into the mechanism of
strengthening.

33- Percent elongation and toughness of the alloys are affected by all four elements, of
which Cu has the greatest effect and Mg the least.

34- Three-dimensional response surfaces were constructed using the respective
regression models for different mechanical properties to help distinguish between

the variations in response and the variations in alloy composition. Superimposition
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of these response surfaces reveals the region of alloying element additions for
obtaining an optimum combination of properties.

35-The validity of the equations was confirmed and they were found to be accurate
over the range of variables considered, in other words, the predicted values of the

mechanical properties compared well with the experimentally obtained values.

7.2  SUGGESTIONS FOR FUTURE WORK

The results of this investigation show how the microstructure and mechanical
properties of a cast Al-10.8%Si near-eutectic alloy can be significantly affected by the
addition of alloying and trace elements. Before these results can be adapted to foundry
practice and commercial exploitation, however, several areas are to be recommended for
further research, as follows.

1- Mechanical properties could be extended to include a study of the fatigue properties
of these alloys, thus providing useful information in regard to the use of this alloy
for critical applications. Such studies could also be further extended to include
machinability characteristics.

2- The impact properties could be extended to include a study of the fracture surfaces
in order to examine the fracture features and to relate them to the causes and basic
mechanisms of fracture.

3- The impact strength study should be extended to include an experimental Al-

10.8%Si alloy for investigation with regard to trace elements. It is believed that the
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larger microstructural changes occurring with such structures would be reflected

conspicuously in the total impact energy, crack initiation, and ductility index.
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