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R&umeée

Au cours des derniees deeennies, la consommation et la demande dalliages
d'aluminium ont augmentérapidement en raison de leur l&e&eté de leur rapport devée
de ré&istance/poids et de leur facilit€éde recyclage. Les alliages daluminium 6xxx
(Al-Mg-Si) sont tres largement utilisés dans les secteurs de la construction, de
l'automobile et de I'a&ospatiale en raison de leurs proprié&é meeaniques attrayantes
soit ala tempé&ature ambiante, soit ades tempé&atures éevées (250-300 <C). La
production des alliages d'aluminium corroyé& 6xxx se dé&oule en plusieurs éapes,
consistant principalement acouler des billettes/lingots par refroidissement direct (DC),
puis a effectuer un traitement thermique d’homogénéisation, puis a subir des
processus de déformation achaud, tels que I'extrusion, le laminage ou le forgeage
suivi d'un recuit. Pour les alliages 6xxx, le manganese (Mn) est un éément d'alliage
important pour modifier la microstructure et augmenter la résistance ainsi que pour
controler la structure du grain. Lorsqu’il était présenté sous forme de matrice
d'aluminium, de composé& interméalliques ou de dispersodes, I'addition de Mn avait
une influence significative sur I'éolution des microstructures, le comportement ala
déformation achaud et les proprié&é meé&aniques.

Dans la présente éude, les effets de I'nomogénésation et du micro-alliage avec
Mn sur I'é&olution de la microstructure et la maniabilitéachaud de 'AA6060 ont &&
systématiquement examinés; Les effets du Mn et de ses dispersodes contenant du Mn
sur le comportement ala déformation achaud et la résistance ala recristallisation lors

du recuit de l'alliage daluminium 6082 ont &jalement &é& éudié. Des travaux



exp&imentaux ont &e effectués al'aide de la microscopie optique, du MEB, de
I'EBSD @&ectronique, du MET, de la mesure de la conductivitédectrique et des tests
de compression achaud. Les résultats obtenus ont é&édivisés en quatre parties.

Dans la premiée partie, l'effet du traitement d’homogénésation et du
micro-alliage de Mn sur I'é@olution de la microstructure et la maniabilitéachaud des
alliages d'aluminium AA6060 a éeéudié Diffé&ents traitements d'homogénésation
ont ééralisé&s avec des tempé&atures allant de 520 a 610 <T et des durées de
trempage de 2 &l16 h. L'éolution de la microstructure et I'ouvrabilitéachaud ont &é&
&aluees par des tests de microscopie optique, SEM, de conductivitédectrique et de
compression a chaud. Les résultats ont révélé que la B-AlFeSi é&ait la phase
dominante de la microstructure ala coulé des alliages exp&imentaux. Au cours de
I'hnomogeénésation, des composé interméalliques se sont fragmentés et le B-AlFeSi
en forme de plaque s'est transformé en a-AlFeSi en forme de tige. Le comportement &
la contrainte d'&oulement des alliages AA6060 homogénasés a &ée principalement
déerminé par le niveau de la solution solide. L'augmentation des tempéatures
d’homogénéisation a entrainé une contrainte d'écoulement plus élevée en raison de
l'augmentation du nombre d'atomes de solutédans la matrice en aluminium, mais a
&alement favoris€ la fragmentation et la transformation des composé&s
interméalliques. La croissance des grains s'est produite dans les alliages afaible
teneur en Mn (<0,03 Mn) au cours de I'homogénésation ahaute tempé&ature (580 a
610 <C), ce qui a entrameédes baisses soudaines des contraintes d'é&oulement et une

forme irréuliée de I'&hantillon aprés la déformation. Le micro-alliage de Mn (>



0,06%) peut empé&her efficacement la croissance des grains ade telles tempé&atures.
Pour l'alliage avec micro-alliage de Mn (0,1%), une homogénésation a550-580 C
pendant 6 h pourrait constituer les conditions optimales pour &juilibrer la contrainte
d’écoulement et la microstructure souhaitable.

Dans la deuxi@ne partie, trois vitesses de refroidissement post-homogén&sation
et trois tempé&atures d’homogén@sation ont &ée appliquées aux alliages AA6060
coules & froid. L'é&olution de la microstructure dans diffé&entes conditions
d’homogénésation et le comportement des contraintes d'é&oulement lors de la
déformation a chaud ont &é& systénatiquement éudiés. Lors du refroidissement
post-homogénésation, du Mg,Si a pr&ipitédans la matrice d'aluminium, ce qui a eu
une influence importante sur le niveau de la solution solide et la contrainte
d'é&oulement & haute tempé&ature. Les ré&ultats ont révéé que la diminution des
vitesses de refroidissement ré&luisait considéablement la contrainte d’écoulement dQ
ala pre&ipitation de Mg,Si et de la réduction du niveau de solution solide. Le
micro-alliage avec 0,1% en poids de Mn a généré une distribution de dispersoides d’
a-Al(FeMn)Si au cours de 1’homogénéisation, la densit€en taille et en nombre
diminuent et le Mn en solution solide augmentent & des tempéatures
d’homogénéisation plus ¢élevées. Les études TEM ont confirmé que les dispersoides
a-Al(FeMn)Si agissaient comme des sites de nuclétion favorables de Mg,Si et
favorisaient donc grandement la pré&ipitation de Mg,Si lors du refroidissement
ultérieur. En conséquence, la contrainte d’écoulement a haute température était

contrdé par les niveaux résiduels de Mg, Si et Mn dans la solution solide réultant



des interactions entre la formation de dispersode et la pr&ipitation de Mg,Si. La
combinaison de I'addition de Mn, d'une faible vitesse de refroidissement et d'une
basse tempé&ature d’homogénésation a permis d'obtenir la contrainte d'é&oulement la
plus faible et une densitéen nombre éevé de Mg,Si fin. Cette combinaison amé&iore
la maniabilité achaud et devrait favoriser la dissolution rapide de Mg,Si lors de
I'extrusion.

Dans la troisiame partie, le comportement ala déformation achaud des alliages
d'aluminium 6082 contenant diffé&entes teneurs en Mn (0,05 &1,0% en poids) a &é&
syst@matiqguement &udi€é a l'aide des essais de compression uniaxiale a des
tempé&atures comprises entre 400 et 550 T et un taux de contrainte de 0,001 &l. s-1.
Avant la déformation achaud, les billettes coulées par refroidissement direct ont &é
traités atravers une homogénésation abasse temp&ature a450 <C pendant 6 h pour
favoriser la pr&ipitation des disperso'des contenant du Mn. Les réultats ré/élent que
la pré&ence d'une grande quantitéde dispersodes dans les alliages contenant du Mn a
entrameé une augmentation significative des contraintes d'é&oulement & haute
tempé&ature par rapport al'alliage de base dépourvu de dispersodes. Les constantes
des maté&iaux et I'énergie d'activation pour la déormation a chaud ont &é
déermin&s alaide de I'&@uation constitutive hyperbolique-sinus et des donné&s
exp&imentales sur les contraintes de débit maximales. L'éergie d'activation est
passé de 191 kJ/mol pour l'alliage de base a286 kJ/mol pour l'alliage &0,5% Mn.
Avec l'augmentation continue de la teneur en Mn, I'éergie d'activation n'a augmenté

que modé&ément jusqu'a315 kJ/mol pour l'alliage &1,0% de Mn. Les influences des



niveaux de Mn et des conditions de déormation sur la restauration dynamique et la
recristallisation ont &éanalysées quantitativement. La preipitation de dispersodes
dans les alliages contenant du Mn a favorisé€le retard de la réeup&ation dynamique et
I'inhibition de la recristallisation en raison de leur fort effet de blocage sur le
mouvement de dislocation et la migration du sous-grain.

Dans la quatriéme partie, l'effet de diffé&entes teneurs en Mn (0,05 a1% en poids)
et de ses dispersoes sur la résistance & la recristallisation de 6082 alliages
d’aluminium lors du recuit post-déformation a &€& é&udié Un traitement
d’homogéésation abasse tempé&ature (450 <C/6h) a é&ér&lisé pour favoriser la
pr&ipitation de grandes quantités de dispersodes. Les é&hantillons ont &&comprimés
achaud, puis recuits 2500 <T pendant 8 heures. Les éolutions microstructurales dans
des conditions homogénéseées et déformees et apres le recuit post-déormation ont &é&
éudiés al'aide de microscopes optiques, abalayage et éectroniques atransmission
et de la technique de diffraction arérodiffusion d'é@ectrons. Les ré&ultats ont ré&véé
que la présence d'une grande quantité de dispersoides d'a-Al(Mn, Fe)Si dans des
alliages contenant du Mn am@iorait de maniée significative la réistance a la
recristallisation. Dans I’alliage de base dépourvu de Mn et de dispersodes, une
recristallisation statique partielle s'est produite apres 2 h et la croissance anormale des
grains est apparue apres un recuit de 4 h, alors que dans les alliages 6082 contenant du
Mn, méne apres un recuit de 8 h &500 <C, la structure restauré des grains éait bien
retenue. L'alliage &0,5% de Mn pré&entait la meilleure résistance ala recristallisation,

tandis que I'augmentation supplémentaire du taux de Mn &0,75% et 1% entramait une
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r&luction progressive de la résistance ala recristallisation malgré la densité plus
deve en nombre de dispersodes. La raison en éait que la recristallisation ne se
produisait que dans les zones déourvues de particules (PFZ) et que la fraction de ces
zones (PFZ) accrue avec la teneur en Mn, ce qui entramait une augmentation de la
fraction de recristallisation. La variation de la densitéen nombre de disperso'des et
leurs grossissements lors du recuit ont une influence limité sur la recristallisation

statique dans les alliages contenant du Mn.
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Abstract

Over the last decades, the consumption and demand for aluminum alloys have
rapidly grown owing to their light weight, high strength-to-weight ratio, and easy
recyclability. 6xxx (Al-Mg-Si) aluminum alloys are very widely used in construction,
automotive and aerospace industries due their due to their attractive mechanical
properties at both room and elevated temperatures (250-300 <C). The production of
6xxx wrought aluminum alloys involves many steps, mainly starting with direct chill
(DC) casting of billets/ingots, processing with a homogenization heat treatment then
subjected to hot deformation processes, such as extrusion, rolling or forging followed
by an annealing. For 6xxx alloys, Manganese (Mn) is an important alloying element
to modify the microstructure and increase the strength as well as control the grain
structure. When presented in Al matrix, intermetallics or dispersoids, Mn addition
gave significant influences on the evolution of microstructures, hot deformation
behavior and mechanical properties.

In the present study, the effects of the homogenization and micro-alloying with
Mn on the evolution of the microstructure and hot workability of AA6060 were
investigated systematically; Effects of Mn and its related Mn-containing dispersoids
on the hot deformation behavior and recrystallization resistance during annealing of
6082 aluminum alloy were also studied. Experimental work were carried out using
optical microscopy, SEM, electron EBSD, TEM, electrical conductivity
measurements and hot compression tests. The results obtained were divided into

following four parts.
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In the first part, the effect of the homogenization treatment and micro-alloying of
Mn on the evolution of microstructure and hot workability of AA6060 aluminum
alloys were investigated. Various homogenization treatments with temperatures
ranging from 520 to 610 <T and soaking times from 2 to 16 h were conducted.
Microstructure evolution and hot workability were evaluated by optical microscopy,
SEM, electrical conductivity and hot compression tests. The results revealed that
B-AlFeSi was the dominant phase in the as-cast microstructure of experimental alloys.
During homogenization, fragmentation of intermetallics occurred and the plate-like
B-AlFeSi transformed to rod-like o-AlFeSi. The flow stress behavior of the
homogenized AA6060 alloys was mainly determined by the solid solution level.
Increasing homogenization temperatures resulted in higher flow stress due to the
increase of solute atoms in aluminum matrix but also promoted the fragmentation and
transformation of the intermetallics. Grain growth occurred in the low Mn containing
alloys (<0.03Mn) during high temperature homogenization (580-610 <C), which
resulted in sudden drops of flow stresses and irregular sample shape after deformation.
The micro-alloying of Mn (>0.06%) can effectively prevent grain growth at such
temperatures. For the alloy with micro-alloying of Mn (0.1%), homogenization at
550-580 <C for 6 h could be the optimum conditions to balance the flow stress and the
desirable microstructure.

In the second part, three post homogenization cooling rates and three
homogenization temperatures were applied to direct chill cast AA6060 alloys. The

microstructure evolution for different homogenization conditions and the flow stress



behavior during hot deformation were systematically studied. During post
homogenization cooling, Mg,Si precipitated in the aluminum matrix, which had an
important influence on the solid solution level and the high temperature flow stress.
Results revealed that decreasing cooling rates reduced the flow stress significantly
due to the precipitation of Mg,Si and the reduction of the solid solution level.
Micro-alloying with 0.1wt% Mn generated a distribution of a-Al(FeMn)Si dispersoids
during homogenization with the size and number density decreasing and the Mn in
solid solution increasing at higher homogenization temperatures. TEM studies
confirmed that a-Al(FeMn)Si dispersoids acted as favorable nucleation sites of Mg,Si
and thus greatly promoted the precipitation of Mg,Si during subsequent cooling. As a
result the high temperature flow stress was controlled by the residual solid solution
levels of Mg, Si and Mn resulting from the interactions between dispersoid formation
and Mg,Si precipitation. The combination of the Mn addition, a low cooling rate and
a low homogenization temperature provided the lowest flow stress and a high number
density of fine Mg,Si. This combination improved the hot workability and should
promote ready dissolution of Mg,Si during extrusion.

In the third part, the hot deformation behavior of 6082 aluminum alloys
containing different Mn contents (0.05-1.0 wt%) was systematically investigated
using the uniaxial compression tests at the temperature range of 400-550 <C and strain
rate range of 0.001-1 s™. Prior to hot deformation, direct chill cast billets were treated
at a low temperature homogenization at 450 <C for 6 h to promote the precipitation of

Mn-containing dispersoids. The results reveal that the presence of a large amount of



dispersoids in the Mn-containing alloys resulted in a significant increase in high
temperature flow stresses compared to the base alloy free of dispersoids. The
materials constants and activation energy for hot deformation were determined using
the hyperbolic-sine constitutive equation and experimental peak flow stress data. The
activation energy increased from 191 kJ/mol for the base alloy to 286 kJ/mol for the
0.5% Mn alloy. With further increasing Mn content, the activation energy increased
only moderately to 315 kJ/mol for the 1.0% Mn alloy. The influences of Mn levels
and deformation conditions on the dynamic recovery and recrystallization were
quantitatively analyzed. The precipitation of dispersoids in the Mn-containing alloys
promoted the retardation of dynamic recovery and the inhibition of recrystallization
due to their strong pinning effect on dislocation movement and subgrain migration.

In the fourth part, the effect of different Mn contents (0.05-1 wt%) and its
related dispersoids on recrystallization resistance of 6082 aluminum alloys during
post-deformation annealing was investigated. A low temperature homogenization
treatment (450 <C/6h) was conducted to promote the precipitation of large amount of
dispersoids. Samples were hot-compressed and then annealed at 500 <C up to 8 h. The
microstructural evolution at homogenized and as-deformed conditions and after
post-deformation annealing were studied using optical, scanning electron and
transmission electron microscopes and the electron backscattered diffraction
technique. The results revealed that the presence of a large amount of a-Al(Mn,Fe)Si
dispersoids in Mn-containing alloys significantly improved the recrystallization

resistance. In the base alloy free of Mn and dispersoids, after 2 h annealing the partial



Xl

static recrystallization occurred and the abnormal grain growth appeared after 4 h
annealing, whereas in Mn-containing 6082 alloys, even after 8 h at 500 °C annealing
the recovered grain structure was well retained. The alloy with 0.5% Mn exhibited the
best recrystallization resistance, while the further increase of Mn level to 0.75% and
1% resulted in a gradual reduction of recrystallization resistance despite of the higher
dispersoid number density. The reason was that the recrystallization occurred only in
the particle free zones (PFZs) and the increased PFZ fraction with Mn content led to
an increase in recrystallization fraction. The variation in dispersoid number density
and coarsening of dispersoids during annealing had limited influence on static

recrystallization in Mn-containing alloys.
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Chapter 1 Introduction

1.1 Background

The 6xxx (Al-Mg-Si) aluminum alloys are one of the most popular wrought
alloys with a wide range of applications in the aerospace, aircraft, automotive and
construction industries due to their high strength to weight ratio, excellent corrosion
resistance and low cost [1-3].

Among 6xxx alloys, 6060 aluminum alloys have comparable low contents of Mg
and Si and are featured as medium strength, excellent formability, good corrosion
resistance and anodizing properties. The advantage in the aspect of formability makes
6060 alloys ideal materials used for extrusion parts with complex cross sections.
Industrially, 6060 alloys are mostly produced by the direct chill (DC) casting in term
of extrusion billets, during which the non-equilibrium solidification induces
inhomogeneous microstructure such as micro-segregation and a network of brittle
Fe-bearing intermetallics, causing a low formability [4, 5]. In general, a
homogenization heat treatment is conducted before extrusion to eliminate such
negative effects.

Industrial homogenization consists of the following steps: heating, soaking and
cooling at the predetermined rates. During soaking stage of homogenization, the
microsegregation of alloying elements at dendrite boundaries can be diminished,
leading to a more uniform elements distribution in in the aluminum matrix [6]. On the

other hand, the interdendritic network of the plate-like B-AlFeSi intermetallics is



gradually replaced by the more rounded and discrete a-AlFeSi intermetallic particles
[7-9]. The precipitation of secondary particles (dispersoids) can also occur in Mn- or
Cr-containing alloys [3, 10]. The proper homogenization regime can significantly
increase the extrusion productivity and give a great benefit on the surface finish [11,
12].

At the cooling step, precipitation of Mg,Si usually occurs. Depending on the
cooling regime, the Mg,Si precipitation differs. A rapid cooling tends to trap the Mg
and Si in solid solution with little or no Mg,Si precipitation produced while a slow
cooling tends to produce coarse Mg,Si particles [13, 14]. Fine or no precipitation of
Mg,Si results in the increase in the flow stress since Mg and Si are trapped in the
solution, while coarse Mg,Si precipitation lead to the lower flow stress due to the
reduced Mg and Si solution level in the matrix [15]. Re-dissolution of these Mg,Si is
desired during the extrusion process for the purpose of fulfilling the demand of as
high as possible Mg and Si solution level for the subsequent T5 ageing. However, if
the Mg,Si particles were too coarsen to dissolve, this could result in the partially loss
of potential strengthening of subsequent T5 ageing. For these consideration, the
number of particles should be high to reduce the solid solution strengthening during
hot working [16], but the particles are not too large for enhanced dissolution during
extrusion [17].

6082 alloys have been receiving an increasing attention recently owing to their
superior room temperature mechanical properties and their potential in the

applicationsat elevated temperatures [18, 19]. The mechanical properties at elevated



temperatures of 6082 alloy were mainly based on the dispersoids-strengthening
mechanism. 6082 alloys have high level of dispersoids-forming elements of Mn and
Si, which are supersaturated in the as-cast state and follow the decomposition of the
supersaturated solid solution during heat treatment to precipitate the dispersoids [10,
20]. In a recent work of Li [19], it is found that a-Al(FeMn)Si dispersoids in 6082
alloys started to precipitate at 350 <C and reached the highest number density at
400-450 <C. While at temperature higher than 500 <C, the disperosoids coarsened and
the number density decreased sharply with time.

The production of aluminum wrought alloys involves many steps, mainly
starting with direct chill (DC) casting of billets/ingots, processing with a
homogenization heat treatment and followed by hot deformation processes, such as
extrusion, rolling or forging. During hot deformation, the high temperature flow stress
is one of the most significant factors for the design of hot deformation regime due to
its substantial impact on the required deformation load and the Kinetics of
metallurgical transformation [21]. It is known that the high temperature flow stress
was closely related to the alloy chemistry, homogenization heat treatment history and
microstructure [21-23]. In general, Al-Mg-Si 6082 alloys prior to hot deformation are
subjected a high temperature homogenization treatment (550-580 <C) [22], where the
dispersoids could precipitate during heating process. The size and number density of
dispersoids plays an important role on the high temperature flow stress, the
retardation of dynamic recovery and the inhibition of recrystallization. However, after

such high temperature homogenization treatment, Mn-containing dispersoids in 6082



alloys were coarsened and dissolved, leaving a limited amount of dispersoids in the
aluminum matrix [22, 24, 25]. To date, several studies have conducted to investigate
the effect of Zr and V and their related dispersoids on the flow stress behavior and the
inhibition of dynamic recrystallization [26-28]. However, a systematical investigation
of the effect of Mn and its related Mn-containing dispersoids on the hot deformation
behavior and deformed microstructure in Al-Mg-Si 6xxx alloys has not been found in
the literature.

To study the hot deformation of aluminum alloys, different types of constitutive
equations have been applied to analyze and predict the hot deformation behavior.
Among many equations and models, the hyperbolic-sine Arrhenius-type equation
proposed by Sellars and McTegart [29] is widely used for constitutive analysis over a
wide range of temperatures and strain rates. Using this constitutive equation, the
activation energy for hot deformation Q could be derived from a series of flow stress
data. The Q values were often used to compare the difficulty degree of plastic
deformation between different aluminum alloys [30-32]. Recent works discovered
that the Q was not a constant for an alloy but it might vary with deformation
conditions (mainly temperature and strain rate) [10, 33, 34]. The changes in hot
deformation flow stress and activation energy are closely related to the balance
between dynamic work hardening and dynamic softening under a specific hot
deformation condition [30]. Dynamic recovery (DRV) and dynamic recrystallization
(DRX) are the main softening mechanisms during deformation at high temperature

[35-37]. DRV associated with change of the density and distribution of line defects,



while DRX took place by means of progressive transformation of subgrains to the
newly formed grains as well as grain boundary migration [30, 31]. The effects of
Zr-containing dispersoids (AlsZr) and V-containing dispersoids (Al;1V) on DRV and
DRX in 7xxx alloys have been thorough studied [26, 30, 31]. It is reported that the
softening mechanism of 7050 alloys shifted from DRV to DRX with decreasing Z
(Zener—Hollomon parameter) [30, 38]. However, the influence of Mn-containing
dispersoids (a-Al(MnFe)Si) on deformed microstructure of 6xxx alloys due to DRV
and DRX is still far being clear.

After deformation, an annealing treatment is necessary to be performed so as to
get a stable property [39]. Static recovery (SRV) and static recrystallization (SRX) are
usually occurred during annealing. SRV associated with change of the density and
distribution of line defects while SRX involved nucleation of new grains and their
growth as well as grain boundary migration [30, 34]. The partially recrystallized
structures or coarse grains are undesirable due to their detrimental effect not only on
strength, toughness, and formability, but also on surface quality and corrosion
resistance [40]. Therefore, good recrystallization resistance is of paramount
importance for adequate performance. The use of dispersoids in Al alloys is a
well-established method of controlling grain growth and recrystallization during
annealing treatment. The size, number density, distribution and morphology of
dispersoids could have significant influence on the recrystallization resistance. Birol
[41] reported that the addition of Zr and Sc was an efficient and applicable approach

to improve recrystallization resistance via the formation of Al(Cr,Mn,Fe)Si and (Al,



Si)3Zr dispersoids. L.P. Troeger and E.A. Starke Jr. [42] reported that in an
Al-Mg-Si-Cu alloy a homogeneous distribution of micron-size precipitates was
necessary for developing a fine and uniform grain structure.

In the first two parts of present study, the effects of the homogenization and
micro-alloying with Mn on the evolution of the microstructure, Mg2Si and hot
workability of AA6060 alloys were investigated systematically. The as-cast and
homogenized microstructures were examined, and the true stress—strain response was
obtained by conducting hot-compression tests. The focus of this study is the relation
between the microstructure, solid solution levels, and hot workability in term of
homogenization and Mn addition.

In the third and fourth parts, research work was centered on the effects of Mn
and its related Mn-containing dispersoids on the hot deformation behavior and
recrystallization resistance of 6082 aluminum alloy. To accommodate the goal, in
contrary to the usual high temperature homogenization, a low temperature
homogenization at 450 <T for 6 h was applied to DC cast billets to promote the
maximum precipitation of Mn-containing dispersoids prior to hot deformation. The
influence of different Mn contents (0.05-1.0 wt%) on high temperature flow stresses
as a function of the deformation temperature and strain rate were studied. Using the
hyperbolic-sine constitutive equation, the materials constants and activation energy
for hot deformation were calculated based on the flow stress data. The deformed
microstructure was studied using the electron back-scattered diffraction (EBSD)

technique to study the the effect of dispersoids on DRV and DRX. The deformed



samples were subjected to a post-deformed annealing treatment. The influence of
different Mn contents (0.05-1.0 wt%) on recrystallization as a function of the
annealing time was studied. The microstructural evolution of the alloys during hot
deformation and annealing was investigated to understand the effect of dispersoids on

SRV and SRX.

1.2 Objectives

This research project is divided in four parts. The objectives of each part are
detailed as follows:
1) Effect of homogenization temperature, soaking time and micro-alloying of Mn on
the microstructure and hot workability of AA6060 aluminum alloys
a) Studying the effect of the homogenization parameter and micro-alloying of
Mn (0-0.1%wt.) on the evolution of microstructure;
b) Examined and the true stress—strain response and hot workability on solid
solution levels and hot workability;
2) Effect of post homogenization cooling rate and Mn contenton Mg2Si precipitation
and hot workability of AA6060 alloys
a) Quantifying the influences of the cooling rate of homogenization and
micro-alloying of Mn (0-0.1%wt.) on the Mg,Si precipitation;
b) Evaluating the ifluences of the homogenization temperature, cooling rate and
micro-alloying on high temperature flow stress;

3) Effect of Mn-containing dispersoids on the hot deformation behavior of 6082



alloys
a) Investigating hot deformation flow stress in different alloys;
b) Using the hyperbolic-sine constitutive equation, calculating the materials
constants and activation energy;
c) Studying the microstructural evolution of the alloys during hot deformation
to understand the effect of dispersoids on DRV and DRX.
4) Effect of Mn-containing dispersoids on the recrystallization resistance of 6082
alloys
a) Evaluating the effects of the Mn-containing dispersoids on the
recrystallization resistance during post-deformed annealing;
b) Investigating the mechanism of SRV and SRX during post-deformed

annealing.
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Chapter 2 Literature review

2.1 Review of Al-Mg-Si (6xxx) alloys

Over the last decades, the consumption and demand for aluminum alloys have
rapidly grown owing to their light weight, high strength-to-weight ratio, and easy
recyclability. AA6xxx series alloys are widely used in construction and transportation
industries due to their attractive combination of mechanical properties, processability
and corrosion resistance [1-3].

Mg and Si are the main alloying elements of 6xxx alloys. The contents of Mg
and Si range typically from 0.20 to 1.20 wt.% and from 0.20 to 1.25 wt.%,
respectively. The Mg and Si could form metastable Mg-Si precipitates which are the
source of precipitation hardening in these 6xxx alloys. 6xxx alloys are in general
obtained by undergoing T6 heat treatment to achieve adequate strength. Fig. 2.1
shows some typical 6xxx alloys with the different contents of Mg and Si as well as the
ranges of strength [4]. The contents of Mg and Si determine the potential strength
after the T6 heat treatment. Among the alloys, 6060 alloys have comparable low
contents of Mg and Si and thus possessing moderate mechanical properties, while
6082 alloys have higher levels of Mg and Si, and therefore exhibiting higher strength

levels.
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Fig. 2.1 Typical 6xxx alloys with the different contents of Mg and Si as well as the

ranges of strength

2.2 Homogenization of 6xxx alloys

The typical heat treatment for the production of 6xxx alloys are shown in Fig. 2.2.
Extrusion billets are mostly produced by the direct chill (DC) casting. After that, the
homogenization is conducted to eliminate casting negative effects. Subsequently the
billets are cooled down and transported to the extrusion press; the billets are then
re-heated to the desired temperature and extruded. During extrusion the billets are
pressed through a die with a shaped opening. After extrusion, the extrusion profile
may be press-quenched to room temperature. Finally, the extrusion profiles are

artificially age-hardened to improve the final extruded product properties.
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Fig. 2.2 The typical heat treatment for the production of 6xxx extrusion alloys

2.2.1 As-cast billet and benefits of homogenization

6xxx billets are mostly produced by the direct chill (DC) casting, during which
the non-equilibrium solidification induces inhomogeneous microstructure as the
following [5]:

1) Microsegregation of alloying elements, grain boundary segregation.

2) Low melting point eutectics and brittle intermetallic, such as B-AlFeSi.

3) Supersaturated solutions which lead increases of the deformation flow stress.

This inhomogeneous microstructure was undesirable for the extrusion, because it
lead the higher breakout pressures, lower throughput rates, worse surface finish (a
surface with streaking, pick-up or die-lines).

These negative effects can be partly or completely eliminated by the
homogenization heat treatment of the cast billets. The main benefits of this process
are the following [6]

1). Removal of microsegregation.
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2). Dissolution of primary Mg,Si in solid solution before extrusion in order to
ensure the age hardening potential.

3). Transformation of B-AlFeSi to a-Al(FeMn)Si constituent, and fragmentation
and round-off of intermetallics.

4). Formation of dispersoids for grain size control during extrusion.

2.2.2 The transformation of p to o intermetallic during homogenization

One of the important objectives on applying the homogenization treatment
before hot deformation is to modify the intermetallic phase type and morphology in
order to improve hot workabiltiy [7].

Table 2.1 shows the three most prevalent types of intermetallics in 6xxx alloys,
which are the monoclinic B-AlFeSi phase, the hexagonal an-AlFeSi and cubic
ac-Al(FeMn)Si [8-25]. The o, phase includes three types: an o phase containing Fe,
an a¢ phase containing Fe and Mn, and an o, phase containing Mn. The stoichiometry
of each phase is different and the properties of different phases are reported by

different authors.
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Table 2.1 The structural variance of the prevalent intermetallic phases in 6xxx alloys

Bravais Lattice
Notation stoichiometry lattice/ parameters/ References

Space group  Space group

a=6.12 A
Al4.5FeSi [14] b=6.12 A
B Monoclinic [8-12]
Al5FeSi [12] c=415A
B=91°

Hexagonal/ a=b=123A
an (@) Al8Fe2Si [8, 13,14]
P63 c=262A

(Fe containing)

Cubic
Al12Fe3Si [19], a=1256 A [8, 15-19]

/Im3
Al12-15Fe3Si1-2[23]
(Fe+Mn containing)

Cubic/ a=1256-12.68
Al12(FeMn)3Si [24], [8,9,14,18,20-23]

O Im3-Pm3 A
Al15(FeMn)3Si2 [12]
(Mn containing)
Al12Mn3Si [24], Cubic
a=12.68 A [8,16,18,20,24,25]

Al15Mn3Si2 [12], /Pm3

AIOMN2Si [22]
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In 6xxx alloys, B-AlFeSi generally presented in as-cast microstructures while
a-Al(FeMn)Si was the typical phase in as-homogenized condition. The transformation
of B-AlFeSi to a-Al(FeMn)Si during the homogenization was an important aspect
for the subsequent processing and could be influenced by the specific homogenization
regimes.

Kuijpers [26] reported that during homogenization at 540 <C for 30 minutes, the
dominant intermetallic in 6082 alloy was still needles shape B-AlFeSi (Fig 2.3a). The
partial homogenization for 8 hours exhibited the mixture of B and a (Fig 2.3b). The
heavy homogenization for 32 hours resulted in the fully transformed a-Al(FeMn)Si
phase, which appeared as a string of separate more round a particle with more curvy
edges (Fig 2.3c). Results also suggested that the increase of homogenization
temperature could significantly raise the transformation rate; the high homogenization
temperature of 590 °C for 32 h was necessary in order to transform all the B-AlFeSi

phase to the a-Al(FeMn)Si phase [26].

19



Fig. 2.3 Optical micrographs of the intermetallic structure (a) lightly homogenized for

30 minutes, (b) partially homogenized for 8 hours and (c) heavily homogenized for 32
hours at 540<C of 6082 alloy (For the partially transformed sample the etching
produced contrast between the B-AlsFeSi phase, which appears light grey, and the

ac-Alp(FeMn);Si phase, which appears dark grey) [26].

The transformation process from B-AlFeSi to a-Al(FeMn)Si was demonstrated
by Kuijpers [26], as shown in Fig. 2.4. In the initial stage o particles nucleate on the
face of the B particle. Then a particle starts to grow towards the closest rim of the 3
particle and the B particle starts to dissolve until the B particle was replaced by a

particle, leaving only more rounded a particle.
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Fig.2.4 Schematic illustration of growing the a particle on the  particle.

It has been found that B-to-a transformation could improve the ductility and
surface quality [27, 28, 29], which is closely related to the workability. Research has
been conducted on the ductility regarding the B-to-o transformation [30-32]. The
coverage ratio, which defined as the area of B particles on the grain boundaries divide
by the total area of grain boundaries, correlates with the ductility in extrusion [30].
The B-to-a transformation resulted in lower coverage ratio of the dendrites and leads
to an improvement of the ductility. The B plates, with a high coverage of the dendrites,
form a network of brittle phase and block dislocations by the interconnected network,
causing a low formability, whereas the more rounded small a particles allow the
dislocation to move around, making the deformation more easily.

The B-to-o transformation was also found to be beneficial on the reduction of
surface defects aspect. Take extrusion as an example, several types of surface defects

may occur during the extrusion [28, 29, 33, 34]. One of the most common defects is
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the “pick-up”, which leads to eyesore scratchs on the profile surface.

The weak adhesion of the B particles to the Al matrix [30] lead the B particles
loose from the matrix. During extrusion, these loose 3 particles tend to stick to the die
surface and scratch the Al surface. In contrary, a particles have much better adhesion
with Al, which therefore lead to less pick-up defects and better surface quality.

Besides, the sharp edges of the B particles tend to lead micro-cracks during the
deformation process, and therefore resulted in cracks on the profile surface. The
transformed a particle are more rounded with more curvy edges and therefore gave
less micro cracking on the profile surface.

2.2.3 Mg,Si dissolution and precipitation during homogenization

One of the main objective of the homogenization is to dissolve the coarse
primary Mg,Si, making the Mg and Si elements released in the matrix to provide a
high Mg and Si solution level, ensuring the aging potential during the T5 aging.
Temperature above the Mg,Si solvus was mostly applied in the homogenization
process. Industrially, as high as possible homogenization temperatures are desirable
due to the higher Mg,Si dissolution rate, which means a shorter processing time.
However, a safe limit for the homogenization temperature should be the set
preventing the local melting of eutectic region, which can cause severe damage at the
alloy microstructure inducing voids, cracks and blistering during extrusion [35].

At the cooling step of homogenization, precipitation of Mg,Si may usually occur.
Depending on the cooling regime, the Mg,Si precipitation differs. A slow cooling

tends to produce coarse Mg,Si particles while a rapid cooling traps the Mg and Si in

22



solution with little or no Mg,Si precipitation produced [36, 37]. Coarse Mg,Si
particles are generally more difficult to dissolve during the subsequent preheating and
extrusion process. However, no precipitation of Mg,Si results in the increase of high
temperature flow stress since Mg and Si are trapped in the solution [38]. For these
consideration, the number of the particle should be high to reduce the solid solution
strengthening during hot working [39], but the particle size should be fine for
enhanced dissolution during extrusion [40].

Birol [41] have studied the effect of homogenization practice on the
microstructure of AA6063 billets, as shown in Fig. 2.5, the population of the Mg,Si
precipitates was increased drastically as the cooling rate decreased for 2000 ~C/h to

400 C/h, and further to 100 ‘C/h.
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Fig. 2.5 Dark-field optical micrographs showing the distribution of Mg,Si precipitates

in samples soaked at 580 ‘C for 6 h and subsequently cooled to 200 C at the
cooling rate (a) 2000 °C/h, (b) 400 ‘C/h, (c) 100 C/h
2.2.4 Dispersoids formation during homogenization

In 6xxx alloys, the added transition elements, such as Mn Cr, are partially
remained in the aluminum matrix during casting to form a supersaturated solid
solution [42, 43]. By conducting homogenization heat treatments, the dispersoids
could be formed via the decomposition of the supersaturated solid solution.

The a-Al(MnFe)Si dispersoids are the most common dispersoid formed in the
Mn and Si-containing aluminum alloys [44]. There is discussion on whether the type
is simple cubic (SC) or body center cubic (BCC). It is well accepted that the unit cell

is SC when the Fe/Mn ratio is low and it is BCC as the Fe/Mn ratio increased [45, 46].
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Fig 2.6 shows the typical microimages of dispersoids in 6082 alloy after
homogenized at 550 €€ for 2 h [47]. It can be seen that the dispersoids appear with
various shapes, which can be attributed to the projections of the plate shaped
dispersoids in a 2D image. Besides, the dispersoids may lie under or above the foil
surface, which also leads to varying contrast. The morphology of the dispersoids

projected in the micrographs varies to a considerable extent.

Fig. 2.6 TEM micrographs for the samples homogenized at 550 <€ for 2 h of (a)

0.25Mn alloy, (b) 0.5Mn alloy [47].

The precipitation behavior of a-Al(FeMn)Si dispersoids in 6082 alloys at lower
temperatures was studied by Li et al [48]. It was found that a-Al(FeMn)Si dispersoids
precipitation began at 350 <C and reached the maximum number density at 400 <C. At
500 <C, the dispersoids coarsened quickly and started to dissolve with increasing

holding time (Fig. 2.7).
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Fig. 2.7 SEM images of 6082 alloy after heat treatment (a) 400 ‘C for 1h, (b) 400 C

for 24 hours, (¢) 500 ‘C for 1h and (d) 500 C for 24h [48].

Hu et al. [49] reported in the Mn-containing Al-Mg-Si-Mn alloy, the size and
distribution of dispersoids formed during the homogenization treatment strongly
depend on the heating rate. As shown in Fig. 2.8, a rapid heating rate produces large
needle shaped heterogeneously distributed dispersoids, while a slower heating rate
produces fine spherical shape dispersoids with a more homogeneous distribution.
During homogenization, the B’phase acts as the preferential nucleation site for the

Mn-containing dispersoids during heating with the appropriate heating rate.
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20 um

Fig. 2.8 AA6082 alloy after homogenization. (a) rapidly heated specimen in salt bath
to 530 C, and (b) slowly-heated specimen (40 “C/h). (PFZ: Precipitation free zone)
(Dark particles: constituent particles, grey particles: dipersoids) quenched when the
sample reaches 530 ‘C [49].
2.2.5 Solid solution level evolution during homogenization

The solid solution level is a significant factor for the extrude alloys because it is
closely related to the subsequent extrusion force. For 6xxx alloys, extrusion billets are
mostly produced by the direct chill (DC) casting, during which the non-equilibrium
solidification induces supersaturation of alloying elements and inhomogeneous
microstructure such as micro-segregation, causing a low formability [50, 51].
Therefore, homogenization is conducted before extrusion to eliminate such negative
effects. During homogenization, the supersaturation of alloying elements and
inhomogeneous microstructure can be diminished, resulting in a more uniform
elements distribution results [52].

Shakiba [53] reported that in dilute Al-Fe-Si system, the as-cast alloys exhibited

a high flow stress (Fig. 2.9a) due to the overall high level of supersaturation of
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alloying elements formed during DC casting, which was implied by the lower
electrical conductivity (Fig. 2.9b). After homogenization at 550°C, the flow stress
decreased significantly due to the decreased solid solution by diminished
supersaturation condition. However, with further increasing of homogenization
temperatures to 580 and 610°C, the flow stress increased again due to the increased
levels in the solid solution, which was promoted via intermetallic phase

transformation.
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Fig. 2.9 Effect of homogenization treatment on (a) flow stress of hot deformation at
e=1s", T=400 “C at a strain of 0.8, (b) the electrical conductivity [53].
2.3 Effect of Mn on 6xxx alloys

It has been long recognized that the addition of Mn in 6xxx aluminum alloys can
modify the microstructure in both as-cast and heat treated conditions and thus
improve the properties of the alloys [54-56]. In AAG6xxx alloys, Mn can be present in
the constituent particles and fine dispersoids as well as in solid solution.
2.3.1 Mn in intermetallics

In the Mn-containing 6xxx alloys, Mn was always found to be present in
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a-Al(FeMn)Si intermetallics form during solidification. The a-Al(FeMn)Si exhibited
as “Chinese-script-like” morphology and was also called “constituents” because they
remain as a separate phase in the Al-matrix even after long homogenization times,
although they may undergo the change in phase composition and morphology [57].
The a-Al(FeMn)Si could be formed both at solidification and homogenization
stage. During solidification, a mixture of intermetallic of B-AlFeSi and a-Al(FeMn)Si
was formed and the fraction of B-AlFeSi and a-Al(FeMn)Si depends on the Mn
content in alloys. During homogenization, a-Al(FeMn)Si could be formed by the
transformation from B-AlFeSi phase [26]. The transformation was highly dependent
on the homogenization temperature and time. Fig. 2.10 shows the relative fraction of
a-Al(FeMn)Si as a function of time computed by the Finite Element Model and
confirmed by experiments in 6005A alloy. As the homogenization temperature
increase, the relative fraction of a-phase increased, indicating the high rate of

B-AlFeSi to a-Al(FeMn)Si transformation.
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Fig. 2.10 The relative a-Al(FeMn)Si fraction as a function of time derived by the
Finite Element Model (presented by the straight lines) compared with the relative
a-fractions, measured by experiments (presented by the separate points). The
calculations and measurements are performed for three different temperatures [26].
2.3.2 Mn in dispersoids

During the casting process of 6xxx alloys containing Mn, most of Mn element
will be retained the aluminum matrix to form a supersaturated solid solution during
the casting process. Therefore, dispersoids are likely to precipitate during the heat
treatment due to the decomposition of supersaturated solid solution. The dispersoids
have a strong effect on the processes, such as recovery, recrystallization and grain
growth; moreover, they also affect the high temperature flow stress.

Liu [47] have investigated the a-Al(FeMn)Si dispersoids in 6082 alloy
containing 0.25%Mn. It was reported that, the chemical composition of the
dispersoids varies with the homogenization parameters (Fig. 2.11). The overall Mn/Fe

ratio is higher for samples homogenized for 2 h at either 550 ‘C or 580 C (=2-4:1)
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compared to 12 hat 580 C (less than 2:1).
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Fig. 2.11 Mn/Fe ratios of dispersoids plotted in histogram for 0.25Mn 6082 alloy

from three homogenization conditions [47]

Additionally, the non-homogeneous distribution of chemical composition in a
single dispersoid has been observed. As shown in Fig. 2.12 of the high angle annular
bright field dispersoids micrographs, combining the TEM results, the Mn/Fe ratio
changed in the same single dispersoids [47]. The Mn/Fe ratio exhibited uneven
distribution in a single dispersoids, and Mn/Fe ratio was higher at the center region

than those at the edge regions.
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Fig. 2.12 (a) High angle annular bright field image of representative dispersoids in
0.25Mn alloy homogenized at 550 <C for 2 h; (b) Mn and Fe contents and also the
Mn/Fe ratios measured along the length of a dispersoids [47].
2.3.3 Mn in solid solution

In 6xxx alloys, the added Mn is partially retained in the aluminum matrix during
casting and form the supersaturated solid solution [42, 43].

Chen Li [48] have studied the solid solution level of Mn and the hardness of
as-cast 6082 alloys. In his study, electrical conductivity was measured to follow the
changes of Mn solid solution level for the base alloy without Mn and the 0.5%Mn
containing alloy, the electrical conductivity was described in the following equation:

1/ECAIlloy-A=0.0267+ 0.032 Fess%+0.0068Siss% + 0.003Mgss% 1)

While for the 0.5%Mn containing alloy:

1/ECAIloy-B=0.0267+ 0.032 Fess%+ 0.033Mnss%+ 0.0068Siss% + (2)

0.003Mgss%
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Where, Fess%, Mnss%, Siss% and Mgss% are the weight percentages of the
solute elements Fe, Mn, Si and Mg. The influence of other alloying elements on EC
was negligible because the Fe, Si and Mg contents in two alloys were almost the same.
Thus the change in the Mn solid solution level could be defined by the change in
electrical conductivity. The results revealed that the base alloy without Mn had a
47.7 %IACS of electrical conductivity while the 0.5%Mn containing alloy exhibited a
34.9 %IACS of electrical conductivity, which indicated a considerable Mn was
retained in supersaturated solid solution of the aluminum matrix in the 0.5%Mn
containing alloy. Correspondingly, the hardness of 0.5%Mn added alloy was 67.0 HV,
which was higher than the base alloy of 62.5 HV due to the Mn solid solution
strengthening.

The Mn solid solution strengthening was also reported by Ryen et al. [58]. It was
suggested that Mn in solid solution had a significant strength effect of both high
purity and commercial aluminum alloys. The solid solution strengthening rate was
about 50% stronger in the commercially pure aluminum alloys compared to the high
purity alloys. This stronger hardening effect was considered to be related to the

clustering effect between Mn and trace elements in solid solution.

2.4 Hot deformation of aluminum alloy

The applications of wrought aluminum alloys in aerospace, aircraft, automotive
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and construction industries, are usually subjected to hot deformation, such as rolling,
forging and extrusion, in order to achieve desirable shapes. When hot deformation
occurs in aluminum alloys, the dislocations glide in the lattice structure, the slip plane
is the {111} and the slip direction is the <110> [59]. However, other slip systems may
operate, which involves slip on {100}, {110}, {112} and {122} planes during high
temperature deformation [60]. When the slip of dislocations was active in several slip
planes, multi-slip of dislocations occurred. These dislocations could be the resource as
the sub-grain boundary as a result of dislocations pile-up. During hot deformation,
both the dynamic hardening and dynamic softening could take place continuously,
which influence the flow stress. Based on deformation parameters, such as flow stress,
deformation temperature, strain rate, the constitutive equations could be used to
derive the material constants for hot deformation, such as stress multiplier o and the
activation energy Q. [61, 62]

2.4.1 High temperature flow stress

When the hot deformation is performed, the stress required to sustain plastic
deformation at a constant temperature with a given strain rate is defined as the flow
stress. High temperature flow stress is one of the most significant factors for the
design of hot deformation regime due to its substantial impact on the required
deformation load and the kinetics of metallurgical transformation [61]. It is known
that the high temperature flow stress was closely related to the alloy chemistry,
homogenization heat treatment history and microstructure [61, 63, 64].

Shi et al. [65] studied the hot deformation behavior of 7150 alloy. A series of hot
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deformation flow stress curved was obtained under various of deformation
temperatures and strain rates (Fig. 2.13a). In general, the flow stress curves exhibit a
peak at a certain strain, followed by dynamic flow softening until the end of straining.
Under normal deformation conditions, the flow stress curves remained fairly constant
or decreased to some extent beyond the peak stresses, demonstrating a dynamic
equilibrium between work hardening and dynamic softening. In addition, it is obvious
that the level of flow stress and peak stress increased with increasing strain rate and
decreasing deformation temperature.

Fig. 2.13b illustrates the evolution of the peak flow stresses after different Zr
addition based on the base alloy. Under a given deformation condition, no significant
variation could be observed in the peak stress between the base alloy and Alloy with
0.04% Zr. With the further addition of Zr, increasing the content from 0.07% to 0.19%,
the peak stress levels increased significantly. The values of peak stress showed a
gradual rise with increasing content of Zr under the same deformation condition,

which was due to the formation of AlsZr dispersoids.
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Fig. 2.13 (a) Typical true stress—true strain curves of the base alloy during hot

compression deformation; (b) The evolution of peak stresses of base alloy and alloys

after Zr addition during hot deformation at 300 C;

Shakiba [66] investigated the hot deformation flow stress in dilute Al-Fe-Si alloys

(Fig. 2.14), and results revealed that increasing the Fe content in dilute Al-Fe-Si alloys

increases the flow stress at all deformation temperatures. This increased flows tress

was due to the increased solid solution level produced by the addition of Fe alloy

element.
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Fig. 2.14 Effect of iron on the flow stress at a strain of 0.8 [66].

Flow stress of 6xxx alloys is very important for the extrusion, especially when
the productivity is typically limited by the press capacity. In general, an extrusion
press has a specific pressure available to push the billet through the die and this is
directly related to the flow stress. Aluminum alloys exhibit a strain rate sensitivity,
namely the higher the strain rate (the ram speed), the higher the flow stress is. Hence,
under a given press capacity, the flow stress will dictate the maximum ram speed at
which the press can operate. A higher flow stress also produces a larger temperature
increase during extrusion, which increases the surface exit temperature for a given
extrusion speed resulting in an earlier onset of surface defects. In this aspect, as low

as possible flow stress could be beneficial for the productivity [53].

2.4.2 Constitutive equations and activation energy Q
Constitutive equations are widely used to describe the plastic flow properties of
metals and alloys during hot deformation, which are correlated with the flow stress,
strain rate and deformation temperature. At an elevated temperature, the strain rate ()
is related to the temperature and the flow stress by the Arrhenius type equation
[67-72]:
¢ = Af(o)exp (— R&T)

where ¢ is the strain rate (s*), A is a constant, Q is the activation energy for hot

deformation (KJ mol™), R is the universal gas constant (8.314 J mol™ K™?), T is the
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absolute temperature (K) and f(o) is the stress function which can be expressed as

[73-79]:
ol a0<0.8
f(o) ={ exp(Bo) ac>1.2
[sinh(ax0)]™  (orallo

where o is the flow stress (MPa), nl, B and n are material constant and o = /nl
[76-78] is a stress multiplier. Substituting the suitable functions of f (o) into Eq. (1)

leads to the power law, exponential and hyperbolic sine law equations, respectively:

€ = A0Mexp (— %)

Q
= ooy ()
€ ,exp(fo)exp RT

¢ = A[sinh(ao)]"exp (— &>

RT

where Al and A2 are the material constants. Generally, the power law equation
breaks down at high stress values, and the exponential equation breaks down at low
stress values. However, the hyperbolic-sine law is suitable for constitutive analysis
over a wide range of temperatures and strain rates [69-72], which was more widely
used for describing the plastic flow properties of metals and alloys during hot
deformation.

Moreover, Zener-Holloman parameter (Z) in an exponential equation is used to

represent the effect of the temperature and the strain rate on the hot-deformation

behavior [80-83]:

Z = gexp (%)

Using the constitutive equation, the activation energy for hot deformation Q
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could be derived from a series of flow stress data. The Q values were often used to
compare the difficulty degree of plastic deformation between different aluminum
alloys [65, 66]. Recent works discovered that the Q was not a constant for an alloy but
it might vary with deformation conditions (mainly temperature and strain rate)
[84-86]. The changes in high temperature flow stress and activation energy are closely
related to the balance between dynamic work hardening and dynamic softening under
a specific hot deformation condition [65]

Through the constitutive analyses (section 3.3), one expects to have a unique
index Q to compare the difficulty levels of hot deformation between the different
chemical compositions or between different microstructures. However, the results
reveals that the Q is not a constant and the values are highly depended on the hot
deformation condition, because the flow stress often changes with the progress of the
deformation. Therefore, it is not always easy to assess the hot workability of different
aluminum materials only using the Q. Shi et al [85] pointed out that Q mainly
reflected the free energy barrier to dislocation movement, which was affected by the
deformation temperature and strain. In recent years, some researchers explored the
concept of the activation energy map instead of treating Q as a constant to study the

hot workability of aluminum alloys [86-88].

2.4.3 Microstructures evolution during hot deformation
During hot deformation processes, the general trend of the flow stress change

was closely related to the dynamic balance of work hardening and softening [89].
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Microstructures evolution of dynamic recovery (DRV) and dynamic recrystallization
(DRX) are the typical softening mechanisms in the hot deformation process of
aluminum alloys [90-92], as shown in Fig. 2.15. DRV reduces the energy stored in the
deformed grains by a rearrangement of defects in their crystal structure and is a
necessary prerequisite for DRX to take place. DRX is the metallurgical phenomenon
that allows replacing deformed grains by small dislocation free equiaxed grains at

elevated temperatures.
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Fig. 2.15 Microstructural evolution of DRV and DRX
2.4.3.1 Dynamic recovery (DRV)

DRV is a thermally activated process which consists of all the processes that lead
to annihilation of dislocations and rearrangement of the remaining dislocations into

low angle grain boundaries and subgrain structures. Thus both the hot deformation
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temperatures and train rate could influence the DRV level and affect the flow stress.
Shi et al. [65] studied the DRV behavior in 7150 Al alloy and reported that the
DRV rate increases with increasing temperature and decreasing strain rate, as is
shown in Fig. 2.16. When the deformation was performed at 300 <C and 1 s, Typical
DRV was observed, a large amount of dislocations presented (Fig. 2.16a). For the
deformation processes conducted at 450 <C and 1 s and 450<C and 0.01 s*, the
microstructures became more homogeneous and better organized (Fig. 2.16b and c),
which presenting a higher DRV level. The rise of DRV level was due to the enhanced

dislocation motion as the temperature increased and strain rate decreased.

Fig. 2.16 Orientation imaging maps of 7150 Alloy-F (0.19 Zr) under different

deformation conditions: (a) 300 <C and 1 s, (b) 450 T and 1 s, (c) 450 <C and
0.01 s* (the boundary misorientation angles of both grains and subgrains can be
distinguished as follows: white lines: 1-5< blue lines: 5-15< thin black lines: 15-30°
and thick black lines: >309) [65].
2.4.3.2 Dynamic recovery (DRX),

Dynamic recovery (DRX), known as an important and typical softening

mechanisms in the hot deformation process of aluminum alloys, which involves the
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production of new grains. DRX presents with the new microstructures result from the
production of nuclei, followed by the long-range migration of their boundaries
[93-95]. During hot deformation, when high dislocation density can provide enough
driving force, recrystallization occurred. DRX is barely observed in metals and alloys
with high stacking fault energy such as aluminum and its alloys due to the high rate of
dynamic recovery that inhibits the accumulation of sufficient dislocations to sustain
dynamic recrystallization [96, 97]. However, there are some reports that the dynamic
recrystallization can easily occur in aluminum of very high purity and aluminum
alloys containing large particles such as Al-5Mg-0.8Mn [96].

The formation of DRX grains in an aluminum alloy during hot working is
illustrated in Fig. 2.17 [98]. When the strain of high temperature deformation was 1
(Fig.2.17a), the original grains were deformed and a large amount of low angle
boundaries were induced in the deformed original grains. As the strain increased by 2,
the new grains form at the region of grain boundaries as a result of the increase in
sub-boundary misorientation and accumulation of the dislocations introduced by the
deformation (Fig.2.17b). This is related to the rapid development of strain gradients
near grain boundaries and the latter leads to the presence of large misorientations in
the vicinities of the boundaries. After the strain reached 12, the original grains were
replaced by the new formed ones, the dynamic grain size produced were much smaller
than the original ones (Fig.2.17c). The changes in the microstructure during DRX are
associated with the formation of high angle grain boundaries due to the accumulation

of dislocations. The fraction of such boundaries gradually increases during straining,
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until almost all the grains are bounded by high angle grain boundaries at strain

reached 12 (Fig.2.17c).

Original grain boundaries Dynamically recrystallized grains

Low-angle boundaries High-angle boundaries

Fig. 2.17 Development process of DRX at different strains in the AA1421 aluminum
alloy and the hot deformation was processed at 673 K [98].
2.5 Annealing treatment of aluminum alloys
After deformation, a high density of substructures and internal stress was induced
and it is necessary to perform an annealing so as to get a stable property [99].
Annealing treatments employed for aluminum alloys are of several types that differs
in the objective. Annealing times and temperatures depend on alloy type as well as on
initial structure and temper. Depending on the different purpose, annealing could be
departed into: stress-relief annealing, partial annealing and full annealing [100].
Stress-relief annealing was usually conducted on the cold-worked wrought
aluminium alloys in order to remove the strain hardening effects formed during cold

working. Partial annealing could be performed on the cold worked non-heat-treatable
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wrought aluminum alloys aiming to obtain intermediate mechanical properties.
Temperatures of partial annealing are below those that produce extensive
recrystallization. Incomplete softening is always accomplished by substructural
changes in dislocation density and rearrangement into cellular patterns. Full annealing
was often performed on the aluminum alloys which are featured as softest, good
workability wrought alloys. Work hardened products after full annealing could be
recrystallized in case of weak recrystallization resistances. In the case of
heat-treatable alloys, the solutes are sufficiently thoroughly precipitated to prevent
natural age hardening. A higher temperature and longer soaking time generally are
employed [100].
2.5.1 Static recrystallization (SRX) during annealing or solution treatments
During annealing or solution treatments, static recrystallization (SRX) usually
took place. Different from the dynamic recrystallization (DRX) during deformation
process, the SRX occurred during annealing stage after the hot deformation. SRX
usually involved nucleation of new grains and their growth as well as grain boundary
migration [101, 102]. The driving force of nucleation and growth for SRX could be
provided by the substructures (dislocations and subgrains) formed from initial
deformation and the annealing temperature. Fig. 2.18 shows the examples of typical
SRX took place during annealing in high purity aluminum [103]. In the as-deformed
state (Fig. 2.18 (a)) a typical banded microstructure is observed which is characteristic
of rolled sheets. After annealing for 200 s at 360 <C, the first new recrystallized grains

could be detected (Fig. 2.18 (b)). After 300 s the entire specimen was recrystallized
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showing an extremely fine grained microstructure with numerous larger grains (Fig.
2.18 (c)). With further annealing, the grain growth is initiated leading to a substantial

increase in grain size (Fig. 2.18 (d)).

TD

(a) as-rolled

(c)300s ' - ‘ (d) 1000s

Fig. 2. 18 Evolution of the microstructure in a high purity aluminum at annealing time
of 360°C with increasing annealing time; (a) as-rolled, (b) annealed for 200 s, (c)

annealed for 300 s, (d) annealed for 1000 s (optical microscopy) [103].

In some certain conditions, partially recrystallization took place and the
structures with coarse grains were formed. Partially recrystallization was undesirable
due to their detrimental effect not only on strength, toughness, and formability, but

also on surface quality and corrosion resistance [104]. Birol [104] studied the impact
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of partial recrystallization on the performance of 6005A tube extrusions and found
that the partially recrystallized structures formed the relatively soft zones and acted as

the very favorable site for crack initiation (Fig. 2.19).

Fig. 2.19 (a) Suspension bushing with a fractured 6005A tube; (b) 6005A tube after

cleaning away the rubber that penetrated in between the fracture surfaces; (c) and (d)
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recrystallized grains covered the entire section [104].

2.5.2 Recrystallization resistance

The control of SRX plays an important role in some wrought aluminum alloys. It
is reported that [13] occurrence of SRX negatively influenced the corrosion resistance
in 2xxx alloys; In 5xxx alloys, work hardening effect could be kept only if the
unrecrystallized wrought state can be maintained; In 7xxx alloys, a recrystallized
structure causes the increasing risk of weld cracking, declined fracture toughness, and
detrimental effect on corrosion resistance. Good recrystallization resistance is of
paramount importance for adequate performance in industrial aspect.

The use of dispersoids in Al alloys is a well-established method of controlling
grain growth and recrystallization during annealing treatment. The size, number
density, distribution and morphology of dispersoids could have significant influence
on the recrystallization resistance.

Guo et al [105] studied the effects of AlsZr dispersoids onrecrystallization
resistance in 7150 aluminum alloy. As shown in Fig. 2.20, after sothermally annealed
at 470 <C for 24 h, samples with Zr contents from 0 to 0.09% show all partially
recrystallized microstructures after annealing, and the sample with 0.16% Zr exhibits
a main recovery microstructure with few, small and isolated recrystallized grains,
indicating the enhanced recrystallization resistance with the increasing Zr addition
which enhanced the formation of AlsZr dispersoids (as show in the Fig. 2.20c

exemplary).
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Fig. 2.20 Orientation maps of 7150 alloys with different Zr contents for one-step
homogenization: (a) the base alloy (0% Zr); (b) 0.04% Zr; (c) 0.09% Zr; (d) 0.16% Zr.
High angle boundaries (over 15<) and low angle boundaries (1 - 15<) shown as black
line and white line, respectively, the onset TEM image are the AlsZr dispersoids
[105].

Li et al. [106] studied the effects of combined addition of Er and Zr on
precipitation and recrystallization of pure aluminum and found that combined addition
of Er and Zr to pure aluminum results in remarkable recrystallization resistance. The
recrystallization temperature of the 0.2Zr addition alloy is about 450 °C, which is
significantly higher than that of Zr free alloy due to the precipitation of Als(Er, Zr)

precipitates, as shown in Fig. 2.21
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Fig. 2.21 Micrographs of the cold-rolled Zr free alloy heated to: (a) 275 C, (c)
350 C, (e) 450 °C; and 0.2Zr addition alloy heated to (b) 275 °C, (d) 350 C, (f)
525 ‘C [106].

Birol [107] reported that the superior recrystallization resistance of a 6082 alloy
is obtained via a large population of the Cr-rich Al(Cr,Mn,Fe)Si as well as (Al, Si)sZr
dispersoids particles. However, the individual addition of Mn or Zr fails to offer any
improvement in the recrystallization resistance in 6082 tube extrusions. Tsivoulas

[108] investigated the effect of Mn and Zr additions on recrystallization resistance in
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Al-Cu-Li AA2198 sheet and suggested that with a constant Zr level recrystallization
resistance was seen to diminish with the addition of Mn and became progressively

worse with a decrease in Zr content, as more Mn was added.
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Chapter 3 Effect of homogenization treatment and
micro-alloying with Mn on the microstructure and hot

workability of AA6060 aluminum alloys

Abstract

The effects of a homogenization treatment and micro-alloying with Mn on the
evolution of the microstructure and hot workability of AA6060 aluminum alloys were
investigated. Various homogenization treatments with temperatures ranging from 520
to 610 <T and soaking times from 2 to 16 h were conducted. The results revealed that
B-AlFeSi intermetallic was the dominant phase in the as-cast microstructure of the
experimental alloys. During the homogenization, the fragmentation of intermetallics
occurred and plate-like B-AlFeSi transformed into rod-like a-AlFeSi. In addition, a
number of dispersoids precipitated in the 0.1Mn alloy in the temperature range of 520
to 580 <C. The flow stress behavior of the homogenized AA6060 alloys was mainly
determined by the solid solution level. Increasing homogenization temperatures
resulted in higher flow stresses owing to the increase in solute atoms in the aluminum
matrix. The incremental Mn addition from 0 to 0.1% moderately increased the flow
stress by up to 3%. Grain growth occurred in the alloys with low Mn contents
(<0.03Mn) during the high-temperature homogenization (580-610 <C), which
resulted in a sudden decrease in the flow stresses and an irregular sample shape after

the deformation. Micro-alloying with Mn (>0.06%) can effectively prevent grain
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growth at such temperatures. For an alloy with Mn (0.1%) micro-alloying,
homogenization at 550-580 <C for 6 h could be the optimal condition to balance the
flow stress and desirable microstructure.
3.1 Introduction

Over the last decades, the consumption and demand for aluminum alloys have
rapidly grown owing to their light weight, high strength-to-weight ratio, and easy
recyclability. AA6060 aluminum alloys are typically used for extrusion parts with
complex cross sections in automobile and architectural applications because they
possess a combination of medium strength, excellent formability, good corrosion
resistance and anodizing properties. AA6060 extrusion billets are mostly produced via
direct chill (DC) casting, during which the non-equilibrium solidification induces an
inhomogeneous microstructure such as micro-segregations and a network of brittle
Fe-bearing intermetallics, thereby causing a low formability [1, 2]. In general, the
homogenization is conducted before the extrusion to eliminate such negative effects.
During a homogenization, the micro-segregation of the alloying elements at dendrite
boundaries can be diminished, and a more uniform element distribution can be
achieved [3]. On the other hand, the interdendritic network of plate-like B-AlFeSi
intermetallics is gradually replaced by more rounded and discrete o-AlFeSi
intermetallic particles [4—6]. The precipitation of secondary particles (dispersoids) can
occur in Mn- and Cr-containing alloys [7, 8]. A proper homogenization regime can
significantly increase the extrusion productivity and benefit the surface finish [9, 10].

It is well known that the addition of Mn to 6xxx aluminum alloys can modify the
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microstructure of as-cast and heat-treated samples and thus improve the alloy
properties [11-13]. In AA6xxx alloys, Mn is present in constituent particles, fine
dispersoids, and solid solutions. Kuijpers et al. [14] reported that during the
homogenization of Al-Mg-Si alloys, B-AlFeSi transformed into a-Alj(FeMn);Si
intermetallics. Lodgaard and Ryum [8] reported that Mn-bearing dispersoids started to
form at 400 <C during the homogenization of AI-Mg-Si alloys. Shakiba et al. [15]
reported that Mn addition to dilute Al-Fe-Si alloys increased the high-temperature
flow stress owing to the increased Mn solid solution level.

Several research works have been performed to investigate the impact of the
homogenization treatment on the microstructure evolution and Fe-rich intermetallic
transformation in AIl-Mg-Si 6xxx alloys [16-20]. Bryantsev [16] performed a
quantitative analysis of the transformation of Fe-containing intermetallics during
homogenization as a function of temperature and soaking time in 6xxx alloys.
Haidemenopoulos et al. [17] carried out a computational simulation of the B -AlFeSi
to a -AlFeSi transformation via integrating the process steps from solidification to
homogenization. Recently, Liu et al. [18] built a predictive model for the evolution of
critical microstructural features on spatial distribution of solutes, constituent particles
and dispersoids during homogenization of AA6082 alloy based on the experiment
results. However, most of the researches focused on the microstructure changes
during homogenization, but the corresponding effect on the downstream properties
such as hot workability was rarely addressed. In addition, AA6060 alloys contain a

relatively low alloying element content (0.3-0.6Mg, 0.3-0.6Si) among 6xxx alloys,
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which makes them relatively soft after homogenization and can be extruded at a high
speed. Therefore, even a small reduction in the flow stress can greatly increase the
extrusion speed and improve the productivity. However, the effect of micro-alloying
of Mn on the microstructure change during homogenization and its influence on the
hot workability are still far being clear.

In the present study, the effects of the homogenization and micro-alloying with
Mn on the evolution of the microstructure and hot workability of AA6060 were
investigated systematically. The as-cast and homogenized microstructures were
examined, and the true stress—strain response was obtained by conducting
hot-compression tests. The focus of this study is the relation between the
microstructure, solid solution levels, and hot workability.
3.2 Experiments

Four AA6060 alloy samples with micro-alloying additions of 0-0.1 wt.% Mn
were used. The chemical compositions are shown in Table 3.1. All alloy compositions
are in wt.% unless otherwise indicated. The sample materials were taken from DC
cast billets with a diameter of 101 mm, provided by the Arvida Research and
Development Center of Rio Tinto based in Saguenay, Quebec. The billets were
homogenized at 520, 550, 580, and 610 <C for 2, 6, and 16 h and finally
water-quenched. Afterward, the samples were prepared with standard metallographic
procedure for the microstructure observation. To reveal more details of the
microstructure, some of the polished samples were etched with a 0.5% HF solution

for 40 s. An optical microscope (Nikon, Eclipse MEG600), a scanning electron
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microscope (SEM, JEOL-6480LV), and transmission electron microscope (TEM,
JEM-2100) were used to examine the microstructures. Moreover, a quantitative
analysis of the dispersoid particle distributions was performed based on the SEM
images of the etched surfaces. The electrical conductivity was measured with a
Sigmascope SMP10 eddy-current device at room temperature to estimate the solid
solution levels. Six measurements were performed for each sample to provide an
average value. Further, cylindrical specimens of 10 mm diameter and 15 mm height
were machined for the hot-compression tests. The uniaxial hot-compression tests were
performed using a Gleeble 3800 thermo-mechanical testing unit. The specimens were
heated at 2 <C/s and held to 500=C for 180 s to ensure a homogeneous temperature
distribution. Next, the specimens were deformed to a total true strain of 0.8 at a strain

rate of 157,

Table 3.1 Chemical composition of investigated alloys (wt.%)

Alloys Mg Si Fe Mn Al

Base alloy 0.37 0.50 0.17 - Bal.
0.03Mn 0.37 0.50 0.17 0.03 Bal.
0.06Mn 0.37 0.50 0.17 0.06 Bal.
0.1Mn 0.37 0.51 0.19 0.09 Bal.

3.3 Results and discussion

3.3.1 As-cast microstructure
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The as-cast microstructure of the base alloy is shown in Fig. 3. 1. As indicated in
Fig. 3. la, it was composed of aluminum dendrite cells, B-AlFeSi intermetallic
distributed along the dendrite boundaries, a small amount of a-AlFeSi intermetallic
located within the dendrite cells, and primary Mg,Si particles. Figs. 1b and 1c show
enlarged SEM images of the B-AlFeSi and a-AlFeSi intermetallics, which exhibited
plate-like and blocky morphologies, respectively. Figs. 1c and 1d illustrate that the
small primary Mg,Si particles were mostly co-located with a- and B-AlFeSi
intermetallics. In the as-cast microstructure, p-AlFeSi intermetallic was the
predominant phase, whereas a-AlFeSi and Mg,Si were the minor phases. Regarding
the three Mn-containing alloys, the as-cast microstructures were similar to that of the
base alloy, thereby indicating that the presence of minor Mn had approximately no
effect on the as-cast microstructure. Therefore, only the typical microstructure of the

base alloy is presented here.
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Fig. 3.1 As-cast microstructure of the base alloy, (a) optical image and (b) — (d)
backscatter SEM images: (b) B-AlFeSi intermetallic, (¢) a-AlFeSi intermetallic with
co-located primary Mg,Si particle and (d) Mg,Si particles co-located with B-AlFeSi.
3.3.2 Microstructure after homogenization

The homogenized microstructures of the base and 0.1Mn alloys are shown in Figs.
2 and 3 for 520, 550, 580, and 610 <C and soaking times of 2, 6, and 16 h. In general,
a fragmentation of B-AlFeSi intermetallics was observed in both alloys. Large
plate-like B-AlFeSi particles were gradually replaced by separate particles. Increasing
homogenization temperatures and longer soaking times promoted the fragmentation
process. In addition, dispersoids precipitated in the 0.1Mn alloy at 520-580 <C and

were visible after the HF etching (Fig. 3. 3).
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During the homogenization, the phase transformation from plate-like p-AlFeSi to
more rounded and discrete a-AlFeSi occurred in both base and 0.1Mn alloys. Both
phases were confirmed via the SEM—EDX analyses. Regarding the homogenized base
alloy at 550 <C and below, the Fe-bearing intermetallic remained in the form of
B-AlFeSi. During the homogenization at 580 °C, B-AlFeSi began to transform into
a-AlFeSi. By contrast, in the 0.1Mn alloy, the transformation of B-AlFeSi into
a-Al(FeMn)Si already started at 520 <C. The promotion of the transformation of
B-AlFeSi into a-Al(FeMn)Si at lower temperatures by the addition of Mn is in line
with the results from previous studies [19]. Fig. 3. 4 shows typical
a-AlFeSi/a-Al(FeMn)Si particles in the base and 0.1Mn alloys after a homogenization

at 580 <C for 6 h. They exhibit a rod-like morphology with rounded edges.
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Fig. 3.2 Optical microstructure after homogenization of the base alloy under different

conditions (0.5% HF/40 s etched)
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Fig. 3.4 SEM images (a) a-AlFeSi in the base alloy and (b) a-Al(FeMn)Si in the

0.1Mn alloy after homogenization at 580 <C for 6 h

The blocky a-AlFeSi intermetallics that pre-existed in the as-cast microstructure
(Fig. 3. 1c) were not modified by the homogenization, whereas all primary Mg,Si
particles (Figs. 1c and d) were dissolved. Enlarged typical dispersoids are presented in
Fig. 3. 5 for the 0.1Mn alloy after a homogenization at 520 <C for 6 h. According to
the TEM-EDX analysis, the dispersoids were confirmed to be the an a-Al(FeMn)Si
phase (Figs. 3. 5b and c), which agrees well with the results in [20].

Fig. 3. 6 shows the evolution of the number density and average equivalent
diameter of the dispersoid particles after homogenizations under different conditions,
measured via an image analysis of a series of SEM images of etched surfaces, an
example of which is shown in Fig. 3. 5a. During the homogenization at 520 <C, the
dispersoid number density increased with increasing soaking time from 0.10/um? after
2 h to 0.24/ umz after 16 h. The equivalent diameter increased from 0.50 um after 2 h

to 0.82 um after 16 h. At 550 °C, the dispersoid number density started to decrease
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with increasing soaking time. The equivalent diameter initially decreased slightly
from 0.62 um (2 h) to 0.52 um (6 h) and then increased to 0.75 um after 16 h,
indicating a coarsening process at this temperature. At 580 <C, only dispersoids with
low number densities were observed after 2 h soaking. They nearly disappeared with
increasing time, which indicates their dissolution. With a further increase in

temperature to 610 <C, no dispersoids were observed in the aluminum matrix.
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Fig. 3.5 Dispersoids in the 0.1Mn alloys homogenized at 520<C for 6 h: (a) SEM

image, (b) TEM bright field image and (c) TEM-EDX spectra image.

74



0.25 4

u-2)

0.20 H

o
o
1

0.15 4

1
IS
1

0.10 H

o
N
1

0.05 +

Dispersoids number densitiy (

Dispersoids equivalent diameter (

=}
o
1
<4
<
<

0.00 +

Soaking Time (h) Soaking time (h)

Fig. 3.6 Evolution of the number density (a) and average equivalent diameter (b) of

dispersoids during homogenization for the 0.1Mn alloy

3.3.3 Solid solution levels

Solid solution levels can have a significant effect on the mechanical properties
and high-temperature flow stress in aluminum alloys [21-23]. The change in the
electrical conductivity was used as an indicator to investigate the solid solution level
change during the homogenization. The effects of the homogenization treatment on
the electrical conductivity are shown in Fig. 3. 7. Regarding the Mn-free base alloy
(Fig. 3. 7a), the as-cast sample exhibited the highest electrical conductivity, which
corresponds to the lowest solid solution level. This can be attributed to a portion of
the main alloying elements (Mg, Si, and Fe) in the primary Mg,Si and Fe-bearing
intermetallics (Fig. 3. 1). After the homogenization, the electrical conductivity

decreased with increasing homogenization temperature. For example, for a fixed
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soaking time of 6 h, the electrical conductivity of the base alloy decreased from 50.89
to 50.7, 50.39, and 49.92 %IACS as the temperature increased from 520 to 550, 580,
and 610 <C, respectively. In addition, the electrical conductivity remained
approximately constant with increasing soaking time. The decrease in the electrical
conductivity reflects the increase in the solid solution levels at higher homogenization
temperatures, which corresponds to more solute being released from the alloying
elements (Mg, Si, and Fe) into the aluminum matrix owing to the dissolution of
primary Mg,Si and the fragmentation of Fe-bearing intermetallics.

Compared with the base alloy, the 0.1Mn alloy exhibited a significantly lower
electrical conductivity, which corresponds to higher solid solution levels after the Mn
addition. With a similar tendency as the base alloy, the electrical conductivity of the
0.1Mn alloy decreased with increasing homogenization temperature owing to the
increased solid solubility limits. In contrast to that of the base alloy, the conductivity
increased for longer soaking times. This indicates that the Mn level in the matrix
decreased for longer soaking times.

Fig. 3. 8 presents the Mn/Fe ratio of the a-Al(FeMn)Si intermetallic in the 0.1Mn
alloy for all experimental conditions measured via SEM—EDX. In as-cast condition,
only B-AlFeSi intermetallic presented in the 0.1 Mn-containing alloy (Fig. 1). The
Mn/Fe ratio of intermetallics was close to 0, because B-AlFeSi intermetallic was free
of Mn. During transformation of B-AlFeSi to a-AlFeSi in the homogenization process,
the Mn/Fe ratio of intermetallic at as-cast condition was close to 0, indicating nearly

no Mn presented in the B-AlFeSi intermetallic. The Mn/Fe ratio increased with higher
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Electrical conductivity (% IACS)

homogenization temperature and longer soaking time, thereby indicating the loss of
Mn solute from the aluminum matrix with prolonged soaking time. As discussed in
section 3.2, during the homogenization, B-AlFeSi transformed into a-Al(FeMn)Si.
The Mn atoms diffused from the matrix into Fe-bearing intermetallic during the
transformation. However, in the 0.1Mn alloy, this transformation was completed
relatively early. This suggests that the trends in Fig. 3. 8 are due to a continued
long-range diffusion of Mn into the constituent particles with increasing time and
temperature. Replacement of some Fe atoms by Mn in Fe-bearing intermetallics was
reported in [19], when the transformation of B-AlFeSi to a-AlFeSi in aluminum alloys

occurred. Similar effects were reported for AA6082 alloys with higher Mn contents

[20, 24].
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Fig. 3.7 Electrical conductivity of (a) base alloy and (b) 0.1Mn alloy after different

homogenization conditions
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Fig. 3.8 Mn/Fe ratio of intermetallic in 0.1Mn alloy for different homogenization
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3.3.4 Flow stress behavior during hot deformation

The hot workability was assessed via compression tests performed at 500 <C and
a strain rate of 1 s™*. The test temperature was deliberately selected to be above the
Mg,Si solvus temperature (~ 472 <C for those alloys) to avoid any interactions with
Mg,Si precipitation/dissolution effects. Figs. 9 and 10 show the true stress—strain
curves of the base and 0.1Mn alloys for the respective homogenization conditions. In
most cases, the flow stress increased rapidly at the beginning of the deformation.
Shortly afterward, the flow stress experienced a slow increase until the end of the
deformation process, indicating that the dynamic work hardening was slightly
stronger than the dynamic softening. In all compression tests for both alloys, the flow

stress levels varied within a relatively narrow range of 27-32 MPa for a strain of 0.75.
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However, this represents a difference of approximately 15%, which is significant in

terms of commercial extrusion productivity.
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To better compare the effect of the homogenization on the hot workability, the

flow stress values at a strain of 0.75 are plotted in Fig. 3. 11 as a function of soaking

temperature and time. In both alloys, the as-cast sample always exhibited the highest

flow stress compared with the samples that experienced homogenization. This is

probably due to the inter-connected network of Fe-bearing intermetallics surrounding

the aluminum dendrite cell/grain boundaries (Fig. 3. 1a). Regarding the base alloy

(Fig. 3. 11a), the flow stress increased when the soaking temperature increased from
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520 to 550 T but was independent of the soaking time. These trends are in line with
the electrical-conductivity results in Fig. 3. 7a and indicate that the solute content in
the aluminum matrix controlled the flow stress. Similarly, the flow stress increased
when the temperature increased to 580 <C for a short soaking time. However, with
increasing time, the flow stress decreased dramatically from 30 MPa (2 h) to 28 MPa
(6 h) and 27.7 MPa (16 h). A further increase in temperature to 610 < caused the
flow stress to decrease even further. These results are not in line with the expected
trends from the electrical-conductivity measurements for these high temperatures (Fig.
3. 7a).

The 0.1Mn alloy (Fig. 3. 11b) exhibited overall higher flow stresses than the base
alloy for all homogenization conditions. The treatment at 520 <C resulted in the
lowest flow stress. This result is consistent with the lowest solid solution level at this
temperature (Fig. 3. 7b). The flow stress increased gradually with increasing
homogenization temperature from 520 to 610 <C. This is again attributed to the
increase in solid solution content at higher temperatures. In addition, the flow stress
decreased slightly with increasing soaking time for all temperatures, thereby matching
the decrease in the Mn solute level (Fig. 3. 7b).

Fig. 3. 12 compares the flow stresses for the four tested Mn contents (the base,
0.03Mn, 0.06Mn, and 0.1Mn alloys) for a fixed soaking time of 6 h. The 0.1Mn alloy
exhibited the highest flow stress among the four alloys. Overall, the flow stress
increased with the Mn content. However, the range of the value changes was within 1

MPa. Although this effect appears quite small, it represents a flow-stress range of
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approximately 3%. It is known in the industrial practice that even a difference of 1%
can affect the commercial extrusion productivity. Similarly to the trends observed for
the base alloy in Fig. 3. 114, the alloys with low Mn contents (<=0.03Mn) exhibited a
large decrease in the flow stress at high temperatures, namely the base alloy

at >580 <C and the 0.03Mn alloy at 610 <C.
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o

a (b)

Fig. 3.13 Shape and appearance of compression samples: (a) cylindrical before
deformation; (b) “drum” shape after deformation; (c) irregular” shape after

deformation

It was observed that the deformed samples of these alloys under such treatment
conditions possessed irregular shapes. Fig. 3. 13 shows the shape and appearance of
the compression samples before and after the deformation. Regarding the “normal”
condition, the cylindrical samples were compressed into a “drum” shape, indicating a
uniform deformation along the entire sample. However, the homogenized alloys with
low Mn contents exhibiting the unusual decrease in the flow stress described above,
exhibited an “irregular” shape. The homogenization conditions and related sample
shape after the deformation of the base alloy are listed in Table 3.2. At low
homogenization temperatures (520 and 550 <C), the deformed samples exhibited the
drum shape. However, above 580 <C and for a soaking time of more than 6 h, the
deformed samples became irregular. For 610 <C, all deformed samples had an

irregular shape. Regarding the 0.03Mn alloy, the samples homogenized at 610 <C for
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longer than 6 h also exhibited an irregular shape (non-uniform deformation). For Mn

levels >0.06 wt.%, all deformed samples exhibited a drum shape.

Table 3. 2 Effect of homogenization conditions on deformed sample shape — base

alloy
2h 6 h 16 h
520 T drum drum drum
550 drum drum drum
580 C drum irregular irregular
610 € irregular irregular irregular

The examination of the microstructure revealed that the irregular deformed
sample was related to the abnormal grain growth during the high-temperature
homogenization. Fig. 3. 14a shows the microstructure of the base alloy after the
homogenization at 580 <C/2 h. Its deformation is normal and it consists of equiaxed
grains with a mean size of approximately 69 pum, which is typical for as-cast 6xxx
billets. Under applied compressive stress, the deformation can distribute in many
grains with different orientations, resulting in an overall uniform deformation. Fig. 3.
14b shows the microstructures of the base alloy homogenized at 610 <C/2 h, which
exhibited an irregular shape after the deformation. Evidently, only very few giant
grains remained in the entire sample section owing to the abnormal grain growth

during the homogenization. The size of giant grains reached up to several millimeters.
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Under applied compressive stress, with this grain size, the deformation can only be
directed to few grains with a limited number of slip directions. This leads to an
uneven deformation in the macro scale and a decrease in the flow stress.
Commercially, this condition is referred to as “giant grain” and shall be avoided
because of its deleterious effect of the non-uniform deformation on the metal flow.

In addition, the grain sizes of four experiment alloys in as-cast and as-homogenized
conditions were measured. The average grain sizes of the base alloy were 69 pm and
63-67 um in the 0.03-0.1Mn alloys in the as-cast condition. After homogenization, the
grain sizes remained nearly unchanged, except a few special cases mentioned above
for the abnormal grain growth. Therefore, the influence of the grain sizes between
different alloys on the electrical conductivity and high temperature flow stress, where
no abnormal grain growth occurred, could be neglected. McQueen et al. [22]
indicated that a change of the grain size had a relatively small effect on the flow stress
during hot deformation, because the grain boundary sliding became pronounced
above 300 <T in aluminum alloys and the effectiveness of grain boundary

strengthening was remarkably reduced.
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Fig. 3.14 Optical grain structures of the base alloy after homogenization (a) 580 <C/2h,

(b) 610<C/2h

3.3.5 Discussion

Homogenization is applied to 6xxx alloys to improve their extrusion performance
in terms of extrusion pressure, speed, surface finish, and mechanical properties. In
practice, these factors are interrelated. One of the key material parameters controlling
the extrudability is the flow stress at the extrusion temperature. For dilute 6xxx alloys
such as AA6060, which are often extruded into thin-walled profiles at high speeds,
small flow stress differences of the order of 1% can have a measurable effect on the
extrusion performance. In the present study, all homogenization treatments decreased
the flow stress compared to the as cast condition (Fig. 3. 11). One of the goals of the
study was to optimize the homogenization time and temperature. In general, it was
found that:

e The flow stress generally increased with higher homogenization temperatures
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for Mn contents of up to 0.10 wt.% (Fig. 3. 11).
e The flow stress moderately increased with increasing Mn level in the alloy
(Fig. 3. 12) for a given homogenization condition.

During a hot deformation, several factors can contribute to the high-temperature
flow stress. In the investigated alloys, three main microstructural features existed in
the microstructures under as-cast and homogenized conditions (i.e., Fe-bearing
intermetallic particles, a-Al(FeMn)Si dispersoids, and solid solution level), which
influence the hot workability of the alloy.

Fe-bearing intermetallic particles can effectively pin dislocations, which in turn
changes the flow stress during a hot deformation if their particle sizes are small (<0. 1
um) and distributed uniformly in the matrix [22]. In the present study, the Fe-bearing
intermetallic particles were mainly distributed in the interdendritic region, and the
interparticle spacing was very large (in the range of tens of pm (Figs. 2 and 3)). In
addition, their sizes were large and ranged from one to tens of pm. Therefore, the
effect of the intermetallic particles on the high-temperature flow stress is probably
insignificant. However, o-Al(FeMn)Si dispersoids could possibly have a
strengthening mechanism during the high-temperature deformation. Li et al. [25]
reported that a large number of dispersoids with small sizes (45-50 nm) significantly
strengthened AA3004 at high temperatures. In this study, a-Al(FeMn)Si dispersoids
were observed in the Mn-containing alloy (0.1Mn) after a homogenization at 520
580 <C (Fig. 3. 6). However, owing to the low Mn level, the number density was

relatively low and the dispersoid size was relatively large (of the order of 0.5 m
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(Figs. 3 and 6)). It is unlikely that such a distribution could remarkably influence the
dislocation motion at high temperatures. For example, the number density of
dispersoids in the 0.1Mn alloy homogenized at 520 <C increased significantly with the
soaking time (Fig. 3. 6). However, the flow stress did not increase correspondingly
but exhibited a decrease (Fig. 3. 11b).

The similarity in the trends between the electrical conductivity and flow stress in
Figs. 7 and 11 suggests that the flow stress is closely related to the solid solution
levels. It was reported that solute elements can have a significant influence on the
high-temperature flow stress by interacting with the mobile dislocations and retarding
softening processes [22, 26]. Regarding the base alloy, with increasing
homogenization temperature from 520 to 580 <C, the fragmentation of the Fe-bearing
intermetallic, dissolution of primary Mg,Si, and solubility of the alloying elements
including Fe increased with temperature, resulting in a higher level of solute atoms in
the aluminum matrix and lower electrical conductivity (Fig. 3. 7a). Correspondingly,
the flow stress increased with increasing homogenization temperature (Fig. 3. 11a).
This tendency was interrupted for the homogenization at 580 and 610 <C, in which the
flow stress exhibited a sudden decrease owing to the grain growth (Table. 3. 2 and Fig.
3. 14). However, regarding the 0.1Mn alloy (where no grain growth occurred), the
solid solution level and flow stress followed the same trend for the tested
homogenization conditions. Increasing the homogenization temperature from 520 to
610 <C significantly increased the solid solution level in the matrix (Fig. 3. 7b). The

flow stress exhibited a corresponding increase (Fig. 3. 11b). In addition, the solid
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solution level decreased with extended soaking time for all homogenization
temperatures, indicating a reduced Mn solute level in the matrix. In line with this
trend, the flow stress at all homogenization temperatures also decreased slightly with
increasing soaking time (Fig. 3. 11b). The decrease in the Mn solid solution level in
the matrix with extended treatment time matches the increase in the Mn/Fe ratio in the
constituent particles. The same trend was reported for AA6082 [21]. Owing to these
changes in the solute level and ignoring the effects of the growth of giant grains, the
results of the current study suggest that the flow stress of a typical AA6060 alloy
containing up to 0.10 wt.% Mn can be changed by 6% via variations in the
homogenization conditions.

The incremental Mn addition from 0 to 0.1% moderately increased the flow stress
at all four homogenization temperatures by approximately 1 MPa (Fig. 3. 11c). This
represents an increase in the flow stress of 3%, which is still significant in terms of
commercial extrusion. Hence, micro-alloying additions of Mn can negatively impact
the flow stress of an alloy. However, in commercial alloys, the micro-alloying effect
of Mn is typically employed to contribute to the hot workability by facilitating the B-a
intermetallic transformation. Additionally, as presented in this paper, a small Mn
addition (>0.06%) effectively suppresses undesirable grain growth and enables
high-temperature homogenization (above 550 <C). The precise role of the small Mn
addition in preventing grain growth was not completely investigated in this work. It is
probably due to the increased constituent volume fraction and number density, which

result in an increase in grain boundary pinning.
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The experimental results demonstrate that the homogenization treatment can
reduce the flow stress and improve the hot workability. Obtaining a minimal flow
stress is desirable, which directly control the extrusion speed. However, other features
such as the fragmentation and transformation of Fe constituents and the removal of
micro-segregations also need to be realized. Consequently, the selection of the
homogenization conditions is often a trade-off. Regarding the investigated AA6060
alloys, the homogenization at a low temperature (520 <C) can reduce the flow stress
owing to a low solid solution level. High-temperature homogenization (>550 <C)
raises the flow stress by increasing the solid solution level. Nevertheless, it can
effectively promote the fragmentation of intermetallics. Regarding the base alloy (free
of Mn), the optimal homogenization treatment could be at 550 <C for 6 h, in which
the flow stress is still relatively low and the Fe-bearing intermetallics become partially
fragmented, whereas the growth of giant grains is suppressed. Regarding the alloy
with 0.1 wt.% Mn, a homogenization at 550-580 <C for 6 h could be the best trade-off
choice to balance the flow stress and achieve the desired microstructure. Under such
conditions, PB-AlFeSi particles completely transform into a-AlFeSi, and the
fragmentation level of the intermetallics is considerably high (Fig. 3. 3).

3.4 Conclusions
(1) The B-AlFeSi intermetallic was the dominant phase in the as-cast microstructure

of AA6060 alloys containing up to 0.10 wt.% Mn. During the homogenization,

intermetallic fragmentation occurred, and plate-like B-AlFeSi transformed into

rod-like a-AlFeSi. The micro-alloying with Mn promoted the transformation of
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B-AlFeSi into a-AlFeSi at lower temperatures.

(2) a-Al(FeMn)Si dispersoids were precipitated during the homogenization of the 0.1
wt.% Mn variant. The highest number density was observed at 520 <C, and
coarsening and dissolution occurred above 550 <C. Owing to their low number
density and relatively large size, the effect of dispersoids on the flow stress was
determined to be negligible.

(3) The flow stress behavior of homogenized AA6060 alloys was mainly determined
by the solid solution level. The increase in the homogenization temperature
resulted in higher flow stresses owing to the increase in Fe, Si solute levels
released from intermetallics in the aluminum matrix.

(4) The incremental Mn addition from 0 to 0.1% moderately increased the flow stress
by up to 3%. In Mn-containing alloys, the flow stress decreased with increasing
soaking time owing to the long-range diffusion of Mn to the constituent particles,
which exhibited a corresponding increase in the Mn/Fe ratio.

(5) The abnormal grain growth occurred in alloys with low Mn contents (<0.03Mn)
during the high-temperature homogenization (580-610 <C), which resulted in a
reduced flow stress and non-uniform deformation. Higher additions of Mn

(>0.06%) effectively prevented this effect.
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Chapter 4 Effect of post homogenization cooling rate and
Mn contenton Mg,Si precipitation and hot workability of

AAG060 alloys

Abstract

Three post homogenization cooling rates and three homogenization temperatures
were applied to direct chill cast AA6060 alloys. The microstructure evolution for
different homogenization conditions and the flow stress behavior during hot
deformation were systematically studied. During post homogenization cooling, Mg,Si
precipitated in the aluminum matrix, which had an important influence on the solid
solution level and the high temperature flow stress. Results revealed that decreasing
cooling rates reduced the flow stress significantly due to the precipitation of Mg,Si
and the reduction of the solid solution level. Micro-alloying with 0.1wt% Mn
generated a distribution of a-Al(FeMn)Si dispersoids during homogenization with the
size and number density decreasing and the Mn in solid solution increasing at higher
homogenization temperatures. TEM studies confirmed that a-Al(FeMn)Si dispersoids
acted as favorable nucleation sites of Mg,Si and thus greatly promoted the
precipitation of Mg,Si during subsequent cooling. As a result the high temperature
flow stress was controlled by the residual solid solution levels of Mg, Si and Mn
resulting from the interactions between dispersoid formation and Mg,Si precipitation.
The combination of the Mn addition, a low cooling rate and a low homogenization
temperature provided the lowest flow stress and a high number density of fine Mg,Si.

This combination improved the hot workability and should promote ready dissolution
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of Mg,Si during extrusion.
Keywords
6060 aluminum alloys, Cooling during homogenization, Mn addition, Mg,Si

precipitation, High temperature flow stress

4.1 Introduction

Al-Mg-Si 6xxx alloys possess an attractive combination of strength, excellent
formability and corrosion resistance as well as superior anodizing properties [1, 2].
AA6060 aluminum alloys are widely used for the parts with complex cross sections in
automobile and architecture industries, which are usually produced from the extrusion
process. In the industrial practice, the direct chill cast billets are first homogenized
and are then extruded. The objective of the homogenization is to modify the as-cast
microstructure and to improve the hot workability and mechanical properties of
extruded products. The homogenization consists of the heating, soaking and cooling
stages. During heating and soaking, fragmentation of constituent particles and
precipitation of dispersoids can occur, while during the cooling stage Mg,Si
precipitation takes place. These microstructure changes during homogenization can
have an important impact on the hot workability and downstream properties.

Extrusion under T5 condition is often used in the aluminum extrusion industry
due to the economic benefit of low cost production. T5 extrusion condition refers to
the in situ solution treatment and press quenching of extruded profiles in the extrusion

press followed by a subsequent artificial aging [3]. During this process, the
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supersaturated solid solution of Mg and Si is created, and thus no specific solution
treatment after extrusion is required. Extrusion under T5 condition provides not only
an economic advantage but also can avoid the negative influence of the high
temperature solution treatment on the distortion of the complex shapes of extruded
profiles [4]. Rapid post homogenization cooling tends to trap the Mg and Si in the
solid solution and prevent Mg,Si precipitation, resulting in an increase in the flow
stress, while a slow cooling may promote the precipitation of Mg,Si particles, leading
to the low flow stress and the improvement of hot workability [4, 5, 6]. However, if
the precipitated Mg,Si particles are too coarse, it is very difficult to achieve fully
dissolution during extrusion, which results in a partial loss of potential strengthening
in subsequent ageing step. For these considerations, the amount of Mg,Si particles
precipitated during cooling of homogenization should be high to reduce the flow
stress [7], but the particle size should be small for an easy dissolution during extrusion
[8].

A small addtion of Mn is normally made to 6xxx aluminum alloys in order to
modify the microstructure and control the recrystallization and grain structure. During
homogenization, Mn-containing dispersoids (a-Al(FeMn)Si) are often formed[9]. The
a-Al(FeMn)Si dispersoids can influence the deformation process and act as obstacles
to grain boundary migration and dislocation movement [10, 11]. Mn also has a
significant influence o4n the strength of aluminum alloys when present in solid
solution. Li et al. [12] found that the increase of Mn solutes in Al matrix increased the

microhardness in the AI-Mn—Mg—Si alloy. Liu [13] reported that with increasing
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addition of Mn, the flow stress increases significantly in the AA6082 alloy. It is also
reported that the dispersoids formed during homogenization may act as heterogeneous
nucleation sites for the precipitation of Mg,Si phases [14, 15].

Several research works have been performed on various effects of the cooling
during homogenization in 6xxx alloys. It was reported that during the cooling stage in
an AA6063 alloy, Mg,Si precipitation was promoted by decreasing the cooling rate
from 2000 to 100 <C /h [16]. However, a further decrease in the cooling rate below
100 <T/h led to coarser Mg,Si particles. It was confirmed that the equilibrium
B-Mg,Si was the predominant phase precipitated during 1000-250 <T/h cooling after
homogenization at 580 <C for 8h in an AA6082 alloy [17]. Birol [18] reported that a
low quenching temperature during cooling led to more Mg,Si precipitation and
resulted in the decrease of the room temperature hardness in 6082 alloy. In our
previous work [19], the influence of the homogenization treatment (temperature and
soaking time) on the hot workability of AA6060 alloys was investigated. It was found
that the flow stress behavior of the homogenized AA6060 alloys was mainly
determined by the solid solution level. However, few studies have been focused on the
effect of the cooling practice of homogenization on the hot deformation behavior. In
addition, the interaction of heterogeneous nucleation between dispersoids and Mg,Si
during homogenization is not well understood.

In the present study, the microstructure changes in AA6060 alloys with and
without a Mn addition were examined during homogenization as a function of soak

temperature and cooling rate with particular emphasis on the role of dispersoid and
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Mg,Si particles. The effects of microstructure on high temperature flow stress

behavior during hot deformation were then investigated by hot compression testing.

4.2 Experimental

Experiments were conducted on two AA6060 alloys with and without a 0.1wt%
Mn addition. All samples were taken from direct chill (DC) cast billets with a
diameter of 101 mm, provided by the Arvida Research and Development Center, Rio
Tinto Aluminium in Saguenay, Quebec. The chemical compositions of two
experimental alloys are listed in Table 4. 1. All samples for microstructural analysis
and hot deformation were taken 15 mm away from the cast surface of billets to avoid
possible microstructural and compositional variations. The samples were
homogenized at 515, 545 and 575°C for 6 hours and cooled at three cooling rates, e.g.
water quenching, 500°C/h and 100°C/h. The samples were mounted and polished for
microstructure observation. To reveal the microstructure details, the polished samples
were etched with a 0.5% HF solution for 40 seconds. The microstructure examination
was performed using optical microscopy, scanning electron microscopy (SEM,
JEOL-6480LV) and transmission electron microscopy (TEM, JEM-2100).
Quantitative image analysis for Mg,Si and dispersoid distributions was performed
based on SEM images on the etched surfaces. When quantify the dispersoids size, at
least 40 dispersoids were measured, equivalent diameter of the particles was used as
the dispersoids size.  Electrical conductivity (EC) after homogenization was

measured at room temperature using a Sigmascope SMP10 eddy current device. The
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average value of each sample was taken from 5 measurements.

For hot deformation testing, cylindrical specimens of 10 mm diameter and 15
mm in height were machined out from the DC cast billets after homogenization.
Uniaxial hot compression tests were performed at 400 and 500 T with strain rates of
1 s using a Gleeble 3800 thermo-mechanical testing unit. Specimens were heated at
a rate of 2 <C/s to the desired temperature and held for 180 s to ensure a uniform
temperature distribution. The specimens were deformed to a total true strain of 0.75
followed by water quench.

Table 4. 1 Chemical composition of two experimental alloys (wt.%)

Alloys Mg Si Fe Mn Al
Base alloy 0.37 0.50 0.17 - Bal.
0.1Mn alloy 0.37 0.51 0.19 0.10 Bal.
4.3 Results

4.3.1 Microstructures
4.3.1.1 As-cast Microstructures

The as-cast microstructures for the base and 0.1Mn alloys are shown in Fig. 4. 1.
As indicated, the as-cast microstructure of the base alloy (Fig. 4. 1a) was composed of
aluminum dendrite cells (Al matrix) and large plate-like B-AlFeSi intermetallic (gray)
and primary Mg,Si particles (dark) distributed along the dendrite boundaries. For the
0.1Mn alloy (Fig. 4. 1b), the microstructure was similar to the base alloy, indicating

the presence of 0.1% Mn had almost no influence on the as-cast microstructure.
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Fig.4. 1 Microstructures of as-cast (a) base alloy and (b) 0.1Mn alloy

4.3.1.2 Microstructures after homogenization with water quench

The homogenized microstructures of the base and 0.1Mn alloys with the fastest
cooling rate (water quench) are shown in Fig. 4. 2. To reveal more details, the samples
were etched with a 0.5% HF solution for 40 seconds. In general, fragmentation of
intermetallics was observed in both alloys. Large plate-like B-AlFeSi particles were
replaced by more rounded and separate particles, which were a-AlFeSi in the base
alloy (Fig. 4. 2a) and a-Al(FeMn)Si in the 0.1Mn alloy (Fig. 4. 2b, c, d) respectively.
In the base alloy, there was no phase precipitation in the aluminum matrix (Fig. 4. 2a).
In contrast, a number of dispersoids were evident in the 0.1Mn alloy (Fig. 4. 2b, c and
d). The apparent number density of the dispersoids became smaller with increasing
homogenization temperature. In addition, a non-uniform distribution of dispersoids
was observed with preferential precipitation near the interdendritic region. This was
closely related to the concentration gradient of solution elements formed during

solidification. The interdendritic region presented higher level of alloying elements
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and provided larger driving force for the precipitation of dispersoids. The dispersoids

were closely observed by SEM, the images are inserted in Fig. 4. 2b and c.

(b)

!

Fig.4. 2 Microstructures of homogenized sample with water quench: (a) the base alloy
homogenized at 545 °C, the 0.1Mn alloy homogenized at 515 °C (b), 545 °C (c) and
575 °C (d). SEM images are inserted in Fig.4.2 b and c.

Fig. 4. 3a shows a bright field TEM image of typical dispersoids in the 0.1Mn
alloy after homogenization at 545 °C for 6h with water quench. The dispersoids are
present with short plate and rod forms, which can be attributed to the projection of

plate-like morphology in a 2D image. According to the TEM-EDX analysis (Fig. 4.
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3b), the dispersoids were identified as a-Al(FeMn)Si, which corresponds with earlier
work [10, 13]. Fig. 4. 4 shows the evolution of the number density and equivalent
diameter of the dispersoid particles, measured by image analysis on a series of SEM
images. With increasing homogenization temperature from 515 to 575°C, both the
number density and size of dispersoids decreased, consistent with a dissolution

process.

(a) Spectrum 2
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Fig.4. 3 (a) TEM bright field image and (b) TEM-EDX results of dispersoids in the

0.1Mn alloy after 545 °C of homogenization for 6h with water quench.
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Fig.4. 4 Dispersoids number density and size in the 0.1Mn alloy after homogenization

at different temperatures with water quench

4.3.1.3 Microstructures after homogenization with 500 °C/h and 100 °C/h cooling
rates

The microstructures of the base and 1Mn alloys after homogenization at 545 °C
and cooling at 100 °C/h are shown in Fig. 4. 5. The precipitation of Mg,Si was
observed in the aluminum matrix of both alloys. For the base alloy (Fig. 4. 5a), when
compared to the water quenched samples (Fig. 4. 2a), it is evident that a high number
of Mg,Si particles precipitated inside the matrix. In the 0.1Mn alloy (Fig. 4. 5b), the
precipitation of Mg,Si was mixed with the pre-existing dispersoids. Compared to the
base alloy, an overall higher number density and finer size of Mg,Si particles was

observed.
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Fig.4. 5 Microstructures of (a) the base alloy and (b) the 0.1Mn alloy homogenized at

545°C for 6h with 100 °C/h cooling

Fig. 4. 6 displays a series of typical SEM images showing the precipitation of
Mg,Si at high magnification in the base and 0.1Mn alloy after different
homogenization conditions. In general, the Mg,Si particles exhibited a rod-like
morphology and clear changes in size and number density as a function of the Mn
content and homogenization conditions. A higher number density and finer Mg,Si
particle size were observed in the 0.1Mn alloy compared to the base alloy.
Quantitative analysis of Mg,Si particles in term of the number density and size was
performed based on SEM images. The Mg,Si number density was calculated as the
amount of Mg,Si particles in a unit area including the region having less particle
distribution. The size of Mg,Si was defined as the length of rod-like Mg,Si particles.
Fig. 4. 7 shows the evolution of the number density and size of the Mg,Si particles. In

general for both alloys, the 100 °C/h cooling rate resulted in a higher number density
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and larger size than a faster rate of 500°C/h. In addition, the 0.1Mn alloy produced a
higher Mg,Si particle number density and smaller size than the base alloy for the
same homogenization condition. In the base alloy (Fig. 4. 7a), the Mg,Si number
density and size remained nearly unchanged with the increasing homogenization
temperature. However, in the 0.1Mn alloy (Fig. 4. 7b), the Mg,Si number density
decreased while the size increased slightly with increasing homogenization

temperatures.
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homogenization conditions
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Fig. 4. 7 The number density and size of Mg,Si in (a) the base alloy and (b) 0.1Mn

alloy after homogenized with different cooling rates at different temperatures.

4.3.2 Electrical conductivity and elements in the solution

Electrical conductivity after homogenization was used to monitor the solid
solution level in the aluminum matrix. Fig. 4. 8 illustrates the impact of the cooling
rate and homogenization temperature on the electrical conductivity of the
experimental alloys. In both cases, the electrical conductivity increased with
decreasing cooling rates due to the precipitation of Mg,Si and hence the reduced solid
solution level. However, the changes in electrical conductivity with cooling rate for
the 0.1Mn alloy were greater than those in the base alloy. For example, at a fixed
homogenization temperature of 545<C, the electrical conductivity decreased by
2.55 %IACS in the base alloy as the cooling rate shifted from the water quench to the
100<C/h cooling rate, while the change in electrical conductivity of the 0.1Mn alloy

was 3.67 %IACS, which is 30.5% larger than that of the base alloy. The greater
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change in the electrical conductivity in the 0.1Mn containing alloy reflects a larger

amount of Mg,Si precipitation at the same cooling condition due to nucleation on the

AlIMnFeSi dispersoids (Fig. 4. 6). In the base alloy, electrical conductivity remained

nearly unchanged with increasing homogenization temperature, indicating the limited

influence of homogenization temperature on the solid solution level, which is

associated with a constant number density and size of Mg,Si (Fig. 4. 7a). However,

the electrical conductivity in the 0.1Mn alloy decreased with the increasing

homogenization temperature. This was believed to be related to the dissolution of

dispersoids at high temperatures and the increased level of Mn in solid solution (Fig.

4. 2b, ¢, d and Fig. 4. 4).
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Fig.4. 8 Electrical conductivity of (a) base alloy and (b) 0.1Mn alloy as a function of

the cooling rate and homogenization temperature

4.3.3 High temperature flow stress

To study the hot workability of the experimental alloys, compression tests were
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performed at the temperatures of 400 < and 500 <T with a strain rate of 1 s™.
Samples homogenized at 575 <C were chosen to illustrate typical true stress-true
strain curves and these are shown in Fig. 4. 9.

In the most cases, the flow stress increased sharply at the beginning of
deformation, due to the dislocation multiplication and the high rate of work hardening
[20, 21]. Shortly afterwards, the flow stress experienced a slow increase until the end
of the deformation process, indicating the balance between dynamic work hardening
and dynamic softening. It was evident that the flow stress was temperature dependent,
and the deformation at 400 °C showed higher flow stress levels than at 500 °C. The
higher flow stress at lower deformation temperature was due to a stronger dynamic

work hardening, which was a general trend in hot deformation [22].
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Fig.4. 9 True stress-true strain curves of the samples after 575 <C homogenization

with 1 s strain rate

To better compare the effect of the cooling rate and homogenization temperature

on hot workability, the flow stress values at a strain of 0.75 are plotted in Fig. 4. 10. It

is evident that the flow stress decreased with reduced cooling rate at deformation

temperatures of 400 and 500<C. The trends with homogenization temperature and

cooling rate are very similar for the two deformation temperatures. This suggests that

although the higher temperature of 500<C was above the Mg,Si solvus of ~ 470<C,
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the rapid heat to the test temperature and short soak before deformation was
insufficient to dissolve the Mg,Si particle distribution produced by homogenization.
The water quenched samples gave the highest flow stress, while the samples with the
lowest cooling rate of 100 <T/h exhibited the lowest flow stress for both alloys. In
addition, the flow stress of the base alloy showed low sensitivity to homogenization
temperature (Figs. 4. 10a and 4. 10c), whereas in the case of the 0.1Mn alloy (Fig. 4.
10b, d) the flow stress increased moderately with increasing homogenization
temperature. Changes in cooling rate resulted in different flow stress responses for the
two alloys. For example, with an homogenization temperature of 545°C and
deformation at 400°C, the increment in flow stress between water quenching and
100<C/h cooling was 6.9 MPa for the base alloy (Fig. 4. 10a), while for the 0.1Mn
alloy, a larger decrease of 8.4MPa was observed (Fig. 4. 10b). The wider variation
for the Mn containing alloy was probably due to enhanced Mg,Si precipitation on Mn
dispersoids at low cooling rates and increased Mn in solid solution for the water
quenched condition. It is clear that overall the flow stress behavior showed a similar
but reversed tendency with the electrical conductivity when the results between Fig. 4.
10 and Fig. 4. 8 are compared, suggesting that the high temperature flow stress was

closely related to the solid solution levels [19].
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Fig.4. 10 Flow stresses at 0.75 strain of experimental alloys as a function of the

cooling rate and homogenization temperature

4.4 Discussion

Two AA6060 aluminum alloys (base and 0.1Mn) were studied and the results

revealed that the water quench samples retained nearly all of Mg and Si in solution,

while the samples with post homogenization cooling rates of 500 and 100°C/h

contained Mg,Si

precipitates formed during cooling. The extent of Mg,Si

precipitation varied with cooling rate resulting in changes to the Mg and Si solid
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solution levels. In the case of the Mn containing alloy, the Mn solid solution level also
varied with the homogenization temperature. It is reported that solute elements can
significantly influence hot deformation behavior of aluminum alloys by hindering
dislocation movement and creation of pile-ups [23, 24], which in turn leads a
significant hardening and contributes to an increase in flow stress.[25, 26]. The flow
stress behavior of the two alloys studied here is therefore related to variations in Mg
and Si solid solution levels with cooling rate, variations in Mn in solid solution caused
by changes in homogenization temperature and also interactions between Mn

dispersoids and Mg,Si precipitation.

4.1 Effect of the cooling rate and dispersoids on Mg.Si precipitation and flow
stress

In the present study, the cooling rate played a predominant role controlling the
Mg and Si solid solution levels in the aluminum matrix and hence the flow stress. For
both alloys  water quenching after homogenization suppressed any Mg,Si
precipitation and resulted in the highest level of Mg and Si in solution and hence the
highest flow stress. Cooling at the intermediate rate of 500 <C/h promoted Mg,Si
precipitation (Fig. 4. 7), the solid solution level in the matrix decreased and the flow
stress also correspondingly decreased (Fig. 4. 10). Decreasing the cooling rate to
100 <C/h, resulted in increased Mg,Si precipitation and a corresponding further
decrease in flow stress (Fig. 4. 10) due to the even lower solid solution level in the

matrix (Fig. 4. 7).
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In the 0.1Mn alloy, o-Al(MnFe)Si dispersoids precipitated during
homogenization (Fig. 4. 2b, ¢, d) and acted as nucleation sites for Mg,Si formation
during cooling. For the same cooling conditions (500 <T/h or 100 <T/h), the 0.1Mn
alloy always produced a higher Mg,Si particle number density and finer size
compared to the base alloy free of dispersoids. The enhanced Mg,Si precipitation in
turn reduced the Mg and Si solid solution levels and further decreased the flow stress
(Fig. 4. 10). However, with increasing homogenization temperature, the dispersoid
number density decreased due to coarsening and dissolution (Fig. 4. 4), resulting in a
corresponding decrease in the Mg,Si number density and an increase in particle size
(Fig. 4. 7b). This contributed to the flow stress increase with homogenization

temperature for the Mn containing alloy (Fig. 4. 10b and d).

Comparison of the flow stress values for the Mn free and Mn containing alloys
for both deformation temperatures in Fig. 4. 10 reveals a difference in behavior
dependent on the homogenization temperature. At the lowest temperature (515<C)
the Mn containing alloy gave a lower flow stress for all cooling rates whereas for
homogenization at the highest temperature of 575<C the Mn containing alloy always
gave the highest flow stress. This can be rationalized in terms of the Mn dispersoid
formation. At 515<C a high density of dispersoids was produced giving a low level
of Mn in solid solution and additionally the dispersoids promoted increased Mg,Si
precipitation compared to the base alloy giving low levels of Mg and Si in solution

resulting in a lower flow stress. Conversely at 575<C the Mn solid solution level
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was higher resulting in a lower density of dispersoids such that for cooling rates of
500 and 100 <C/hr the Mg,Si particle density was only slightly higher than for the base
alloy. In this situation the Mg and Si levels in solution were quite similar such that
the Mn solid solution level dominated the flow stress behavior. This is reflected in
the fact that after water quenching, where all the Mg and Si were held in solution, the
flow stress of the Mn containing alloy was higher than the base alloy. For a
homogenization temperature of 545<C the comparative behavior of the two alloys was
between these two extremes; after water quenching the flow stress was higher for the
0.1Mn alloy due to higher Mn in solution whereas after 100<C/h cooling the flow
stress was lower for the Mn containing alloy indicating the decreased Mg and Si in
solution due to heterogeneous precipitation on dispersoids reduced the flow stress
compared to the base alloy. These results clearly indicate that the presence of the
dispersoids resulting from a Mn addition to AA6060 can promote Mg,Si precipitation
during the cooling, and reduce the high temperature flow stress which is beneficial for
extrudability. However, care has to be taken in selection of the homogenization
temperature to prevent the Mn solid solution level dominating the flow stress
response.

TEM investigation revealed a close nucleation and growth relationship between
dispersoids and Mg,Si during homogenization cooling (Fig. 4. 11). In the 0.1Mn alloy
as indicated with the arrows, the Mg,Si particles always precipitated on the
pre-existing dispersoids. This phenomenon was observed at both cooling rates (Fig. 4.

11a and b for 100 °C/h and Fig. 4. 11c and d for 500 °C/h). During the
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homogenization cooling, the driving force for the Mg,Si precipitation is the
supersaturation of Mg and Si in aluminum solid solution. Although the nature of the
crystallographic relation between this type of dispersoid and Mg,Si is still not well
understood, the TEM finding provided the strong evidence that the pre-existing
dispersoids could act as favorable nucleation sites for the subsequent precipitation of
Mg,Si. The greater the dispersoid density, for example from low temperature
homogenization, the more Mg,Si particles precipitated and the more uniform the
distribution.

The multiple benefits of the nucleation effects between dispersoids and Mg,Si
have been known for many years, but the mechanisms are still not completely
understood. The earlier literature [14] indicates that when Mg,Si particles first form in
the aluminum matrix during the heating stage of homogenization, the dispersoids can
nucleate on the metastable Mg,Si phase or its transition phase in Al-Si-Mg 6XxxX
alloys. It was also reported in Al-Mg-Si alloys that Mg,Si provided an essential
condition for the formation of a-Al(MnFe)Si dispersoids during heat treatment [27].
Recently, Li et al. [28] reported that o-Al(MnFe)Si dispersoids preferentially
nucleated and grew in the original orientation of pre-existing ’-Mg,Si during heating
of 3xxx alloys. On other hand, Reiso [15] investigated the Mg,Si precipitation in
Al-Mg-Si alloy after extrusion with force air cooling. It was found that Mg,Si
precipitated preferentially on pre-existing AlFeSi dispersoids, and the amount of

Mg,Si increased with increasing number density of AlFeSi dispersoids.
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Fig.4. 11 TEM bright field images showing that Mg,Si precipitated and grew on the
pre-exiting dispersoids in the 0.1Mn alloy after homogenization at 515 °C with 100

°C/h cooling rate (a and b) and 500 °C/h cooling rate (¢ and d).

It should be mentioned that the presence of dispersoids and Mg,Si particles under
certain conditions could effectively pin dislocations, which in turn increases the flow
stress during hot deformation if their number density is enough high and particle size
is fine [23]. However, in the present work, the amount of both dispersoids and Mg,Si
was fairly low and the interparticle spacing of the dispersoids and Mg,Si particles was

too large (Figs. 4. 4 and 4. 7). Therefore, the effect of dispersoids and Mg,Si particles
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on high temperature flow stress can be almost neglected. For example, at the 400 °C
deformation condition, the flow stress of the base alloy with 100 °C/h cooling rate
was 49 MPa, while the flow stress of the 0.1Mn alloy that exhibited a reasonable

amount of dispersoids and Mg,Si was actually slightly lower(48 MPa).

4.5 Industrial aspect

In the direct hot extrusion process for aluminum alloys, DC cast and
homogenized billets are preheated to a selected temperature and then loaded into the
press and extruded to obtain the desired profile. Fig. 4. 12 shows the schematic
extrusion pressure and temperature curves as the billet passes through the extrusion
process [15]. The press force at extrusion breakthrough is a limiting factor for the
process in terms of productivity as a given press can only provide a certain press force.
The breakthrough force results from a combination of the billet container friction and
the force required to push the billet through the die. As a result the press force is
highest at the very start of extrusion when the billet length is the greatest. The lower
the breakthrough pressure the higher the extrusion speed a given press can achieve
and this also allows lower billet temperatures to be used with further gains in press
productivity. Furthermore a lower flow stress results in a lower temperature rise
during in extrusion which can effectively increase the extrusion speed at which
surface defects are encountered. The work done during extrusion is mainly
converted to heat which results in a temperature rise as the metal passes through the

die as shown in Fig. 4. 12. Typically this is controlled such that the product reaches
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a temperature above the Mg,Si solvus. With the rapid diffusion rates encountered
during hot deformation, the Mg,Si particles in the billet can be dissolved and the
extrusion process is used as a solution treatment step for the majority of 6XXX

extrusion.

Peak temperature \

Temperature

— — —Extrusion force

Mg Si solvus

Peak extrusion force\

Pre-heating

Time

Fig.4. 12 A schematic of extrusion force and temperature curves during extrusion

The material flow stress clearly has a direct effect on the extrusion force, the
force at breakthrough and corresponding extrusion productivity. Small differences
of 1-2% can translate into significant improvements in extrusion speed. The present
work has shown that the flow stress can be significantly reduced by slower post
homogenization cooling rates to enhance Mg,Si precipitation and reduce Mg and Si
solid solution levels.  This can be further enhanced with an addition of Mn combined
with the correct choice of homogenization temperature. However, care has to be
taken to avoid excessive Mn levels in solution which can counteract the effect.

Although Mg,Si particles are normally dissolved during extrusion due to the
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temperature rise, the controlling breakthrough pressure occurs at the beginning of the
cycle when the post homogenized Mg,Si distribution is still substantially present.
Obviously, care has to be taken not to produce a billet where the Mg,Si particles are
too coarse to be dissolved during the extrusion thermal cycle as this could result in a
loss of mechanical properties.

The current study has also shown that the addition of 0.10wt% Mn can reduce
the Mg,Si particle size compared to a Mn free alloy over a wide range of
homogenization temperatures (Fig. 4. 7). In combination with 100<C/hr cooling and
homogenization at 515<C, the 0.1Mn addition produced a higher Mg,Si particle
number density and lower size (Fig. 4. 7b) than the base alloy resulting in a
significantly lower flow stress (Fig. 4. 10). Using a homogenization temperature of
545°C, and commercially achievable cooling rates of 100-500<C/hr, the flow stress
for the 0.1Mn alloy was similar to that of the base alloy, but the Mg,Si particle
number density was higher and the particle was size finer than that for the base alloy.
This should still be advantageous for Mg,Si dissolution during extrusion. At the
highest homogenization temperature (575°C), the Mg,Si number density in the
0.10Mn alloy decreased and the particle size increased due to coarsening and partial
dissolution of dispersoids. Although the particles were still finer than in the base alloy,
which is beneficial for Mg,Si dissolution during extrusion, the flow stress was higher
than the base alloy, due to the increased Mn in solid solution, which would be

detrimental to extrudability.
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4.6 Conclusions

(1) During post homogenization cooling of AA6060 alloys at commercially relevant
rates, Mg,Si particles precipitated in the aluminum matrix, and their number
density and size had a significant effect on the solid solution level and high
temperature flow stress.

(2) At lower post homogenization cooling rates, the flow stress decreased due to the
precipitation of Mg,Si and the reduction of solid solution levels. The lowest
cooling rate tested (100 °C/h), produced the lowest flow stress corresponding to
the maximum precipitation of Mg,Si.

(3) Micro-alloying of 0.1% Mn in AA6060 alloys generated a reasonable number of
a-Al(FeMn)Si dispersoids during homogenization. These acted as favorable
nucleation sites for Mg,Si and promoted the precipitation of Mg,Si during post
homogenization cooling, resulting in a higher number density and smaller size of
Mg,Si compared to the base alloy free of Mn.

(4) The benefits of the 0.10wt%Mn addition varied with the homogenization
temperature applied, reflecting the relative effects on Mg, Si and Mn solid
solution levels:

a) At 515<C the flow stress was reduced compared to the base alloy and the
Mg,Si particle size was reduced

b) At 545<C the flow stress was similar to the base alloy but the Mg,Si particles
size was still reduced

c) At 575<C the flow stress was increased due to the Mn solid solution level but
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the Mg,Si particle size was still finer than the base alloy.
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Chapter 5 Effect of Mn addition and its related
Mn-containing dispersoids on the hot deformation behavior

of 6082 aluminum alloys

Abstract

The hot deformation behaviors of 6082 aluminum alloys containing different Mn
contents (0.05-1.0 wt%) were systematically investigated by uniaxial compression
tests in a temperature range of 400-550 <C and strain rate range of 0.001—1 s™. Prior
to the hot deformation, a low-temperature homogenization (450 <C for 6 h) was
carried out on direct-chill cast billets to promote the precipitation of Mn-containing
dispersoids. The large numbers of dispersoids in the Mn-containing alloys yielded
significantly increased high-temperature flow stresses, compared to that of the base
alloy without dispersoids. The material constants and activation energies for hot
deformation were determined using the hyperbolic-sine constitutive equation and
experimental peak flow stress data. The activation energy increased from 191 kJ/mol
for the base alloy to 286 kJ/mol for the alloy with 0.5% of Mn. With further increase
in Mn content, the activation energy increased only moderately to 315 kJ/mol for the
alloy with 1.0% of Mn. The influences of the Mn content and deformation conditions
on the dynamic recovery and recrystallization were quantitatively analyzed. The
precipitation of dispersoids in the Mn-containing alloys promoted the retardation of
the dynamic recovery and inhibition of the recrystallization owing to their strong

pinning effect on the dislocation movement and subgrain migration.
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Activation energy, Dynamic recovery and recrystallization

5.1. Introduction

In recent years, driven by the automotive and aerospace industries, the demand
for aluminum alloys operating at elevated temperatures has increased. Dispersoid
strengthening is one of the most important hardening mechanisms in aluminum alloys
for elevated temperature applications, which has led to an increasing academic and
industrial interest for the development of dispersoid-strengthened aluminum alloys
[1-4]. Recent studies have demonstrated that the addition of Mn or its combinations
with other transition elements can introduce a high number of thermally stable
nano-sized dispersoids, such as a-Al(MnFe)Si in 3xxx alloys [2,5,6], Alg(MnFe) in
5xxx [7,8], and a-Al(MnFe)Si in Al-Si foundry alloys [3,9,10], providing remarkable
increases in strengths at room temperature and particularly at elevated temperatures.
For Al-Mg-Si 6xxx alloys, Mn is an important alloying element to increase the
strength and control the grain structure [11]. Among the other 6xxx alloys, the 6082
alloys have a high potential for the formation of dispersoids owing to their high
contents of Mn and Si, which are supersaturated in the as-cast state and follow the
decomposition of the supersaturated solid solution during the heat treatment to
precipitate a considerable number of dispersoids [12,13]. The addition of Mn in 6082

alloys could significantly enhance the precipitation of a-Al(MnFe)Si dispersoids

129



during the homogenization [13,14]. In a recent study by Li [15], it is found that
a-Al(FeMn)Si dispersoids in 6082 alloys started to precipitate at 350 <C and reached
the highest number density at 400-450 <C. At temperatures higher than 500 <C, the
dispersoids coarsened and the number density sharply decreased with time.

The production of aluminum wrought alloys involves many steps, starting
mainly with direct chill (DC) casting of billets/ingots and processing with a
homogenization heat treatment, followed by hot deformation processes, such as
extrusion, rolling, or forging. The high-temperature flow stress is one of the most
significant factors for the hot deformation regime owing to its substantial impacts on
the required deformation load and kinetics of the metallurgical transformation [16].
The high-temperature flow stress was closely related to the alloy chemistry,
homogenization heat treatment history, and microstructure [14,16,17]. In general, Al-
Mg-Si 6082 alloys prior to the hot deformation are subjected to a high-temperature
homogenization treatment (550-580 <C) [14], where dispersoids could precipitate
during the heating. The sizes and number density of the dispersoids have an important
role in determining the high-temperature flow stress, retardation of the dynamic
recovery (DRV), and inhibition of the recrystallization. However, after such
high-temperature homogenization treatments, the Mn-containing dispersoids in the
6082 alloys were coarsened and dissolved, leaving a limited number of dispersoids in
the aluminum matrix [12-14]. Several studies have been carried out to investigate the
effects of Zr and V and related dispersoids on the flow stress behavior and inhibition

of the dynamic recrystallization (DRX) in 7xxx alloys [18-20]. However, a systematic
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investigation of the effects of Mn and related Mn-containing dispersoids on the hot
deformation behaviors and deformed microstructures of Al-Mg-Si 6xxx alloys has
not been carried out.

Different types of constitutive equations have been applied to analyze and
predict the hot deformation behaviors of aluminum alloys. Among the many equations
and models, the hyperbolic-sine Arrhenius-type equation proposed by Sellars and
McTegart [21] is widely used for the constitutive analysis over wide ranges of
temperature and strain rate. Using this constitutive equation, the activation energy, Q,
for hot deformation could be derived based on a series of flow stress data. The Q
values were often used to compare the difficulty degrees of plastic deformation of
different aluminum alloys [19,20,22]. Recent studies demonstrated that Q of an alloy
was not constant, but might vary with deformation conditions (mainly temperature
and strain rate) [23-25]. The changes in hot deformation flow stress and activation
energy are closely related to the balance between the dynamic work hardening and
dynamic softening under a specific hot deformation condition [19]. DRV and DRX
are the main softening mechanisms during the deformation at a high temperature [26—
28]. The DRV is associated with changes in density and distribution of line defects,
while DRX occurs through a progressive transformation of subgrains to newly formed
grains as well as grain boundary migration [19,20]. The effects of Zr-containing
dispersoids (AlsZr) and V-containing dispersoids (Al1;V) on the DRV and DRX in
7xxx alloys have been thoroughly studied [18-20]. The softening mechanism of 7050

alloys shifted from DRV to DRX with a decrease in Zener—Hollomon parameter (Z)
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[19,29]. However, the influences of Mn-containing dispersoids (a-Al(MnFe)Si) on the
deformed microstructures of 6xxx alloys owing to the DRV and DRX are still not well
understood.

In this study, we focused on the effects of Mn and related Mn-containing
dispersoids on the hot deformation behavior of 6082 aluminum alloy. In contrast to
the usual high-temperature homogenization, a low-temperature homogenization at
450 <T for 6 h was applied to DC cast billets to promote the maximum precipitation
of Mn-containing dispersoids prior to the hot deformation. The influences of different
Mn contents (0.05-1.0 wt%) on the high-temperature flow stresses as a function of
the deformation temperature and strain rate were studied. Using the hyperbolic-sine
constitutive equation, the material constants and activation energies for hot
deformation were calculated based on flow stress data. The microstructural evolution
of the alloy during the hot deformation was investigated to understand the effects of

the dispersoids on the DRV and DRX.

5.2. Experimental

Experiments were carried out on four 6082 alloys without and with different Mn
contents of 0.5-1.0% (denoted as the base, 0.5Mn, 0.75Mn, and 1Mn alloys). The
materials were obtained from DC cast billets with diameters of 101 mm, provided by
the Arvida Research and Development Center of Rio Tinto in Saguenay, Quebec. The
chemical compositions of the alloys analyzed by optical emission spectroscopy are

presented in Table 5. 1. To promote the precipitation of a large number of dispersoids,
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homogenization at a relatively low temperature of 450 <C for 6 h at a heating rate of
100 <C/h, followed by water quenching at room temperature, were applied to the DC
cast billets prior to the hot deformation, aiming to evaluate mainly the dispersoid

effects on the hot deformation behaviors of the 6082 alloys.

Table 5.1 Chemical compositions (wt.%) of the experimental alloys.

Alloy Mg Si Fe Mn Al

Base 0.79 1 0.18 0.05 Bal.
0.5Mn 0.83 1.01 0.22 0.50 Bal.
0.75Mn 0.84 1.02 0.23 0.72 Bal.
1Mn 0.81 1.02 0.24 0.99 Bal.

After the homogenization, cylindrical specimens having diameters of 10 mm and
lengths of 15 mm were machined for uniaxial hot compression tests, performed in a
Gleeble 3800 thermomechanical testing unit. The specimens were heated at a rate of
2 Tls to the desired temperature and held for 180 s to ensure a homogeneous
temperature distribution. The deformation temperatures were 400, 450, 500, and
550 <C, while the strain rates were 1, 0.1, 0.01, and 0.001 s™. The specimens were
deformed to a total true strain of 0.75 and then immediately water-quenched to retain
the deformed microstructures at the specific temperature and strain rate.

To analyze the microstructures of the as-homogenized materials, the polished samples
were etched with a 0.5% HF solution for 40 s and investigated using optical

microscopy (Nikon, Eclipse ME600) and scanning electron microscopy (SEM,
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JEOL-6480LV). All deformed samples were sectioned parallel to the compression
axis along the centerline and metallographically prepared. An electron back-scattered
diffraction (EBSD) analysis was carried out in the SEM to investigate the grain
structures under different deformation conditions. In the EBSD image analysis, the
boundaries of grains and subgrains were defined as low-, medium-, and high-angle
boundaries with misorientation angles of 2-5< 6-15< and larger than 15<
respectively. Misorientation angles below 2 “were not considered to avoid the noises
caused by the sample surface and polishing conditions. The step size of the EBSD
analysis was set to 0.5 um. Bisides, the subgrain size of the deformed samples was
measured using the line intercept method [20, 22], the subgrian was defined as the
grians separated by the low- and medium-angle boundaries. To ensure the statical
reliability, more than 100 subgrains were measured in each deformed sample, EBSD
step size was set to 0.2 um. To observe the Mn-containing dispersoids in detail,
transmission electron microscopy (TEM, JEM-2100) operated at 200 kV was
employed. TEM thin foils were prepared by a twin-jet polishing unit using a solution

of 30% nitric acid and 70% methanol at 15V and - 20 <C.

5.3. Results
5.3.1. Microstructure after heat treatment

The microstructures of the base and 0.75Mn alloys after the heat treatment at
450 <C for 6 h are shown in Fig. 5. 1. The microstructures were composed of

aluminum dendrite cells (Al matrix), Fe-rich intermetallics (white) distributed along
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the dendrite boundaries, and primary Mg,Si particles (black) mostly colocated with
the Fe-rich intermetallics. The intermetallics exhibited a plate-like morphology
(B-AlFeSi, Fig. 5. 1a) in the base alloy and Chinese-script-like morphology
(o-Al(FeMn)Si, Fig. 5. 1b) in the 0.75Mn alloy. As the microstructures of the three
Mn-containing alloys (0.5Mn, 0.75Mn, and 1Mn) after the heat treatment were similar,

only the typical microstructure of the 0.75Mn alloy is presented.
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Fig. 5.1 Microstructures of the base (a) and 0.75Mn (b) alloys after heat treatment of

450 <C for 6h.

After the etching with the 0.5% HF, the dispersoids can be clearly revealed in the
three Mn-containing alloys (Fig. 5. 2). In the base alloy, no change in the aluminum
matrix was observed, indicating the absence of dispersoid formation (Fig. 5. 2a). On
the contrary, dispersoid zones emerged inside the aluminum dendrite cells and large
numbers of dispersoids precipitated in the three Mn-containing alloys (as an example,
the 0.75Mn alloy is shown in Fig. 5. 2b and c). However, in the interdendritic regions

containing the Fe-rich intermetallics and primary Mg,Si, almost no dispersoids were
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observed (Fig. 5. 2c), which are thus defined as particle-free zones (PFZs).
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Fig. 5.2 Microstructures after heat treatment and etched with 0.5% HF for 40 s: the
base alloy showing no evidence of dispersoids (a), the 0.75Mn alloy with large
dispersoid zones (b) and the enlarged image from Fig. 5.2b showing dispersoids and

PFZ (0).

The dispersoids in the dispersoid zones in the three Mn-containing alloys were
analyzed in detail using SEM at a high magnification (Fig. 5. 3). Large numbers of

fine dispersoids were uniformly distributed in the aluminum matrices of 0.5Mn,

136



0.75Mn, and 1Mn (Fig. 5. 3a—c, respectively). Fig. 5. 3d shows a TEM image of
typical dispersoids in the 0.75Mn alloy. The dispersoids appeared in various shapes,
mostly short plates and rods, which can be attributed to the projection of the plate-like
morphology into the two-dimensional image. The dispersoids were confirmed to be
a-Al(MnFe)Si, according to the TEM-energy dispersive X-ray spectroscopy (EDXS)
results (Fig. 5. 3e) and previously reported data [12,15,30]. Fig. 5. 4 shows the
evolution of the number density and equivalent diameter of the dispersoid particles,
obtained by the image analysis on a series of SEM images. The number density of the
dispersoids increased with the Mn content from 9.7 pmin the 0.5Mn alloy to 11.5

2

and 17.2 um™ in the 0.75Mn and 1Mn alloys, respectively. The mean equivalent

diameters of the dispersoids in the three alloys were almost equal (~85 nm).
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Fig. 5.3 SEM micrographs of etched samples of the 0.5Mn alloy (a), 0.75Mn alloy (b)
and 1Mn alloy (c), TEM micrograph of the 0.75Mn alloy (d) and TEM-EDX results

of dispersoids in the 0.75Mn alloy (e).
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Fig. 5.4 Number density and equivalent diameter of dispersoids in the different alloys

after heat treatment of 450 °C for 6 h.

5.3.2. High temperature flow stress behavior

High-temperature compression tests were performed at various deformation
temperatures (400 to 550 <C) and strain rates (1 to 0.001 s™). Fig. 5. 5 shows a series
of typical true stress—true strain curves obtained under various hot deformation
conditions for the four alloys. In general, the flow stress increased sharply at the
beginning of the hot deformation reaching the peak value. Depending on the
deformation conditions, the flow stress after the peak exhibited three types of trend, a)
continuous but slow increase mostly under a high-Z (Z is the Zener—Hollomon
parameter [21]) deformation condition (e.g., at 400 <C and 1 s™), b) fairly stable (e.g.,
at 450 < and 0.1 s), and c) continuous decrease until the end of the deformation at a
relatively low Z deformation condition, which is more evident starting from 500 <C

and 0.01 s™ toward the high deformation temperature and low strain rate in the three
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True stress (MPa)

True stress (MPa)

Mn-containing alloys (Fig. 5. 5b—d). The different trends of the flow stress curves
indicated the various balances of the work hardening and dynamic softening during
the hot deformation [16,31].

As shown in Fig. 5. 5, a general tendency was observed, i.e., the flow stress
increased with the decrease in deformation temperature and increase in strain rate for

all four alloys. On the other hand, the Mn addition led to a significant increase in flow

stress.
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Fig. 5.5 Typical true stress—true strain curves during hot compression deformation, the

base alloy (a); 0.5Mn alloy (b), 0.75Mn alloy (c) and 1Mn alloy (d).
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For comparison of the flow stresses of the four alloys, the peak flow stresses
were chosen to demonstrate the relationship between the Mn addition and flow stress.
For the flow stress, which continuously increased during the hot deformation (e.g., at
400 <C and 1 s, the peak stress was identified as the tangent point on the flow curve
by the extension of the line along the steady-state flow stress (outlined by the arrow
and line in Fig. 5. 5¢) [24]. The peak flow stresses of the four alloys are plotted in Fig.
5. 6 as functions of the deformation temperature and strain rate. Under given
deformation condition, the flow stress significantly increased with the increase in Mn
content to 0.5%. With the further increase in Mn content to 0.75 and 1%, the flow
stress exhibited a moderate increase. For example, under identical deformation
conditions (400 <C and 0.01 s™, Fig. 5. 6a), the flow stress increased from 26 MPa for
the base alloy to 51 MPa for the 0.5Mn alloy, an increase almost by a factor of two.
With the further increase in Mn content, the flow stress moderately increased to 55
MPa for 0.75Mn and 63 MPa for 1Mn. Compared to that of the base alloy, the flow
stresses of the three Mn-containing alloys are considerably higher, indicating the
enhanced deformation resistance after the dispersoid formation. The increased flow
stress with the increase in Mn content is consistent with the increased number density

of the dispersoids in the alloy (Fig. 5. 4).

141



Flow stress (MPa)

Flow stress (MPa)

100

80 1

60
v/ /
/: m Base alloy
A
./ /
40 A /l
|}
20 ./
O T T T T
0.001 0.01 0.1 1
Strain rate
100
(c)
80
60 4 v 1Mn
/ 0.75Mn
e
40 v/V/:
M :/ . Basealloy
./ /
7 /.
|
—
0 T T T T
0.001 0.01 0.1 1

Strain rate

Flow stress (MPa)

Flow stress (MPa)

100

80 1

60 A

40

201

100

80 1

60 A

40

201

(b)
ViMn
/ 0.75Mn
v / 0.5Mn
/'?:/
v/A/
:/. . Base alloy
I/
/./
| |
0.601 0.(|)1 0:1 i
Strain rate
(d)
v 1Mn
v7‘ SZ3hn
/xé:/. Base alloy
=
|}
I/l/
0.(;01 0.(|)1 0:1 i
Strain rate

Fig. 5.6 Typical flow stresses of four experimental alloys at the hot deformation

temperature of 400 <C (a), 450 T (b), 500 <T (c) and 550 <C (d) as a function of the

strain rate.

5.3.3. Constitutive analyses

The hyperbolic-sine equation, proposed by Sellars and Mc Tegart [21], is widely

used to demonstrate the relationship between the strain rate, deformation temperature,

and flow stress, particularly over a wide range of stresses:

Z = gexp (%) = A[sinh(ao)]"

(1)
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where Z is the Zener—Hollomon parameter, ¢ is the deformation strain rate, n
and A are material constants, « is the stress multiplier, o is the flow stress (MPa), Q is
the activation energy for hot deformation (kJ/mol), R is the universal gas constant
(8.314 J/mol K), and T is the deformation temperature (K). The experimental flow
stress data for the 0.75Mn alloy were used as an example to derive the activation
energy Q and material constants. The flow stress, o, was obtained using the peak
stress. The stress multiplier, «, was defined as a = /n1, where f and n; were evaluated
using the mean slopes of the plots of Iné—¢ and Iné-Ing, respectively, for the range of
experimental deformation temperatures. The mean values of # and n; were determined

using the results in Fig. 5. 7, while a of 0.75Mn was calculated to be 0.023 MPa™.
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Fig. 5.7 Relationships between (a) Iné and ¢ and (b) In¢ and Inc.

Differentiating Eq. (1) yields the following:

dlné ] [6 In[sinh a0'

RV é = RnS, (2

o

d1ln smh aap

where n is the mean slope of the plots of Iné—In[sinh(ao)] at various temperatures

and S is the mean slope of the plots of In[sinh(ac)]-1/T at different strain rates. The
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relationship between Iné and In[sinh(ao)], derived using the measured flow stresses
(Fig. 5. 6), was calculated (Fig. 5. 8a). The mean value of the slopes at the four
different deformation temperatures, n, was then calculated to be 9.85. In addition, the
relationship of In[sinh(ac)]-1/T is plotted in Fig. 5. 8b. The mean slope S at various
strain rates was 3.77. The activation energy Q could be then calculated by Eq. (2),

yielding a value of 308.7 kJ/mol for 0.75Mn alloy.
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Fig. 5.8 Relationships between (a) Iné and In[sinh(ao)] and (b) In[sinh(ac)] and

1000/T.

The application of natural logarithm on both sides of Eq. (1) yields,
InZ = InA + nIn[sinh(ao)] 3)
where In(A) is obtained as the intercept of the plot of InZ-In[sinh(ac)], as shown
in Fig. 5. 9.
In a similar manner, the material constants A, n, and « and activation energies Q

were calculated according to Egs. 1-3 for all studied alloys, as shown in Table 5. 2.
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With the increase in Mn content, a decreased whereas n, A, and Q increased.
Compared to that of the base alloy (191.2 kJ/mol), the 0.5Mn alloy exhibited a
significantly increased Q (285.6 kJ/mol) value. With the further increase in Mn
content, the 0.75Mn and 1Mn alloys exhibited moderately increased Q values of
301.2 and 315.4 kJ/mol, respectively.

Among the material constants, the activation energy for hot deformation Q is an
important indicator of the difficulty degree of plastic deformation. Q of the base alloy
(191 kJ/mol) is generally in agreement with the value reported for a similar alloy (185
kJ/mol) [32]. However, it is considerably higher than those of pure aluminum (145
kJ/mol) [16] and dilute Al-Fe-Si alloy (161 kJ/mol) [21], owing to the pinning effect
of the high amount of intermetallics and high solute alloying element contents in the
aluminum matrix on dislocation glides. Q of a 6082 alloy having a similar chemistry
to that of the base alloy but under the full-solution-treated condition was 269 kJ/mol
[33]. The large difference is most likely attributed to the high solid solution levels of
alloying elements (particularly Mg and Si) in the aluminum matrix provided by the
full solution treatment, while most Mg and Si were still bonded in the primary Mg,Si
in the base alloy in this study because of the low homogenization temperature of
450 <C. The three Mn-containing alloys (0.5Mn, 0.75Mn, and 1Mn) exhibited
significant increases in activation energy, indicating a very strong effect of the large
number of dispersoids on the dislocation movement and hence on the deformation
resistance during the hot working. Distinct increases in Q and corresponding

resistance of hot deformation owing to the Zr- and V-containing dispersoids in 7150
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aluminum alloys were also reported in [19,20].
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Table 5.2 Values of material constants and activation energies of four alloys studied.

Alloy a(MPa?) n A (sh Q (kJ/mol)
Base alloy 0.054 4.27 2.54E+11 191.2
0.5Mn alloy 0.025 8.98 8.72E+17 285.6
0.75Mn alloy 0.023 10.04 9.34E+18 301.2
1Mn alloy 0.021 10.40 7.29E+19 3154

5.3.4. Microstructural evolution during hot deformation

The EBSD technique was used to investigate the grain and subgrain structures
after the hot deformation. Three typical deformation conditions, 400 <C/0.1 s,
500 <T/0.01 s, and 550 <C/0.001 s, were selected representing the high-, medium-,
and low-Z conditions, respectively. Fig. 5. 10 shows all Euler orientation maps of the
deformed samples of the four alloys under the three deformation conditions. In

addition, the misorientation angle distributions of the boundaries for the four alloys
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were quantified to provide a more detailed information on the microstructural
evolution under the same Z deformation conditions; the results are presented in Fig. 5.
11.

Mainly elongated grains perpendicular to the compression direction were
observed in all deformed samples (Fig. 5. 10). At the high Z (400 <C, 0.1 s™), large
numbers of low- and medium-angle boundaries in the deformed microstructures were
observed (Fig. 5. 10a, d, g, and j), indicating the high densities of dislocation cells and
subgrains. These microstructures were typically characterized by DRV. It should be
noted that in the Gleeble compression tests when the samples were deformed to a true
strain of 0.75, they were subjected to an immediate water quenching. Therefore, all
deformed microstructures in Fig. 5. 10 exhibited DRV or DRX. The level of DRV
varied with the Mn content, which can be demonstrated by the misorientation angle
distributions in Fig. 5. 1la. Compared to those of the base alloy, the three
Mn-containing alloys (0.5Mn, 0.75Mn, and 0.75Mn), overall, have higher fractions of
low-angle boundaries (2-5< and lower fractions of high-angle boundaries (>159,
suggesting the larger restriction effect on the DRV owing to the large number of
dispersions. The 1Mn alloy has the lowest fraction of high-angle boundaries, yielding
the largest restriction effect on the DRV.

For the deformation at the medium Z (500 <C, 0.01 s), the substructures were
better organized with lower substructure densities (Fig. 5. 10b, e, h, and K).
Correspondingly, the fraction of low-angle boundaries (1-5<) was reduced, while that

of high-angle boundaries was increased (Fig. 5. 11b), which implies an increase in
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DRV level as Z was reduced. In the deformed microstructure of the base alloy, an
uneven distribution of low-angle boundaries (white line) was observed in the different
grains, as indicated in Fig. 5. 10b. For example, in grain 1, the high density of
low-angle boundaries was still observed, while in grain 2, the low-angle boundaries
were almost removed, leaving only few well-ranged low- and medium-angle
boundaries. This result indicates that, in some grains, low-angle boundaries were
progressively combined or converted into medium-angle boundaries, which in turn
led to new grains, without low-angle or even medium-angle boundaries. This
evolution can be considered as the occurrence of DRX [28,34], which also
corresponds to the remarkable increase in fraction of high-angle boundaries compared
to that in the sample deformed at the high Z (Fig. 5. 11a and b). However, in 0.5Mn,
0.75Mn, and 1Mn alloys, no such phenomenon was observed and thus the DRV was
still the predominant mechanism (Fig. 5. 10e, h, and k), which is consistent with the
relatively low content of high-angle boundaries, shown in Fig. 5. 11b.

Under the low-Z deformation condition (550 <C, 0.001 s™), large reductions in
substructure density were observed for all alloys (Fig. 5. 10c, f, i, and I), characterized
with the overall lower fractions of low-angle boundaries and higher fractions of
high-angle boundaries (Fig. 5. 11c). In the base alloy (Fig. 5. 10c), the low- and
medium-angle boundaries almost disappeared and the grains almost did not exhibit
internal substructures. In general, the disappearance of low- and medium-angle
boundaries could be attributed to both DRV and DRX [16]. However, in this case, a

series of high-angle boundaries parallel to the compression direction appeared (see
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arrows in Fig. 5. 10c), the original deformed and elongated grains had been broken up
and replaced by newly recrystallized grains via the migration of high-angle
boundaries. In addition, the results of the boundary angle distribution (Fig. 5. 11c)
revealed that the fraction of the low- and medium-angle boundaries was as low as
20%, while that of the high-angle boundaries was larger than 70%. Therefore, the
grain structure of the base alloy is almost full DRX. In the 0.5Mn, 0.75Mn and 1Mn
alloys, considerable numbers of low- and medium-angle boundaries were still
observed in the deformed grains (Fig. 5. 10f, i, and I). However, newly formed grains
could be observed near the original grain boundaries. These new grains were small
and equiaxed without internal substructures and their sizes were in the range of 5 to
20 pm, indicating a partial DRX during the hot deformation. Compared to those of the
base alloy, the fraction of the high-angle boundaries significantly decreased, while the
fractions of the low- and medium-angle boundaries increased (Fig. 5. 11c). Therefore,
the large numbers of dispersoids in the three Mn-containing alloys could effectively
inhibit the DRX.

The small recrystallized grains were located mostly near the original grain
boundaries in the Mn-containing alloys, which were considered to be closely related
to the PFZs (Fig. 5. 2b and c). During the hot deformation, the DRX occurred
preferentially in the regions where the dislocation movement and subgrain boundary
migration easily occurred [16]. Therefore, the PFZs without dispersoids were the
preferred locations of DRX. However, once the dislocation movement and subgrain

boundary migration encountered the dispersoid zone, the ongoing DRX was limited.
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Therefore, the recrystallized grains were restricted in the PFZs and the growth of such
grains was limited.

Based on the EBSD data, a quantitative analysis of the mean misorientation
angle of the boundaries and subgrain size was performed for the four alloys. Fig. 5. 12
shows the mean misorientation angles of the boundaries in the alloys under the three Z
deformation conditions. With the shift in deformation from the high to the low Z, with
the increased temperature and decreased strain rate, the mean misorientation angles of
the boundaries of the four alloys were generally increased, suggesting the increased
DRV/DRX levels with the decrease in Z. For the base alloy, the mean misorientation
angle of the boundaries significantly increased. This is consistent with the transition
of the deformed microstructure from the recovered microstructure at the high Z
through the partially recrystallized microstructure to the fully recrystallized
microstructure at the low Z. For the three Mn-containing alloys, the mean
misorientation angles of the boundaries were relatively low (below 159 at both high
and medium Z values. Toward low Z values, they increased slightly to values above
15< indicating a partially recrystallized microstructure. At any given Z, there is a
sharp drop in the mean misorientation anglesfrom the base alloy to the 0.5Mn alloy,
while the differences in mean misorientation angle between the three Mn-containing

alloys were small.
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Fig. 5.10 All Euler orientation maps of four experimental alloys under various

deformation conditions. The boundary misorientation angles are marked by white

lines 2-5< green lines 5-15<and black lines>15<
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Fig. 5.12 Mean misorientation angles of boundaries in four experimental alloys under
different deformation conditions.

Fig. 5. 13a shows the influences of the deformation conditions on the subgrain
sizes of the alloys. The general tendency of the subgrain size change is very similar
with the mean misorientation angle change. It increased with the decrease in Z and
decreased with the increase in Mn content. At the high Z, the subgrain sizes of the
four alloys were quite low (in the range of 2.8-7.6 um), indicating strong restrictions
on the DRVs during the deformation [35]. At the medium and low Z values, the
subgrain sizes of the base alloy significantly increased, reaching values as large as 17
and 39 um, respectively, while the subgrain sizes of the 0.5Mn, 0.75Mn and 1Mn
alloys increased only moderately (mostly below 10 um). This also reveals the strong
effects of the Mn addition and dispersoids on the retardation of the DRV/DRX during
the hot deformation. Fig. 5. 13b shows the relationship between the flow stress ¢ and
subgrain size d. The flow stress increased with the decrease in subgrain size. A good

linear relationship between the flow stress and subgrain size can be established based
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d (um)

on Eq. 4, proposed by McQueen et al. [36] and Jonas et al. [37].
o =212.99d"1 — 3.26 (4)
This relationship is in good agreement with the results reported for aluminum
alloys under hot compression, torsion, and extrusion [37-39]. It shows that both
deformation conditions and Mn content influence the subgrain size (Fig. 5. 13a),

which in turn determines the flow stress (Fig. 5. 13b) [16].
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Fig. 5.13 (a) Subgrain size under different deformation conditions and (b)
Relationship between flow stress and reciprocal subgrain size in the experimental

alloys.

5.4. Discussion
The hot deformation behaviors of 6082 aluminum alloys with different Mn
contents were systematically studied. With the addition of Mn (0.5 to 1%), a large

number of a-Al(MnFe)Si dispersoids were formed by the low-temperature
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homogenization treatment at 450 <C for 6 h. The number density of the dispersoids
increased with the Mn content, whereas the dispersoid size was almost unchanged.
The dispersoids increased the high-temperature flow stress and hence the activation
energy. They also promoted the retardation of DRV and inhibition of DRX in the

deformed microstructure.

5.4.1 Effect of dispersoids on DRV/DRX

In general, the levels of DRV and DRX decreased after the alloying with Mn
(Fig. 5. 10-12). When Mn was added, the precipitation of the large number of
dispersoids had an important role in the dynamic softening. Fig. 5. 14a shows the
interaction of the a-Al(MnFe)Si dispersoids with dislocations in the 0.75Mn alloy
under the deformation conditions of 450 </0.01 s™. The dislocations were retarded at
the points where they encountered the dispersoids, and thus the dispersoids acted as
stronger barriers to deformation. Fig. 5. 14b shows the interaction of the dispersoids
with subgrain boundaries of the same alloy under the same deformation conditions.
The subgrain boundaries, formed through piled-up dislocations during the
deformation, were strongly pinned by the dispersoids, restricting the subgrain
migration and rotation [16,35,40]. In this manner, the DRV and DRX were restrained
owing to the high number of dispersoids [3,41]. On the other hand, the strong pinning
effect of the dispersoids on dislocation slips and subgrain rotations yielded significant
increases in flow stress and activation energy Q compared to the case of the base alloy

without dispersoids.
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Fig. 5.14 Interactions of a-Al(MnFe)Si dispersoids with dislocations (a) and with
subgrain boundaries (b) in the 0.75Mn alloy at the deformation condition of 450 <C

and 0.01 s,

In addition to those under the three typical deformation conditions presented
above, the microstructure changes after hot deformation under other deformation
conditions were also analyzed by the EBSD technique. Table 3 shows a comparison
of the DRV/DRX in the base and Mn-containing alloys. Although the DRV and DRX
levels of the three Mn-containing alloys were slightly different, the occurrence
conditions of DRX in 0.5Mn, 0.75Mn, and 1Mn alloys were almost identical and thus
were regrouped into one group (Table 5. 3b). In the base alloy (Table 5. 3a), DRV
was the main softening mechanism at the deformation temperatures lower than
450 <C and strain rates higher than 0.01 s™*. The DRX occurred at 500 <C and strain
rates of 0.01 and 0.001 s, yielding a partial DRX microstructure. With the increase in
deformation temperature to 550 <C, full DRX occurred. For the Mn-containing alloys,

it seems that when a sufficient number of dispersoids existed in the matrix (starting
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from 0.5Mn alloy), the further increase in number density of dispersoids (0.75Mn and
1Mn) had smaller effects on the DRV and DRX. The DRX in these three alloys
started at 500 </0.001 s with a small number of recrystallized grains. At 550 < and
0.01 and 0.001 s, a partial DRX microstructure was formed with a moderate number
of recrystallized grains. The results indicated the onsets of DRX of the Mn-containing
alloys requiring higher deformation temperatures and lower strain rates than those of
the base alloy, which is attributed to the strong inhibition effect of the dispersoids on

the DRX.

Table 5.3 DRV/DRX in (a) the base alloy and (b) the Mn-containing alloys at various

deformation conditions

@ (b)
£ (s £ (s
1 0.1 0.01 0.001 1 0.1 0.01 0.001
T T
400°C | DRV | DRV | DRV 400°C | DRV | DRV | DRV
450°C | DRV | DRV | DRV 450°C | DRV | DRV | DRV
DRV | DRV
500 °C DRV  passsssssahosnconns 500 °C DRV | DRV | DRV
DRX | DRX “DRX
550 °C DRX | DRX | | 550°C Bz illl el
DRX | DRX

5.4.2 Variation of the active energy with different deformation strains
The calculation of the activation energy Q and material constants presented
above (Table 5. 2) was based on the peak flow stresses obtained in the true stress—

strain curves (Fig. 5. 5). However, in the three Mn-containing alloys (0.5Mn, 0.75Mn,
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and 1Mn), the flow stresses largely decreased with the increase in strain at a relatively
low Z after reaching the peak flow stress at the early stage of the deformation. This
could be observed at 500 <C and 0.01-0.001 s™ and became more obvious under the
high-temperature deformation conditions (550 <C at 0.01-0.001 s*, Fig. 5b and c).
For example, for the deformation at 550 <C and 0.001 s*, the flow stress of the
0.75Mn alloy decreased from 19.9 MPa at the peak value to 9.5 MPa at a strain of
0.75, i.e., a decrease of 52%. Under low Z deformation conditions, high deformation
temperature and low strain rate provided higher mobility of boundaries and longer
time for the energy accumulation, which results in enhanced dislocation annihilation
and occurrence of DRV and DRX [37, 38] (Fig. 5. 10, Table 5. 3). In this case, the
dynamic softening greatly overcame the working and contributed to the decline of
flow stress. Besides of the softening mechanisms, a rapid coarsening and dissolution
of dispersoids was found during low Z deformation conditions. For example, after
deformation at 550 <C/0.001 s-1 condition, the dispersoids number density in 0.75Mn
alloy dropped by 49%, which was believed to be another factor contributing to flow
stress decline.” Additionally, the large variation in flow stress with the progress of the
deformation can affect the calculated Q.

Different approaches were employed for the calculation of Q. Although the peak
flow stresses were commonly used [19,20,24,33], the flow stresses at certain strains in
the steady stage of deformation, e.g., 0.3 [32], 0.5 [42], and 0.8 [43], were also used
as typical values to derive the Q values in the literature. It is recognized that a

complex microstructure evolution is involved during the hot deformation [44], which
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could strongly influence the flow stresses and thus the derived Q. In this study, the Q
values of the four alloys were also calculated using the flow stresses at different
strains, as shown in Fig. 5. 15. The Q values were the highest when were derived
using the peak flow stresses. With the increase in strain from 0.3 to 0.75, the Q values
significantly decreased, particularly for the three Mn-containing alloys. The decrease
in Q was smaller for the base alloy because the decrease in flow stress with the
increase in strain under the low-Z deformation conditions was not considerable (Fig. 5.
5a). Fig. 5. 15 shows that under all conditions, the differences in Q between the base
alloy (without dispersoids) and three dispersoid-containing alloys were considerable,
indicating the strong effect of the dispersoids on the hot deformation resistance.
However, with the increase in strain, the difference decreased and the differences in Q
between the three dispersoid-containing alloys vanished.

According to the constitutive analyses (section 3.3), it could be expected that a
unique index Q could be used to compare the difficulty levels of hot deformation of
different chemical compositions or different microstructures. However, the results
reveal that Q is not constant and that considerably depends on the hot deformation
conditions, because the flow stress often changes with the progress of the deformation.
Therefore, it is not always simple to assess the hot workabilities of different
aluminum materials using only Q. Shi et al. [24] reported that Q mainly reflected the
free-energy barrier to dislocation movement, which was affected by the deformation
temperature and strain. In recent years, the concept of activation energy mapping was

explored instead of treating Q as a constant to study the hot workabilities of aluminum
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alloys [25,45,46].
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Fig. 5.15 Variation of the activation energy Q of experimental alloys with deformation

strain.

5.5 Conclusions

(1) Upon treatment at the low homogenization temperature of 450 <C for 6 h, large
numbers of a-Al(FeMn)Si dispersoids precipitated and were retained in the
microstructures of the Mn-containing 6082 aluminum alloys. With an increase in
Mn content, the number density of dispersoids increased, whereas the equivalent
diameter was almost unchanged.

(2) With the addition of 0.5% of Mn, the peak flow stress significantly increased
owing to the strong strengthening effect of the dispersoids, compared to the case
of the base alloy without dispersoids. With a further increase in the Mn content
from 0.5 to 1%, the peak flow stress increased moderately.

(3) The material constants and activation energies for hot deformation were calculated
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using the hyperbolic-sine constitutive equation and experimental peak flow stress
data. The activation energies for hot deformation of the 6082 alloys considerably
increased from 191.2 kJ/mol for the base alloy to 285.6 kJ/mol for the alloy
containing 0.5% of Mn. With a further increase in the Mn content, the activation
energy increased moderately to 301.2 and 315.4 kJ/mol for 0.75Mn and 1Mn
alloys respectively.

(4) The addition of Mn in the 6082 alloy promoted the retardation of DRV and
inhibition of DRX during the hot deformation owing to the strong pinning effect
of the Mn-containing dispersoids on the dislocation slips and subgrain rotations.

(5) In the Mn-containing alloys, the flow stresses largely decreased with an increase
in strain under the relatively low Z deformation conditions after reaching the peak
flow stresses. Therefore, the derived activation energies significantly decreased
with an increase in strain, showing the dependence of the activation energy on the

deformation conditions.
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Chapter 6 Effects of Mn and dispersoids on recrystallization
resistance of 6082 aluminum alloys during post-deformation

annealing
Abstract

The effects of different Mn contents (0.05-1 wt%) and its related dispersoids on
recrystallization resistance of 6082 aluminum alloys during post-deformation
annealing (at 500 <T up to 8 h) were investigated. The microstructural evolutions at
as-homogenized, as-deformed conditions and after post-deformation annealing were
studied using optical, scanning electron and transmission electron microscopes. The
results revealed that the presence of a large amount of a-Al(Mn,Fe)Si dispersoids in
Mn-containing alloys significantly improved the recrystallization resistance. In the
base alloy free of Mn and dispersoids, after 2 h annealing the partial static
recrystallization occurred and the grain growth appeared after 4 h annealing, whereas
in Mn-containing alloys, even after 8 h annealing the recovered grain structure was
well retained. The alloy with 0.5% Mn exhibited the best recrystallization resistance,
while the further increase of Mn levels to 0.75% and 1% resulted in a gradual
reduction of recrystallization resistance despite of the higher number density of
dispersoids. The reason was that the recrystallization occurred only in the
precipitation free zones (PFZs) and the increased PFZ fraction with Mn content led to
an increase in recrystallization fraction. The variations in dispersoid number density

and coarsening of dispersoids during annealing had limited influence on static
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recrystallization in Mn-containing alloys.

Keywords: 6082 aluminum alloys, Mn addition, Dispersoids, Precipitation free zone,

Post-deformation annealing, Recrystallization resistance

6.1 Introduction

The traditional hardening mechanism of Al-Mg-Si 6xxx aluminum alloys is via
the precipitation of fine nano-scale Mg,Si particles to reach superior mechanical
properties at room temperature [1]. However, in the case of the service temperature
over 200 <C, the mechanical properties deteriorate rapidly due to the coarsening and
dissolution of Mg,Si [2]. In order to develop alloys that could be applied at elevated
temperatures, several exploration works have been performed trough inducing a large
number of thermally stable dispersoids in the aluminum alloys [3-5]. For 6082
aluminum alloys, one of most common thermally stable dispersoids encountered in
the matrix is the a-Al(Mn,Fe)Si, which is partially coherent and could be formed via
the decomposition of the supersaturated solid solution in the as-cast state during
heating [6, 7]. Li [8] reported that the precipitation of a large amount of
a-Al(Mn,Fe)Si dispersoids could be promoted with Mn addition in 6082 alloys after a
relatively low temperature treatment at 400-450 <C, while the number density of
dispersoids increased with the increasing Mn levels. The strong effect of Mn addition

on the precipitation of a-Al(Mn,Fe)Si dispersoids during high temperature
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homogenization (550-580 <C) in 6082 based alloys was also reported by Liu [9, 10].

After casting and homogenization, Al-Mg-Si 6xxx aluminum alloys are usually
subjected to a thermomechanical process, such as rolling or extrusion to achieve
desirable shape. The deformed structures usually associated with high level of internal
stress and high density of substructures. To achieve appropriate and stable mechanical
and materials properties, a post-deformation heat treatment (annealing or solution
treatment) is performed [11]. Statistic recovery (SRV) and statistic recrystallization
(SRX) can occurred during the post-deformation annealing. SRV associates with
change of the density and distribution of line defects, while SRX involves the
nucleation of new grains and their growth as well as grain boundary migration [12].
The control of SRX plays an important role in some wrought aluminum alloys. It is
reported that occurrence of SRX negatively influenced the corrosion resistance in
2xxx alloys [13, 14]. In 5xxx alloys, work hardening effect could be kept only if the
unrecrystallized structure can be maintained [15, 16]. In 7xxx alloys, a recrystallized
structure can cause the increasing risk of weld cracking, declined fracture toughness,
and detrimental effect on corrosion resistance [17-19].

The pre-existed thermally stable dispersoids in the aluminum matrix can
significantly control grain growth and retard the recrystallization due to their pinning
effect on grain boundary migration [20]. The size, number density, distribution and
morphology of dispersoids have significant influence on the recrystallization
resistance [21-25]. It is well recognized that the presence of a number of fine AlsZr

dispersoids can greatly increase the recrystallization resistance during high
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temperature annealing in 7xxx alloys [21, 22]. Li et al [23] studied the effects of Er
and Zr on recrystallization in pure aluminum and found that the Als(Er,Zr) dispersoids
could be formed during heat treatment at 400 <C for 48 h, resulting in a remarkable
enhancement of the recrystallization resistance during the 350-525 <C annealing.
Birol [24] reported that the superior recrystallization resistance of a 6082 alloy was
obtained via a large population of the Cr-rich AI(Cr,Mn,Fe)Si and (Al,Si)sZr
dispersoids. However, the individual addition of Mn or Zr fails to offer any
improvement in the recrystallization resistance in 6082 tube extrusions. Tsivoulas et al
[25] investigated the effect of Mn and Zr additions on recrystallization resistance in
Al-Cu-Li 2198 sheets, and found that with a constant Zr level the recrystallization
resistance was diminished with the addition of Mn and it became progressively worse
with a decrease in Zr content, as more Mn was added.

The above reported results about the dispersoid effect on the recrystallization
resistance in aluminum alloys appear to be somewhat spread and inconsistent due to
the complication of the recrystallization mechanism attributed to many factors
involved, such as alloying element type and content, deformation and annealing
conditions. Up to date, no systemically study on the effect of Mn dispersoid-forming
addition on recrystallization resistance of 6082 alloys after hot deformation could be
found in open literature. The evolution of the deformed microstructure during
post-deformation annealing due to the presence of a large number of dispersoids,
namely the development of static recovery (SRV) and static recrystallization (SRX),

should be better understood.
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In the present study, the effect of different Mn additions and its related
dispersoids on the recrystallization resistance of 6082 aluminum alloys was
investigated. The samples of direct chill cast billets were subjected to a low
temperature homogenization at 450 <C for 6 h to promote the precipitation of
Mn-containing dispersoids. The samples were then hot-deformed and followed by
post-deformation annealing at 500 <C up to 8 h. The microstructural evolutions at
as-homogenized, as-deformed conditions and after post-deformation annealing were
studied. Quantitative microstructure analyses were performed on the dispersoids,
particle free zone, SRV and SRX to better understand the effect of dispersoids on

recrystallization resistance.

6.2 Experimental

FFour 6082 alloys with Mn additions of 0.05%-1.0% (designated as the base,
0.5Mn, 0.75Mn and 1Mn alloys) were used for investigation. The chemical
compositions are shown in Table 6. 1. The materials were taken from direct chill cast
billets with a diameter of 101 mm, provided by the Arvida Research and Development
Center of Rio Tinto Aluminum, based in Saguenay, Quebec. To promote the
precipitation of a large amount of dispersoids, a relatively low temperature
homogenization of 450 <C for 6 h with a heating rate of 100 <C/h, followed by water
qguenching at room temperature, was applied in DC cast billets prior to hot

deformation.
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Table 6.1 Chemical composition (wt.%) of the experimental alloys

Alloy Mg Si Fe Mn Al

Base 0.79 1 0.18 0.05 Bal.
0.5Mn 0.83 1.01 0.22 0.50 Bal.
0.75Mn 0.84 1.02 0.23 0.72 Bal.
1Mn 0.81 1.02 0.24 0.99 Bal.

After homogenization, cylindrical specimens of 10 mm in diameter and 15 mm
in length were machined for the uniaxial hot compression tests, which were
performed in a Gleeble 3800 thermomechanical testing unit. Specimens were heated
to 400 <€ with a rate of 2 <T/s and held for 180 s to ensure a homogeneous
temperature distribution. The compression tests were carried out at 400 <C with the
strain rate of 0.1 s and the total true strain of 0.75. After hot deformation, a
post-deformation annealing was conducted at 500 <C for 2, 4 and 8h to study the
recrystallization resistance of 6082 alloys.

To reveal the details of microstructure, the polished samples were etched with a
0.5% HF solution for 40 seconds. An Optical microscopy (Nikon, Eclipse MEG600)
and a scanning electron microscopy (SEM, JEOL-6480LV) were used to examine the
microstructure. All the deformed samples were sectioned parallel to the compression
axis along the centerline and metallographically prepared. Electron back-scattered
diffraction (EBSD) analysis under SEM was applied to examine the grain structure
after hot deformation and post-deformation annealing. The step size of EBSD analysis

was set to 0.5 um. All Euler orientation maps were used in EBSD image analysis, the
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boundaries misorientation angles of 2-5< 6-15<and greater than 15<was used to
represent low-angle boundaries, medium-angle boundaries and high-angle boundaries
respectively. To avoid the noises caused by the sample surface and polishing
conditions, misorientation angles below 2< were not taken into account. A
transmission electron microscopy (TEM, JEM—-2100) operating at 200 kV was used to
observe the details of Mn-containing dispersoids. Twin-jet polishing with 30% nitric
acid and 70% methanol solution at 15 V and - 20 <C was employed to prepare the

TEM thin foils.

6.3. Results
6.3.1. Microstructure after homogenization

Fig. 6. 1 shows typical microstructures of 0.5Mn and 1Mn alloys after
homogenization at 450 <C for 6 h. As indicated, the microstructures were composed
of aluminum dendrite cells (Al matrix), Fe-rich intermetallics (white color in inset
images) distributed along the dendrite boundaries, and primary Mg,Si particles (black
color in inset images) mostly co-located with Fe-rich intermetallics. In the base alloy
with only trace of Mn, there was no precipitation in the aluminum matrix after
homogenization. In Mn-containing alloys, a large number of precipitates were
observed inside aluminum dendrite cells and they were identified as a-Al(MnFe)Si
dispersoids in our previous work [6]. In the 0.5Mn alloy, dispersoids distributed
uniformly and only very narrow precipitation free zones (PFZs) was observed in the

interdendritic regions (Fig. 6. 1a). However, with increase Mn levels, the PFZs
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became enlarged and more recognizable. The 1Mn alloy possessed the highest amount

of PFZs (Fig. 6. 1b).

e-rich inte

28 came o

Fig. 6.1 Optical micrographs of: (a) 0.5Mn alloy and (b) 1Mn alloy after 0.5% HF
etched for 40s. The inset images are SEM micrographs of original surface (without

etching).

6.3.2. Microstructure after hot deformation

After homogenization, the experimental alloys were hot-compressed at 400 <C
with a 0.1 s strain rate. Fig. 6. 2 shows the microstructures after hot deformation of
four alloys. Elongated grains perpendicular to the compression direction were mainly
observed in all deformed samples. The intermetallics were fragmented along the
aluminum dendrite boundaries. In the base alloy, there are only few separate Mg,Si
(black points) in the aluminum matrix but no dispersoids. In the Mn-contianing alloys
(0.5Mn, 0.75Mn and 1Mn alloys), fine and dense dispersoids were observed in the

aluminum matrix. PFZs were also elongated along the compression direction and they
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are more obviously in the 0.75Mn and 1Mn alloys. Quantify analysis on dispersoids
was performed based on a series of SEM images (not shown here, see the example in
Fig. 6. 9). The amount of PFZs was analyzed based on a series of optical images. Fig.
6. 3 shows the number density of dispersoids and PFZ area fraction in three
Mn-containing alloys. The number density of dispersoids increased with increasing

2 in the

Mn content from 8.6 pum™ in the 0.5Mn alloy to 10.2 um'z and 153 pm "~
0.75Mn and 1Mn alloys, respectively. For PFZ area fraction, the 0.5Mn alloy had as
low as 2.7%, while it increased significantly to 6.8% and 16.7% in 0.75Mn and 1Mn

alloys respectively. Additionally, the mean equivalent diameter of dispersoids

remained nearly unchanged (~ 75 nm) in the three alloys.
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Fig.6.2 Microstructures after hot deformation: base alloy(a), 0.5Mn alloy(b), 0.75Mn
alloy(c), 1Mn alloy(d); (e) SEM image of 1Mn alloy; (f) EDX spectra image of

dispersoids in 1Mn alloy.
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Fig. 6.3 The number density of dispersoids and PFZ area fraction in the different

alloys after heat treatment of 450 °C for 6 h

The grain structures were investigated using EBSD technique. Fig. 6. 4 shows all
Euler orientation maps of the four experimental alloys after hot deformation. Besides
of the elongated grains, a large amount of low- and medium-angle boundaries were
observed, indicating the presence of high densities of dislocation and subgrains. The
deformed microstructures of all four alloys were typically the dynamically recovered
structure without dynamic recrystallization [26]. Different densities of low- , medium-
and high angle boundaries in various alloys were observed, representing the different
DRV levels [27].

The misorientation angles boundaries were analyzed based on EBSD mappings,
the results of four alloys are plotted in Fig. 6. 5. The densities of misorientation angle
greater than 15° in all four alloys were similar (in rang of 0.14-0.19 1 m™), since the

DRV during hot deformation had limit influence on the high angle grain boundaries.
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However, the density of misorientation angle of 2-15° (subgrain boundaries) increased
from 0.35 u m™ in the base alloy to 0.69 1 m™ in 1Mn alloy. The increased density of
misorientation angle of 2-15° indicated the decline of DRV levels with increasing Mn
contents and was believed to be related to the presence of a large amount of
dispersoids. During hot deformation, dispersoids acted as strong barrier to
dislocations movement and subgrains migration [6, 28, 29]. With increasing
dispersoid number density in alloys, strong effect of dispersoids was applied on the
retardation of DRV and thus the DRV levels became lower with an increase of Mn

content (Fig. 6. 5).
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Fig. 6.4 All Euler orientation maps of the four experimental alloys after hot

deformation: (a) base alloy, (b) 0.5Mn alloy, (c) 0.75Mn alloy and (d) 1Mn alloy;

white lines are 2-5< light green lines are 5-15<and black lines are >15<
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Fig. 6.5 Misorientation angle boundary density of experimental alloys after hot

deformation.

6.3.3 Microstructure evolution during post-deformation annealing

Post-deformation annealing was performed at 500°C for 2h, 4h and 8h. All Euler
orientation maps of the annealed microstructures obtained by EBSD technique are
shown in Fig. 6. 6 as a function of annealing time. Besides, more specific data on the
boundary densities of misorientation angles of 2-15° and >15° for the four alloys were
analyzed and the results are plotted in Fig. 6. 7.

In the most cases, elongated grains perpendicular to the compression direction
were still observed after annealing. For the base alloy after 2h of annealing, the
substructures became better organized (Fig. 6. 6a) with less substructure comparing
with the condition before annealing (Fig. 6. 4a). Moreover, some newly formed grains
were observed near the original grain boundaries (as indicated by the arrows in Fig. 6.
6a). These new grains were featured as free of internal substructure, indicating that

partial statistic recrystallization (SRX) occurred during annealing [30, 31]. The
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density of the boundary between 2-15° was reduced to 0.23 um™ (Fig. 6. 7a)
comparing with that of 0.35 pm™ (Fig. 6. 5) before annealing, while the density of
boundary greater than 15° increased slightly (from 0.14 to 0.16 um™) due to the
occurrence of SRX, which is attributed to the formation of some new grains with high
angle boundaries. With increasing annealing time to 4 and 8 h, the growth of grains
took place that the grains size reached up to several hundred micrometers and
millimeters scale (Fig. 6. 6b, c). Accordingly, the density of the boundary between
2-15=dropped to zero, indicating no substructure within grains, while the boundary
density greater than 15< decreased to close zero (Fig. 6. 7a) due to severe grain
growth.

For three Mn-containing alloys (0.5Mn, 0.75Mn and 1Mn alloys), a large amount
of substructures was always presented after 2-8h of annealing (Fig. 6. 6d-1), no grain
growth was observed after even 8h of annealing, suggesting the much better
recrystallization resistance than that of base alloy. In the 0.5Mn alloy, the structure of
elongated grains was well retained (Fig. 6. 6a-c). However, the densities of boundary
between 2-15° (0.33-0.38um™, Fig. 6. 7b) were considerably lower than that of the
condition before annealing (0.58um™ Fig. 6. 5b), implying that the occurrence of SRV
during annealing. Besides, very few of new equiaxed grains without internal
substructure could be observed at the original grain boundaries (as indicated by the
arrows in Fig. 6. 6e-f), suggesting the start of SRX in a very limited extent. These
recrystallized grains were much smaller comparing those appeared in the base alloy

after 2h annealing. The SRX resulted in only a small increase in the densities of
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boundary greater than 15° (0.19-0.20um™, Fig. 6. 7b) comparing with the condition
before annealing (0.18um™, Fig. 6. 5). A small amount of recrystallized grains
became recognizable but still remained at a low level in the 0.75Mn alloy (see the
arrows in Fig. 6. 6 g-i). With further increasing Mn to 1%, a slightly larger amount of
recrystallized grains appeared (see the arrows in Fig. 6. 6 j-1) compared to the 0.75Mn
alloy. These newly formed recrystallized grains brought the increase in the boundary
density of misorientation angles over 15° correspondingly (0.21-0.23um™ in Fig. 6. 7c
and 0.30-0.32um™ in Fig. 6. 7d). Meanwhile, densities of the boundary between 2-15°
also increased with increasing Mn content (Fig. 6. 7c, d) due to the increasing
dispersoids number density, which led to stronger retardation effect on SRV.
Regarding the three Mn dispersoids-forming alloys, another fact was found that
the boundary structures did not exhibit obvious change along with the annealing time
(Fig. 6. 6d-I), which was also reflected by the stability of boundary densities along

with annealing time (Fig. 6. 7b, c and d).

183



Fig.6. 6 All Euler orientation maps of the experimental alloys after different annealing

time; white lines are boundaries of 2-5< light green lines are 5-15<and black lines >

15<
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Fig. 6.7 Boundary density of misorientation angles of 2-5° and over 15° in (a) base
alloy, (b) 0.5Mn alloy, (c) 0.75Mn alloy and (d) 1Mn alloy with different annealing
time.

Quantitative image analysis was performed on the recrystallized grain size and
recrystallization fraction for 0.5Mn, 0.75Mn and 1Mn alloys and the results are shown
in Fig. 6. 8. Both the recrystallized grain size and recrystallization volume fraction of
all three alloys increased with increasing Mn addition but remained nearly unchanged
with annealing time. For instance, after 4h of annealing, the recrystallized grain size

increased from 3.8 pm in the 0.5Mn alloy to 4.4 and 6.5 pm in the 0.75Mn and 1Mn
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alloys, respectively, while the recrystallization fraction increased from 2.1% in the
0.5Mn alloy moderately to 5.2% in the 0.75Mn alloy and considerably to 14.7% in the
1Mn alloy. It should be noticed that although SRX occurred at three Mn-containing
alloys, the proportion of recrystallized grains is quite low and the deformed

microstructure after post-deformation annealing remains mainly the recovered grain

structure.
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Fig. 6.8 Recrystallization grain size (a) and volume fraction (b) of experimental alloys

at different annealing time.

The evolution of dispersoids in the 1Mn alloy during annealing is shown in Fig.
6. 9. During annealing, a gradual coarsening and dissolution of dispersoids took place,
implied by the less population and larger size of dispersoids with increased annealing
time. The a-Al(MnFe)Si dispersoids are thermally stable at the temperature range of

300-350 T and above those temperatures they become less stable [3,5]. The results
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obtained here confirmed that the dispersoids during annealing at 500 <C were no more
stable. The changes of dispersoids number density in the 0.5Mn, 0.75Mn and 1Mn
alloys during annealing were shown in Fig. 6. 10. The decrease in the dispersoid
number density with annealing time occurred in all three alloys. However, the decline
of the number density was mostly significant in the 1Mn alloy and became less
distinct in the alloy with lower Mn content.

The PFZ area fraction in the 0.5Mn, 0.75Mn and 1Mn alloys during annealing
was also measured. The results revealed that the PFZ area fraction after annealing in
the three alloy remained nearly unchanged when compared with that before annealing
(Fig. 6. 3), suggesting the coarsening and dissolution of dispersoids occurred only in

the dispersoid zone and the PFZs remained the same as the initial states.
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Fig. 6.9 Dispersoids in the 1Mn alloy of (a) before annealing and after annealing at

500°C for 2 h (b), 4 h(c) and 8 h (d). TEM images are inset in (a) and (c).
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Fig. 6.10 The number density of dispersoids in 0.5Mn, 0.75Mn and 1Mn alloys at

different annealing time.

6.4 Discussion

Effect of Mn and its related dispersoids on the recrystallization resistance of
6082 aluminum alloys was studied. A large amount of dispersoids were introduced
via Mn addition and a low temperature homogenization at 450 <C/6h. The presence of
a large amount of dispersoids greatly improved the recrystallization resistance and
avoided the severe grain growth during post-deformation annealing compared with
the base alloy. For the three Mn-containing alloys, the recrystallization resistance
slightly decreased with increasing Mn addition.

In the industrial practice, excellent recrystallization resistance is desirable
because a poor recrystallization resistance may cause or partially recrystallized
structure or coarse grain structure during post-deformation heat treatment, which has

detrimental effect not only on strength, toughness and formability, but also on surface
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quality and corrosion resistance [25]. Therefore, the control of grain structure is of
paramount importance for deformed materials.

In the current study, when the dispersoids was absent in the base alloy, 2 h of
annealing at 500<C already resulted in the occurrence of partial SRX, while after 4 h
of annealing the abnormal grain growth were observed, resulting in a very coarse
grain structure (Fig. 6. 6b and c). After introduction of dispersoids in 0.5Mn, 0.75Mn
and 1Mn alloys, the deformed microstructure was stabilized and the recovered grain
structure was retained (Fig. 6. 6d-I), showing excellent recrystallization resistance at
high temperature annealing treatment.

Regarding the three dispersoids-containing alloys, the number density of
dispersoids increased with increasing Mn content after homogenization (Fig. 6. 3).
This increase in the dispersoid number density leads to an increase of substructure
density during hot deformation (Fig. 6. 4 and 5). In theory, a high dispersoids number
density could contributed to a better recrystallization resistance during annealing due
the strong pining ability on the grain boundary migration and grains rotation [24, 32].
However, a contrary result in the present study was observed: the 0.5Mn alloy
exhibited the best recrystallization resistance with the lowest SRX fraction, whereas
the 0.75Mn alloy possessed higher SRX fraction and the 1Mn alloy had even the
highest SRX fraction (Fig. 6. 6 and 8Db).

The decreased recrystallization resistance with increasing Mn content was
believed to be related to the PFZ. Fig. 6. 11 shows the TEM bright field image of

recrystallized grains in the 1Mn alloy after 8h of annealing. Newly formed and
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recrystallized grains, which featured as free of internal substructures, can be clearly
observed in the interdendrite region where the large intermetallic particles presented.
The location of these recrystallized grains was actually the PFZ where nearly no
dispersoids existed. However, in the neighbor regions, a large amount of dispersoids
interacted with dislocations and subgrains was remained, representing high density of
substructures in unrecrystallized grains. This result implies that during annealing, the
newly recrystallized grains always preferred to nucleate and grow at the PFZ where
the pinning effect of dislocations was the weakest [33]. Once the recrystallized grains
encountered the dispersoid zone, the growth was arrested and thus the growing of
recrystallized grains were restricted in the PFZ.

Fig. 6. 12 gave another evident that SRX took place only in PFZs. Compared the
enlarge EBSD map with the optical image, it can be seen that the recrystallized grain
band well matched the PFZ shape and distribution in the matrix. Furthermore, the size
of recrystallized grains (about 7um, Fig. 6. 12a) was very close to the PFZ width (Fig.
6. 12b), confirming SRX mainly occurred at PFZs. In addition, the PFZ area fractions
of individual alloys are well corresponded with the recrystallization fractions. As
mentioned above, the PFZ area fraction increased from 2.7% in the 0.5Mn alloy to
6.8% and 16.7% in the 0.75Mn and 1Mn alloys (Fig. 6. 3), while the recrystallization
fraction increased from 2.1% in the 0.5Mn alloy to 5.2% and 14.7% in the 0.75Mn

and 1Mn alloys (Fig. 6. 8b), respectively.
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Fig. 6.12 EBSD orientation map (a) and optical image (b) of the 1Mn alloy after 8h of

annealing

Fig. 6. 13 shows a schematic of how the recrystallization took place. After hot

deformation, a large amount of substructures was induced at both dispersoids zones
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and PFZs (Fig. 6. 13a), which is represented in Fig. 6. 4. During post-deformation
annealing (Fig. 6. 13b), a high temperature provided driving force for the motion of
dislocations and subgrains. In the dispersoids zone, owing to the strong pinning effect
of dispersoids on dislocations and subgrain boundaries, only SRV was able to take
place. However, in PFZs, SRX can started via the diminish or coalescence of
dislocations into subgrains due to the absence of dispersoids and the weakest pinning
effect (Fig. 6. 13b). In addition, within PFZs the regions surrounding the large
intermetallic particles were highly strained during hot deformation, resulting in a
higher density of dislocations and subgrains compared to other interdendrite regions.
During annealing, the nucleation of new grains preferred to occur in those regions
near the intermetallic particles where driving force were higher, which was known as
particle-stimulated nucleation of recrystallization [2, 34, 35]. As a result, PFZs acted
as the preferred regions where SRX started and propagated. The fully recrystallized

grains in PFZs formed when the high angle boundaries formed (Fig. 6. 13c).

Recrystallized grains
/ /1 \\

Dispe’soid Dislocation

Fig. 6.13 (a) Orientation imaging maps and (b) optical microscope image of the

0.1Mn alloy after 8h of annealing
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It should be noticed that the coarsening and dissolution of dispersoids occurred
during post-deformation annealing in all three Mn-containing alloys owing to less
thermally stable of dispersoids at 500 <C (Figs. 6. 9 and 10). However, the above
results indicate that the recrystallization resistance was mainly controlled by the PFZ
fraction and less influenced by the number density and the coarsening of dispersoids.
It was reported that even a low density of dispersoids of 0.003 pm™ could have great
influence on the recrystallization resistance in Al-Mg-Si alloys [33]. The dispersoid
densities even after 8 h annealing at 500 T still ranged from 3.2 pm?t0 5.5 um™ in
three Mn-containing alloys (Fig. 6. 10), which were probably far enough for
inhibiting recrystallization. Therefore, the distribution of dispersoids associated with
PFZ is in fact the predominant factor controlling the recrystallization resistance

during annealing.

6.5. Conclusions

(1) By the addition of Mn and the low temperature homogenization treatment at
450 °C, a large amount of a-Al(Mn,Fe)Si dispersoids were generated and retained
in the aluminum matrix of Mn-containing 6082 aluminum alloys.

(2) During post-deformation annealing at 500 <C, the base alloy free of Mn and
dispersoids exhibited the worst recrystallization resistance. After 2 h annealing a
partial static recrystallization occurred, whereas after 4 h annealing the grain

growth appeared.
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(3)

(4)

The presence of a large amount of dispersoids greatly stabilized the deformed
structure and thus significantly improved the recrystallization resistance. Even
after 8 h at 500 °C annealing, the recovered grain structure was well retained in
all Mn-containing 6082 aluminum alloys.

In the Mn—containing alloys, a small amount of recrystallized grains can be
observed. The static recrystallization took place in the precipitation free zones
(PFZs) and the recrystallization resistance was mainly controlled by the PFZ
fraction. The increased PFZ fraction with increasing Mn content led to an
increase in the recrystallization fraction. Among three Mn-containing alloys, the
alloy with 0.5% Mn exhibited the best recrystallization resistance due to the
minim PFZs. With further increase in the Mn content to 0.75% and 1%, the
recrystallization resistance moderately deteriorated due to the increased PFZ

fraction.
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Chapter 7 Conclusions & Recommendations

7.1 Conclusions

This research was carried out to investigate effect of Mn as well as the different

heat treatment on the microstructure and hot deformation behavior and 6060 and 6082
alloys. The results obtained were divided into three parts.
In part I , the effect of the homogenization treatment and micro-alloying of Mn on the
evolution of microstructure and hot workability of AA6060 aluminum alloys were
investigated. The effect of homogenization temperature and cooling rate as well as
micro-alloying of Mn on Mg,Si precipitation and hot workability of 6060 aluminum
alloys were investigated in part II. The main focus of part III is the effects of
Mn-containing dispersoids on the hot deformation behavior of 6082 aluminum alloys.
In Part IV effect of Mn and dispersoids on recrystallization resistance of 6082
aluminum alloy during post-deformation annealing was studied. Based on the results
from Chapter 3 to Chapter 6, the following conclusions could be drawn:

Part I : Effect of the homogenization treatment and micro-alloying of Mn
on the evolution of microstructure and hot workability of AA6060 aluminum
alloys
(1) The B-AlFeSi intermetallic was the dominant phase in the as-cast microstructure

of AA6060 alloys containing up to 0.10 wt.% Mn. During the homogenization,
intermetallic fragmentation occurred, and plate-like B-AlFeSi transformed into

rod-like a-AlFeSi. The micro-alloying with Mn promoted the transformation of
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B-AlFeSi into a-AlFeSi at lower temperatures.

(2) a-Al(FeMn)Si dispersoids were precipitated during the homogenization of the 0.1
wt.% Mn variant. The highest number density was observed at 520 <C, and
coarsening and dissolution occurred above 550 <C. Owing to their low number
density and relatively large size, the effect of dispersoids on the flow stress was
determined to be negligible.

(3) The flow stress behavior of homogenized AA6060 alloys was mainly determined
by the solid solution level. The increase in the homogenization temperature
resulted in higher flow stresses owing to the increase in Fe, Si solute levels
released from intermetallics in the aluminum matrix.

(4) The incremental Mn addition from 0 to 0.1% moderately increased the flow stress
by up to 3%. In Mn-containing alloys, the flow stress decreased with increasing
soaking time owing to the long-range diffusion of Mn to the constituent particles,
which exhibited a corresponding increase in the Mn/Fe ratio.

(5) The abnormal grain growth occurred in alloys with low Mn contents (<0.03Mn)
during the high-temperature homogenization (580-610 <C), which resulted in a
reduced flow stress and non-uniform deformation. Higher additions of Mn
(>0.06%) effectively prevented this effect.

Part II: Effect of homogenization treatment and micro-alloying with Mn
on Mg,Si precipitation and hot workability of 6060 aluminum alloys

(1) During post homogenization cooling of AA6060 alloys at commercially relevant

rates, Mg,Si particles precipitated in the aluminum matrix, and their number
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density and size had a significant effect on the solid solution level and high
temperature flow stress.

(2) At lower post homogenization cooling rates, the flow stress decreased due to the
precipitation of Mg,Si and the reduction of solid solution levels. The lowest
cooling rate tested (100 °C/h), produced the lowest flow stress corresponding to
the maximum precipitation of Mg,Si.

(3) Micro-alloying of 0.1% Mn in AA6060 alloys generated a reasonable number of
a-Al(FeMn)Si dispersoids during homogenization. These acted as favorable
nucleation sites for Mg,Si and promoted the precipitation of Mg,Si during post
homogenization cooling, resulting in a higher number density and smaller size of
Mg,Si compared to the base alloy free of Mn.

(4) The benefits of the 0.10wt%Mn addition varied with the homogenization
temperature applied, reflecting the relative effects on Mg, Si and Mn solid
solution levels:

a) At 515<C the flow stress was reduced compared to the base alloy and the
Mg,Si particle size was reduced

b) At 545<C the flow stress was similar to the base alloy but the Mg,Si particles
size was still reduced

c) At 575<C the flow stress was increased due to the Mn solid solution level but
the Mg,Si particle size was still finer than the base alloy.

Part III : Effect of Mn addition and its related Mn-containing dispersoids

on the hot deformation behavior of 6082 aluminum alloys
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(1) Treated at a low temperature homogenization of 450 <C for 6 h, a large amount of
a-Al(FeMn)Si dispersoids precipitated and retained in the microstructure of
Mn-containing 6082 aluminum alloys. With increasing Mn content, the number
density of dispersoids increased, whereas the equivalent diameter remained nearly
unchanged.

(2) With the addition of 0.5% Mn, the peak flow stresses increased significantly due
to the strong strengthening effect of dispersoids comparing with the base alloy
free of dispersoids. With further increase in the Mn content from 0.5 to 1%, the
peak flow stresses increased moderately.

(3) The materials constants and activation energy for hot deformation were calculated
using the hyperbolic-sine constitutive equation and experimental peak flow stress
data. The hot deformation activation energy of 6082 alloys increased sharply from
191.2 kJ/mol for the base alloy to 285.6 kJ/mol for the alloy containing 0.5% Mn.
With further increasing the Mn content, the activation energy increased
moderately to 301.2 and 315.4 kJ/mol in the 0.75% Mn and 1% Mn alloys
respectively.

(4) The addition Mn in 6082 alloys promoted the retardation of dynamic recovery and
the inhibition of recrystallization during hot deformation due to the strong pinning
effect of Mn-containing dispersoids on dislocation slips and subgrain rotations.

(5) It was found that in the Mn-containing alloys, the flow stresses decreased largely
with increase strain at relatively low Z deformation conditions after reaching the

peak flow stress. Depending on which flow stresses taking into account in the
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calculation of the activation energy, the derived activation energy values
decreased significantly with increasing strain, showing the dependence of the
activation energy on the deformation condition.

Part IV : Effect of Mn and dispersoids on recrystallization resistance of

6082 aluminum alloys during post-deformation annealing

1)

)

3)

(4)

By the addition of Mn and the low temperature homogenization treatment at

450 °C, a large amount of a-Al(Mn,Fe)Si dispersoids were generated and retained

in the aluminum matrix of Mn-containing 6082 aluminum alloys.

During post-deformation annealing at 500 <C, the base alloy free of Mn and
dispersoids exhibited the worst recrystallization resistance. After 2 h annealing a
partial static recrystallization occurred, whereas after 4 h annealing the grain
growth appeared.

The presence of a large amount of dispersoids greatly stabilized the deformed
structure and thus significantly improved the recrystallization resistance. Even
after 8 h at 500 °C annealing, the recovered grain structure was well retained in
all Mn-containing 6082 aluminum alloys.

In the Mn—containing alloys, a small amount of recrystallized grains can be
observed. The static recrystallization took place in the particle free zones (PFZs)
and the recrystallization resistance was mainly controlled by the PFZ fraction.
The increased PFZ fraction with increasing Mn content led to an increase in the
recrystallization fraction. Among three Mn-containing alloys, the alloy with 0.5%

Mn exhibited the best recrystallization resistance due to the minim PFZ. With
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further increase in the Mn content to 0.75% and 1%, the recrystallization

resistance moderately deteriorated due to the increased PFZ fraction.

7.2 Recommendations

In the present study, the alloys investigated were mainly refers to Mn addition,
heat treatment and hot deformation behavior of 6060 and 6082 alloys. Effects of the
homogenization temperature, time, cooling rats as well as micro-alloying of Mn on
the evolution of microstructure and hot workability of AA6060 aluminum alloys were
investigated. Effects of Mn-containing dispersoids on the hot deformation behavior
and recrystallization resistance of 6082 aluminum alloys were investigated. Hot
deformation flow stresses and activation energies as well as DRV, DRX, SRV and

SRX were investigated. Based on the present study following recommendations can

be made for future work:

(1) Study of Mn-dispersoids strengthening, solid solution strengthening and T5/T6
aging strengthening in 6082 alloys. By conducting different heat treatment, the
alloy could be strengthened via three hardening mechanism, the alloys could be
strengthened through different ways and achieve the optimum mechanical
properties at room or elevated temperatures.

(2) Investigation of mechanical properties failure mechanism of 6082 alloys. With a
certain heating procedure, mechanical properties failure takes place via dissolution
of nano-scale Mg,Si and dispersoids. Whereas the solid solution strengthening is

always effective. The strengthening mechanism on function of Mn and heating
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procedure deserves to be studied systemically.

(3) Recrystallization resistance in the four 6082 alloys. Different initial deformation
conditions could be selected to respond the different energy storage level, with the
different dispersoids amount in alloys, recrystallization resistance during different
annealing treatment could be further studied.

(4) Analysis of the dispersoids dissolution process during hot deformation and
annealing. The relationship between dispersoids dissolution and deformation flow
stress curve as well as the properties after deformation and annealing could be
investigated systemically.

(5) Constitutive modeling based on the flow stress curves. The entire flow stress
curves could be used as the typical flow stress during constitutive analyses, so that
a map of activation energies could be established based on the flow stress curves,
which reflecting the dynamical relationship between activation energies and flow

stresses.
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