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Abstract  

The effects of natural aging (NA), and its combination with pre-aging (PA), on the strength and 

electrical conductivity (EC) of drawn Al–Mg–Si AA6201 conductor alloys were studied. Natural 

aging had a negative impact on precipitation before the drawing process. However, wire drawing 

counteracted the detrimental influence of natural aging on precipitation hardening; after drawing 

and post-aging, the NA samples exhibited a better combination of strength and EC compared to 

those of the samples that did not undergo NA. Transmission electron microscopy results show 

that the NA samples exhibited a higher number density of precipitates in the drawn and post-

aged conditions relative to those of the samples that did not undergo NA. The combination of 

natural aging and pre-aging followed by wire drawing and post-aging provided the highest 

strength (369 MPa) with an acceptable EC (53% IACS). The applied natural aging and pre-aging 

modified the strengthening contributions in AA6201 conductor alloys in favor of precipitation 

hardening. The relationship between strength and EC was analyzed in detail using strengthening 

models and Matthiessen’s rule based on various microstructural features.  

 

Keywords: Al-Mg-Si conductor alloys, electrical conductivity, mechanical properties, natural 

aging, pre-aging  

1. Introduction  

The demand for self-supporting overhead power lines in the electrical industry has attracted 

broad attention for the use of Al–Mg–Si conductor alloys (such as AA6101 and AA6201 alloys) 

because these Al alloys provide an excellent combination of high strength with the desired 

electrical conductivity (EC) [1-3]. The principal strengthening mechanisms in aluminum alloys 

are precipitate strengthening, strain hardening, solute strengthening, and grain-boundary 
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hardening. However, electrical resistivity originates from crystal defects, solutes, and precipitates 

owing to disruptions in the atomic periodicity and strain fields in a crystal structure [4-7]. Solute 

atoms along with GP zones are known to be strong factors that scatter conduction electrons [4, 5, 

8]. Therefore, the parameters that improve the strength often cause an increase in electrical 

resistivity in Al–Mg–Si conductor alloys, indicating that strength and EC are mutually 

incompatible. 

The predominant fabrication route of Al conductor cables is by means of the Properzi 

continuous casting–rolling (CCR) process, followed by cold wire drawing (Fig. 1) [2, 9]. A bar 

with a trapezoidal cross section (Fig. 1a), cast by a Properzi wheel, is directed toward an in-line 

multi-stand hot-rolling process to produce a rod with a diameter of 9.5 mm (Fig. 1b) [10]. The 

rod is subsequently cold-drawn to fabricate electrical cables (Fig. 1c). The temperature of the 

cast bar prior to hot rolling is maintained above the solvus temperature of the Al–Mg–Si alloy to 

ensure solutionizing and optimal aging response [11]. Immediately after the rolling process, the 

rods are rapidly cooled to 50-65 °C by spraying an oil-in-water emulsion to prevent precipitation. 

The rods, which are directed to the winding process in the subsequent step, require a few hours 

to reach room temperature [9]. The coiled rods are eventually subjected to a wire drawing 

process, followed by artificial aging to optimize the strength and EC [2]. As the wire drawing 

process is typically implemented in a separate unit, the transportation and storage arrangements 

normally delay the drawing process up to several weeks. The slow cooling from 50-65 °C and 

subsequent storage at room temperature often cause substantial natural aging before the wire 

drawing process. This type of natural aging in the industrial practice is slightly different as the 

conventional natural aging at room temperature owing to a part of aging at higher temperatures 

(50-65 °C). 

 

 

 

 

Fig. 1 Schematic Properzi process for aluminum conductive wires 
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Rometsch et al. [12] reported that natural aging without cold working results in the formation 

of numerous solute clusters and GP zones while slightly reducing the quantity of dissolved atoms 

in the matrix. Thus, the formation of clusters and GP zones increases the strength but decreases 

the EC because the radius of the clusters and GP zones is smaller than the electron mean free 

path [7]. In practice, natural aging takes place during storage before the wire drawing process [3, 

9], meaning that wire drawing might affect the clusters and GP zones that form during natural 

aging. Cervantes et al. [3] reported that natural aging of the AA6201 alloy at room temperature 

followed by wire drawing and post-aging exhibited a better combination of strength and EC 

compared to those of samples that did not undergo natural aging in the subsequent aging 

treatment, of which the underlying microstructure was not investigated.  

Several studies have been devoted to the modified thermomechanical treatment (M-TMT) with 

artificial pre-aging before the drawing process and post-aging to attain a better trade-off between 

strength and EC compared to those achieved by the conventional thermomechanical treatment 

[13-15]. It has been reported that the presence of precipitates in samples fabricated using the M-

TMT could boost strain hardening during cold deformation [13, 15], although Cheng et al. [16] 

observed that the samples exposed to under-aging and peak-aging exhibited less strain hardening 

compared to that of the as-quenched samples. Therefore, the exact strengthening mechanisms in 

M-TMT samples remain controversial.  

Given that precipitation hardening is one of the major strengthening factors in Al–Mg–Si 

alloys, it is worthwhile to address the precipitation sequence during aging treatment. The 

precipitation sequences of the Al–Mg–Si materials in the as-quenched condition are as follows: 

clusters of Mg and Si atoms, GP zones, β", β', and equilibrium β-Mg2Si [17, 18]. However, cold 

deformation after solution treatment can disturb precipitation events owing to the presence of 

dislocations. In deformed samples, β' precipitation can be promoted along the dislocations, and 

β" precipitation might be bypassed [19-21]. Therefore, the precipitation sequences in the as-

deformed condition can become clusters/GP zones, β', and equilibrium β-Mg2Si [20, 21]. 

In the present work, natural aging was adopted in the thermomechanical treatment to simulate 

the aforementioned natural aging in industrial practice. This study focuses on the evolution of the 

strength and EC of naturally aged and pre-aged AA6201 conductor alloys compared to those of 

alloys with no natural aging. The microstructural evolution under various conditions was 
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investigated using transmission electron microscopy (TEM) and differential scanning 

calorimetry (DSC) analysis. The mechanisms for improving the strength and EC of AA6201 

conductor alloys are discussed based on constitutive models.  

2. Experimental  

An AA6201 alloy with the chemical composition of Al-0.62%Mg-0.62%Si-0.1%Fe (wt.%) 

was prepared in an electrical resistance furnace. The melt was cast in a steel permanent mold to 

obtain cast ingots with a dimension of 30 mm × 40 mm × 80 mm. After casting, the 

homogenization of cast ingots was conducted at 560 °C for 6 h, followed by hot rolling at 350-

480°C with an area reduction of 70%. Afterward, the samples were cut and machined into the 

square bars. The hot-rolled materials were subjected to a solution heat treatment at 540 °C for 2h, 

and then water-quenched to the room temperature. The experimental procedures of natural aging 

and pre-aging are shown in Fig.2. As the base case for the comparison, a set of samples after 

wire drawing without natural aging were prepared (Fig. 2a), designated as the No-NA samples. 

The natural aging was composed of 10h or 20h at 70 °C followed by keeping at room 

temperature for 2 weeks (Fig. 2b), referred to as 10NA and 20NA samples hereafter, 

respectively. It should be mentioned that this type of natural aging was designed to simulate the 

industrial natural aging phenomenon in the lab controlled condition. Subsequently, cold wire 

drawing with 50% reduction was applied to the samples, producing wires with a diameter of 4.7 

mm. The artificial aging at 180 °C at different aging times was applied just after wire drawing. 

Another set of 20NA samples was exposed to the pre-aging at 180 °C for 5h (similar to the peak-

aging T6 temper), labeled as 20NA-PA samples. Then it followed by the wire drawing (50% 

reduction) and re-aging at different times (Fig. 2c).  

The mechanical properties of drawn wires were characterized by microhardness and tensile 

strength. The HV hardness tests were carried out on the cross-sectional surfaces of the samples 

perpendicular to the wire drawing direction with a constant force of 25 g and dwell time of 20 s. 

The reported hardness value was based on an average of at least eight measurements. Tensile 

tests were conducted on the samples with a gage length of 250 mm at the strain rate of 8×10
-4

 s
-1

 

according to ASTM B557 and ASTM E8. For each condition, three tensile tests were performed, 

and the mean strengths were reported. The electrical conductivity was determined by at least 
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fifteen measurements using the Sigmascope method with a frequency of 480 kHz based on 

ASTM E1004. 

Differential scanning calorimetry (DSC) analysis was performed by the PerkinElmer machine 

in an argon atmosphere with a heating rate of 10 
o 

C/min to reveal the precipitation behavior of 

the samples. The measurement of classical onset and peak temperatures was carried out based on 

the technique described in Ref. [22]. The precipitates and dislocations were analyzed using TEM 

operated at 200 kV. TEM samples were mechanically ground and then electropolished by a twin 

jet unit with the solution of 30% HNO3 in methanol at the temperature between -20 and -30°C. 

The foil thickness was measured by the convergent beam electron diffraction (CBED) technique. 

The bright-field TEM images were acquired in <001> zone axis for precipitates and in <011> 

zone axis for dislocation observation. The methods for precipitate statistics were elaborated in 

detail in Ref. [23]. The average precipitate length was measured (at least for 200 precipitates) in 

<200> and <020> zone axis using the image analyzer software (Image J) on TEM micrographs. 

The measured precipitate length was corrected based on the tilting in X and Y direction and then 

reported. In addition, the average cross section of precipitates was also measured (at least for 200 

precipitates) in <002> zone axis using the same software (Image J) on TEM micrographs. The 

final equation to measure the precipitate density is defined as follows [23]. 

ρ = 
  

      
                                                                                                                                    (1)              

Where N, A, t and λ stand for the number of precipitates in <001> zone axis, area of the matrix 

containing the 

precipitates, foil 

thickness on which 

precipitates are 

observed, and the 

corrected average 

precipitate length, 

respectively. 
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Fig. 2 A scheme of the experimental procedures (a) without natural aging (b) with natural aging 

(c) natural aging combined with pre-aging. Arrows show where wire drawing was applied 

 

3. Results 

3.1.  Strength and EC  

Fig. 3a and 3b show the evolution of hardness and EC during artificial aging at 180 °C, 

respectively. The hardness curves (Fig. 3a) indicate that the peak hardness of the samples with 

natural aging (10NA or 20NA samples) was higher than that of the No-NA samples. The 

hardness of the No-NA, 10NA, and 20NA samples reached 128, 133, and 138 HV, respectively, 

under the peak-aged condition. After peak aging, the hardness of all the samples gradually 

decreased with aging time. The No-NA samples reached the peak hardness in a shorter aging 

time compared to those of the 10NA and 20NA samples. Overall, the 20NA-PA samples 

exhibited the highest hardness values at a given aging time. Given that the 20NA-PA samples 

reached the peak hardness before wire drawing with pre-aging at 180 °C for 5 h, its hardness 

after wire drawing continuously decreased with aging time, as presented in Fig. 3a.  

Fig. 3b shows that the EC values for the naturally aged materials and the No-NA samples grew 

sharply in the early stage of aging owing to the decomposition of the supersaturated samples and 

then moderately increased until reaching a plateau. Although the EC values of the 20NA-PA 
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samples improved during the pre-aging treatment to some extent, their increased EC values 

during the early stage of aging were less than those of the other sample conditions. Therefore, the 

20NA-PA samples possessed the lowest EC at a given aging time above 5 h of aging. The EC 

improvement during post-aging can most probably be attributed to the extraction of solutes into 

precipitates because the electrical resistivities of precipitates are less than those of solutes.   

The hardness and EC of the non-drawn 20NA samples are also shown in Fig.3a and b for the 

comparison. The non-drawn 20NA samples reached the peak hardness after 5h aging, showing 

low precipitation kinetics due to the small number of dislocations. In addition, its EC values 

increased more slowly relative to the drawn samples, suggesting that dislocations could assist the 

extraction of more solutes into precipitates and resulting in higher EC in the drawn samples.  

Fig. 3c shows the hardness versus EC for all aging times, and Fig. 3d shows an enlarged view 

of the hardness and EC above 52.5% IACS, which is the minimum required EC for AA6201 

conductor alloys [24]. As shown in Fig. 3c, the non-drawn 20NA samples did not exceed the 

minimum required EC. Fig. 3d reveals that the 10NA, 20NA, and 20NA-PA samples 

outperformed the No-NA samples in terms of hardness and EC. The hardness of the 20NA-PA 

sample was superior to that of the other samples by up to 53% IACS. However, the surplus of the 

20NA-PA samples reduced with a further increase in % IACS, resulting in a rather narrow 

window of EC and hardness above 52.5% IACS. In general, if the strength is the main concern, 

the 20NA-PA material (with the minimum 52.5% IACS) is an appropriate choice for conductor 

alloys. However, the 10NA and 20NA materials show a better combination of strength with EC 

when a high EC (above 53% IACS) is the priority.  

Because the principal objective of this study was to improve strength while satisfying the 

minimum required EC, according to the results presented in Fig. 3, the samples aged for 5 h were 

chosen for further tensile tests. The ultimate tensile strength (UTS) values for the No-NA, 10NA, 

20NA and 20NA-PA samples were 332, 339, 343, and 369 MPa, respectively, as shown in Fig. 

4a along with their EC values. The NA samples exhibited a relatively higher strength than that of 

the No-NA samples. The 20NA-PA sample had the highest strength, while the No-NA samples 

showed the lowest strength among all studied samples above the minimum required EC. Fig. 4b 

shows a comparison of the UTS values of the present work with the materials (AL2 to AL7) 

referred to in the EN 50183 standard [26]. It is apparent that the strengths of all samples studied 
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were above the requirements of the EN 50183 standard [24] for Al–Mg–Si cables with the 

conventional thermomechanical treatment. Comparing the 20NA-PA sample after 5 h of aging 

with AL3 at ~53% IACS, it can be deduced that the strength was improved by approximately 

25% in the present work. 

 

 

 Fig. 3 Evolution of (a) HV hardness and (b) EC as a function of the aging time, (c) HV 

hardness as a function of EC for all aging times and (d) enlarged HV hardness as a 

function of EC above 52 % IACS. Error bars are omitted for the clarity in Fig. 3d. 
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Fig. 4 (a) the ultimate tensile strengths above 52.5 %IACS along with their EC values and (b) 

comparison of the ultimate tensile strengths of the present work with the materials referred in EN 

50183 standard [24] for the ø4.7 mm wires. 

 

3.2.  DSC analysis 

Fig. 5 shows the results of the DSC analysis of the samples under various natural aging 

conditions. As shown in Fig. 5a, the DSC curves of the samples prior to wire drawing revealed 

three main exothermic peaks (I, II, and III), which correspond to the formation of β", β', and β 

precipitates, respectively. This is consistent with the conventional precipitation sequence of these 

alloys [18]. Considering that the β" precipitates are the major strengthening phase in Al–Mg–Si 

6xxx alloys [18], a closer look at peak I of the three materials is shown in Fig. 5b. The onset 

temperatures of peak I for the No-NA, 10NA, and 20NA samples were 239, 244, and 243 °C, 

whereas the peak temperatures were 265, 267, and 266 °C, respectively. It can be deduced from 

the onset and peak temperatures that natural aging relatively retarded β" precipitation before wire 

drawing, which most likely resulted from more vacancy consumption in the NA samples. Given 

that the area encompassed under peak I is proportional to the quantity of β" precipitates, it is 

clear from Fig. 5b that natural aging caused a notable decrease in the amount of precipitation 

relative to that of the freshly quenched sample (No-NA). Consequently, the AA6201 alloy was 

sensitive to natural aging, and natural aging was found to be detrimental prior to the drawing 

process. 

Fig. 5c displays the DSC results of the samples under the as-drawn condition. It is evident that 

two exothermic precipitation peaks appeared after wire drawing. Heavy deformation prior to the 
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aging treatment could disrupt early precipitation and modify the precipitation sequence. The 

DSC results indicate that β" precipitation was suppressed, and β' precipitation was promoted 

along the dislocations in the drawn samples, as reported in Ref. [19-21]. In deformed samples, it 

has been reported that the Id peak might be associated with the concurrent formation of needle-

shaped and lath-like precipitates, whose crystal structures are similar to that of the β' phase. The 

exothermic IId peak has been attributed to the precipitation of the β phase [19-21]. These β'-type 

precipitates serve as the principle strengthening phase after wire drawing. The close view of the 

Id peaks in Fig. 5d reveals that the onset temperatures of the Id peak for the drawn No-NA, 10NA, 

and 20NA samples were 213.1, 214.2, and 214.3 °C, while the peak temperatures were 238.1, 

243.7, and 243.7 °C, respectively. It can be inferred that natural aging led to an increase in the 

onset and peak temperatures for the Id peak. This is consistent with the relatively longer aging 

time required to reach peak hardness for the naturally aged samples compared to that of the No-

NA sample (Fig. 3a). The relatively large areas of the Id peaks in the naturally aged samples 

(10NA and 20NA) indicates that the strengthening precipitates were promoted with natural aging 

in the as-drawn state (Fig. 5d), which is consistent with the higher peak hardness of the naturally 

aged samples compared to that of the No-NA samples. When comparing the DSC results before 

and after wire drawing, it can be concluded that heavy deformation (cold wire drawing) could 

suppress the adverse effect of natural aging on the strengthening precipitates.  
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Fig. 5 DSC curves of the samples under different natural aging conditions, (a) before wire 

drawing, (b) a close view of peaks I in Fig. 5a, (c) after wire drawing and (d) an enlarged view of 

peaks Id in Fig. 5c.  

 

3.3. TEM microstructural analysis 

To correlate the mechanical strength and precipitates, TEM micrographs of the No-NA, 

20NA, and 20NA-PA samples aged at 180 °C for 5 h are shown in Fig. 6. As mentioned 

previously, the EC values of these samples were higher than 52.5% IACS. All precipitates were 

oriented in the <200> Al direction, and the dark point-like spots were cross sections of 

precipitates directed along the [002] Al direction. The number densities of the precipitates are 

shown in Fig. 6d, and the mean precipitate lengths along with their cross-sectional area are 

shown in Fig. 6e. The precipitates in the No-NA and 20NA samples were identified as the β'-

type phase according to the morphology of the precipitates as well as the above DSC results [19-

21]. The 20NA sample aged for 5 h possessed a higher number density of precipitates relative to 
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the No-NA sample aged for 5 h, resulting in higher hardness values at a given EC (Fig. 3d). The 

20NA-PA sample aged for 5 h exhibited the highest precipitate number density among all 

samples, leading to the largest precipitate strengthening contribution (Fig. 3d). The precipitates 

in the 20NA-PA samples aged for 5 h were evenly dispersed throughout the matrix (Fig. 6c). The 

average cross section and, most notably, the length of the precipitates in the 20NA-PA sample 

were much smaller than those in the 20NA and No-Na samples. The results in Fig. 6e also show 

that the mean cross section of precipitates in the No-NA and 20NA samples were more or less 

similar, whereas the precipitate length in the 20NA sample was relatively smaller. 

Fig. 7 shows a closer observation of the precipitates for three different samples: the No-NA 

sample at peak aging, the No-NA sample aged for 5 h, and the 20NA sample aged for 5 h. In the 

peak-aged No-NA sample, the precipitates were identified with their cross-sectional projections 

(laths and needles) extending in the <001> Al direction (white arrows in Fig. 7a), in which 

coarse lath-like precipitates along dislocations and needle-shaped precipitates were observed. 

The crystal structures of these precipitates were similar to that of the β' phase, as reported in Ref. 

[19, 20]. As mentioned previously, cold deformation (drawing) can modify the precipitation 

sequence by suppressing the formation of the β" phase [19-21], as confirmed by the DSC results 

in Fig. 5. The lath-like precipitates extended along the dislocation line and were dominant in the 

microstructure (Fig. 7a). After 5 h of aging, the precipitates in the No-NA sample coarsened 

(Fig. 6a and Fig. 7b) and were randomly distributed, as shown in Fig. 7b with white arrows. In 

addition to the same precipitates as those observed in the No-NA sample aged for 5 h, the 20NA 

sample aged for 5 h had a considerable number of precipitates with a smaller cross section, as 

indicated by the white arrows in Fig. 7c. These fine precipitates also extended in the <001> Al 

direction and were distinguishable from the coarse lath-like precipitates owing to their smaller 

cross section. The distribution of these fine precipitates was unrestrained by dislocations. The 

higher precipitate number density (Fig. 6d) and higher hardness values (Fig. 3a) in the 20NA 

sample compared to those of the No-NA sample after 5 h of aging could stem from the presence 

of these precipitates.  

Fig. 8 shows the evolution of precipitates in the 20NA-PA samples before and after wire 

drawing. Before wire drawing, a large number of precipitates were observed in the 20NA-PA 

sample (Fig. 8a). After wire drawing, the precipitate length and cross-sectional area decreased 
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considerably (Fig. 8b and 8e), while the precipitate number density decreased slightly (Fig. 8d). 

The re-dissolution of some β" precipitates was plausible during wire drawing, as reported in Ref. 

[25]. Based on the size of the precipitates (~30 nm) in the 20NA-PA sample before wire 

drawing, it can be concluded that the majority of precipitates were shearable β" precipitates [26]. 

The dislocations generated through drawing could consecutively shear the pre-existing β" 

precipitates in the 20NA-PA samples, resulting in small fragmented precipitates; precipitate 

fragmentation has also been reported via dislocation sliding in plastic deformation in Ref. [5, 27, 

28]. After re-aging the drawn 20NA-PA samples for 5 h to obtain the desired EC, the precipitates 

became coarser, and their number density decreased (Fig. 8c and 8d). 

 

Fig. 6 Bright-field TEM micrographs of (a) No-NA sample after 5 h aging (b) 20NA sample 

after 5 h aging (c) 20NA-PA sample after 5 h aging, (d) the number density of precipitates and 

(e) the average length and the cross section of precipitates.  
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Fig. 7 (a) precipitates formed along the dislocations in No-NA sample at peak aging condition, 

(b) No-NA sample aged for 5 h, and (c) 20NA sample aged for 5 h. A and B correspond to the 

cross-sectional projections of lath-like and needle-shaped precipitates in <002> direction; C and 

D correspond to the longitudinal projections lath-like and needle-shaped precipitates, 

respectively.  

 

Fig. 8 Bright-field TEM micrographs of 20NA-PA samples (a) before wire drawing, (b) after 

wire drawing, (c) after wire drawing and 5 h aging, (d) the precipitate number density and (e) 

the average precipitate length and their cross section. 
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3.4. Strain hardening contribution 

In general, strain hardening is one of the main strengthening mechanisms in Al–Mg–Si 

conductor alloys. The contribution of strain hardening to strengthening was determined by 

measuring the difference in hardness before and immediately after wire drawing without aging. 

The increased hardness values due to wire drawing for the No-NA, 20NA, and 20NA-PA 

samples were 28.6, 29.3, and 16.7 HV, respectively, as shown in Fig. 9. It was found that aging 

at 180 °C had a small effect on the recovery softening in the drawn aluminum. From Fig. 9, it 

appears that the 20NA-PA sample exhibited the least strain hardening among all samples, 

although a higher flow stress was required to perform the drawing [29]. In fact, the strain 

hardening contribution in the No-NA and 20NA samples was similar and almost double that of 

the 20NA-PA sample. It is apparent that alloying elements in solid solution led to higher work 

hardening (in the No-NA and 20NA samples) relative to alloying elements in the form of 

precipitates (in the 20NA-PA sample), which is in broad agreement with Ref. [16, 25]. This can 

be attributed to the drag effects of solutes on the dislocations in the No-NA and 20NA samples 

[16].  

Fig. 10 shows TEM micrographs of the drawn samples aged for 5 h, revealing the dislocation 

structures. TEM images were taken in the <011> zone axis close to the (111) planes because the 

(111) planes are major dislocation slip planes in face-centered cubic aluminum alloys. As 

observed in Fig. 10, dislocations were entangled in all the samples after the drawing process. In 

addition to dislocation tangle, some well-defined dislocation cells were also found in the No-NA 

and 20NA samples, as indicated by the white arrows in Fig. 10a and 10b, where the walls 

consisted of entangled dislocations. The well-defined dislocation cells were most likely formed 

in the samples with a higher number of dislocations (20NA and No-NA samples) [30]. 
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 Fig. 9 The hardness increments via strain hardening from wire drawing in three samples.  

 

 

Fig. 10 The dislocation cell substructures for (a) No-NA ; (b) 20NA ; (c) 20NA-PA samples after 

5 h aging taken from <011> zone axis close to (111) planes. 

4. Discussion 

4.1.  Constitutive modeling for strength and EC 

In heat-treated and deformed Al–Mg–Si alloys, several strengthening mechanisms are 

operative, including precipitate strengthening, solid-solution strengthening, dislocation 

hardening, and grain-boundary hardening. For the mechanical strength, the HV hardness of 

conductor materials in a given state can be simulated with the aid of different strengthening 
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mechanisms and the corresponding constitutive equations, assuming that the contributions of the 

strengthening mechanisms are independent and can be added in a linear manner. It is also 

assumed that the yield stress is three times the hardness (σ ≈ 3 × HV) [4, 6, 31]. Then, the 

estimated hardness values can be compared with the experimental values. The total hardness in 

terms of the hardness values from the various strengthening factors can be expressed as follows:  

HVtotal = HV
Al

 + HV
dislo

 + HV
prec

 + HV
gb

 + ΣHVi
sol

                                                  (2) 

Where the total hardness (HVtotal) is estimated by summing the hardness contribution from 

each component, including the aluminum matrix (HV
Al

), the dislocation forest via strain 

hardening in the cold wire drawing (HV
dislo

), the flow stress contributions due to precipitates 

(HV
prec

), grain boundaries (HV
gb

) and the solid solution solutes (ΣHVi
sol

) [4, 6]. The yield 

stress of the aluminum matrix is in the order of 35 MPa for an annealed pure 1100-O aluminum 

alloy [32], and hence, HV
Al 

is considered of the order of 12 HV.  

The dislocation number density in an annealed aluminum material (solution treated) is only 

10
10

-10
11

 m
-2

, which has a negligible contribution to the hardness [23]. Therefore, the 

multiplication of dislocations mainly occurred during cold wire drawing. As mentioned 

previously, the increased hardness values due to cold drawing were directly obtained from the 

hardness difference before and after wire drawing (28.6, 29.3, and 16.7 HV for the No-NA, 

20NA, and 20NA-PA samples, respectively). The Bailey–Hirsch equation (Eq. 3) can provide an 

approximation of the dislocation number density for the samples [8]. 

σ
dislo 

= α.M.G.b.ρ
1/2

                                                                                                      (3) 

Where ρ is the number density of dislocations, α is a geometric constant close to 0.3 [8], M as 

Taylor factor is taken as 2 to convert shear stresses into normal stresses [33], G is the shear 

modulus (26.9 GPa) of FCC Al, and b is the burger vector (0.29 nm) of the dislocations in FCC 

Al(110) [8]. Therefore, calculations showed that the dislocation number densities were 3.4×10
14

, 

3.5×10
14

, and 1.1×10
14

 m
-2

 for No-NA, 20NA, and 20NA-PA samples, respectively, which was 

well agreed with the data in Ref. [8, 34]. 

Eq. 4 (Orowan equation) and Eq. 6 can be used to estimate precipitate strengthening for non-

shearable β' [8] and shearable β" precipitates [23], respectively.  
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σOr
prec 

= 
     

 
                                                                                                               (4) 

Where β is a constant close to 0.28. M, G and b were described above. L is defined as the mean 

particle spacing, expressed in the following equation [8]. 

L= 
 

      
                                                                                                              (5) 

Where N is defined as precipitate number density. 

σshear
prec

 = 
 

  √  
√                                                                                                 (6) 

F= 2βGb
2
. (

 

  
)                                                                                                                 (7) 

Where r is the precipitates size (radius), rc is the transition radius from precipitate shearing to 

bypassing (5nm), and F is the mean obstacle strength provided by precipitates [23]. 

Because the precipitates were principally non-shearable β' precipitates in the No-NA and 20NA 

samples, the Orowan equation (Eq. 4) was used to estimate the amount of precipitation hardening 

[8]. Accordingly, the average inter-precipitate spacings for the No-NA and 20NA samples aged 

for 5 h were 57.3 and 50.5 nm, and their hardness contributions were 50.8 and 57.7 HV, 

respectively. 

For the 20NA-PA sample, the average precipitate length was in the range of the shearable β" 

precipitates. However, using Eq. 6 for shearable precipitates, the precipitate strength was 

calculated to be ~15 MPa (5 HV), which far underestimated the experimental data. It appears that 

the nature of precipitates in the 20NA-PA sample might not be well identified based on their 

length because the precipitates were primarily fragmented during wire drawing and then 

coarsened in the over-aged state. It is worth mentioning that the hardness and precipitate number 

density decreased by ~10 HV and ~6000 µm
-3

, respectively,
 
during post-aging. It is reasonable to 

assume that non-shearable precipitates were the dominant feature, and the Orowan equation (Eq. 

4) could still be used to estimate the amount of precipitate strengthening. The mean inter-

precipitate spacing and the precipitate hardness contribution were 37.6 nm and 77.4 HV, 

respectively, which agree well with the experimental data.  
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The classical Hall–Petch relationship can be employed to estimate the hardness contribution 

from grain-boundary strengthening [8]. 

HV
gb

 = kHPd
-1/2     

                                                                                                          (8) 

Where HVgb is the hardness induced by grain boundaries, and kHP is a scaling constant taken 

as 35 HV µm
1/2

 for Al–Mg–Si aluminum alloys [8]. A comparison of the grain structure of the 

samples revealed that the grain sizes of all samples were similar (on the order of 130 µm) 

because they underwent the same fabrication process. The coarse grain structure indicates that 

grain-boundary strengthening is only a small portion (~3 HV) of the total strength and can be 

assumed to be similar in all samples. 

Solid-solution strengthening is generally ascribed to the interaction of dislocations with their 

surrounding solute atoms, resulting in pinning of the dislocations. Therefore, further external 

stress is required to unpin the dislocations from the solute regions [23]. Eq. 9 provides the 

approximate strength contribution from solid-solution strengthening [8]. 

   σi = kiCi
2/3

                                                                                                                       (9) 

where σi is the strengthening contribution of solute i, ki is a scaling factor for solute i (kMg ≈ 

29 and kSi ≈ 66.3 MPa (wt.%)
-2/3

), and Ci is the concentration of solute i (in wt.%) [4, 8]. It was 

found that almost half of the Si remained in the matrix in 6xxx series alloys with a Mg/Si ratio of 

one when aged at 175 °C for 8 h, while most of the Mg was used in the precipitates [35]. 

Therefore, half of the Si solutes (0.31 wt.% Si) and 0.1 wt.% Mg could remain in the matrix of 

the present alloy, yielding a hardness contribution of ~12 HV from solid-solution strengthening.  

Fig. 11 shows a comparison of the experimentally measured hardness with the predicted 

hardness for various sample conditions. Although the predicted hardness was slightly lower than 

the measured values, the general trend of the hardness difference under various conditions agreed 

well with the measured total hardness. In our previous work, we found that an increase in the Si 

concentration (from 0.4 to 0.89 wt.%) in Al–Mg–Si alloys led to a strength increase of ~90 MPa 

(~25 HV) in the as-quench state before wire drawing, while the constitutive equation predicted 

only ~25 MPa (~8 HV) [36]. Therefore, the amount of solid-solution strengthening might be 

underestimated in the strength model owing to the difficulties in experimentally determining the 

amounts of various solutes in the matrix. As mentioned previously, the hardness contributions of 
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solid-solution strengthening and grain-boundary strengthening were assumed to be constant in all 

samples, yielding a total hardness contribution of 15 HV. Accordingly, strain and precipitation 

hardening are the most important contributors, exhibiting the largest contributions to the overall 

hardness of the samples. As presented in Fig. 11, both the No-NA and 20NA samples aged for 5 

h exhibited almost the same amount of strain hardening. Therefore, the higher hardness of the 

20NA sample relative to that of the No-NA sample after 5 h of aging is attributed to the larger 

contribution of precipitation strengthening in the 20NA sample.  

Although the 20NA-PA sample aged for 5 h had the highest hardness above 52.5% IACS, its 

strain-hardening contribution was the lowest among all samples. It can be deduced from the 

results in Fig. 11 that the higher strength of the 20NA-PA sample after 5 h of aging can be 

ascribed to the appreciably large contribution of precipitation hardening, which was 

approximately 50% and 35% higher than those of the No-NA and 20NA samples, respectively. 

  

Fig. 11 The comparison between predicted and experimentally measured hardness for the No-

NA, 20NA, and 20NA-PA samples aged at 180 °C for 5 h.  

 

It is well known that most strengthening mechanisms cause distortions in the lattice structure 

of metals. It is assumed that each strengthening mechanism induces an additional increase in the 

electrical resistivity of metals. To understand the effect of the microstructural features on the EC 

of the conductor materials, Matthiessen’s rule is adopted here (Eqs. 10 and 11), in which the total 
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electrical resistivity is the sum of the contributions from various microstructural features 

(defects) that cause electron scattering [8, 37]. Then, the total EC (% IACS) can be obtained 

from the electrical resistivity (Eq. 12) [38]. 

ρtotal = ρ
Al pure

 + ρ
DISLO

 + ρ
GB

 + ρ
PREC

 + ρ
SOL

                                                                  (10) 

ρ (total) = ρ
Alpure

 + L
dislo

ρ
dislo

 + S
GB
ρ

GB
 + 

     

          
  

 
+ ΣCi

sol
ρi

sol
                               (11)  

             = 
     

                        
                                                                                        (12)        

 

Where ρ (total) is the total electrical resistivity; (ρ
Alpure

) is the electrical resistivity of AA1350–O 

alloy, which is 2.79×10
-6

 Ω cm at room temperature (equivalent to 61.8 %IACS) [39]; and 

ρ
dislo

, ρ
GB

, ρi
sol

, and ρ
prec

 are the resistivity constants describing for the dislocations, grain 

boundaries, solute elements, and precipitates in the aluminum matrix, respectively. ρ
dislo

 and 

ρ
GB 

were defined to be 2.7×10
-25

 Ωm
3
 and 2.6×10

-16
 Ωm

2
, respectively [8]. L

dislo
 and S

GB
 are 

described as the dislocation density and the portion of grain boundaries, in which S
GB

 is defined 

as 6/d (d is the average grain size). 

As mentioned above, all samples exhibited a similar grain structure and size, giving rise to the 

same electrical resistivity (1 × 10
-9

 Ω cm), which was much smaller than the resistivity of pure 

Al (ρ
Alpure

). By referring to the dislocation number density in all samples, the portions of 

electrical resistivity from dislocations for the No-NA, 20NA, and 20NA-PA samples were 

estimated to be 9.2 × 10
-9

, 9.5 × 10
-9

, and 3 × 10
-9

 Ω cm, respectively. Although the 20NA and 

No-NA samples exhibited a larger portion of the electrical resistivity due to the denser 

dislocation forest relative to that of the 20NA-PA sample, the dislocation contribution to 

resistivity for all samples was considerably smaller than ρ
Alpure

. Considering the total electrical 

resistivity of all materials to be 3.25 × 10
-6

 Ω cm (equivalent to 53% IACS), it can be deduced 

that the electrical resistivity of the samples was less dependent on dislocations and grain 

boundaries. Raeisinia et al. [7] developed an equation showing the contribution of precipitates to 

resistivity based on the precipitate spacing, as shown in Eq. 11. For the contribution induced by 

precipitates, ρ
Prec 

was reported to be 12 Ω (nm)
3/2

, and L
Prec 

(in nm)
 
represent the precipitate 

spacing in Eq. 11 [7]. Therefore, the precipitate resistivity contributions of the No-NA, 20NA, 
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and 20NA-PA samples (aged for 5 h) were calculated to be 0.158 × 10
-6

, 0.169 × 10
-6

, and 0.195 

× 10
-6

 Ω cm, respectively, which were 5%-6% of the total electrical resistivity. 

In Eq. 11, Ci
sol

 is the concentration of solute (i) in the matrix, and ρ
Mg sol

 and ρ
Si sol

 are 

defined as 0.445 × 10
-6

 and 0.496 × 10
-6

 Ω cm (at.%)
-1

, respectively [8]. The electrical resistivity 

from Si and Mg solute atoms was estimated to be 0.193 × 10
-6

 Ω cm, assuming the Mg and Si 

solute levels mentioned above. From the above analysis and calculation, it is evident that the 

solutes in the matrix were the primary cause of the increase in electrical resistivity, and the 

precipitates with a given particle spacing were the second cause of electron scattering in the 

studied samples.  

Using Eqs. 10 and 11, the total electrical resistivities of the No-NA, 20NA, and 20NA-PA 

samples were calculated to be 3.151, 3.162, and 3.182 µΩ cm, respectively. Accordingly, the EC 

levels calculated using Eq. 12 for the No-NA, 20NA, and 20NA-PA samples were 54.7%, 

54.5%, and 54.2% IACS, respectively, which are only slightly overestimated compared to the 

measured EC (~53% IACS) for all samples. The calculated hardness values (Eq. 2) and EC 

values (Eqs. 10 and 12) are concurrently plotted in Fig. 12 and compared to the experimentally 

measured values for all samples. The comparison with the experimental data suggests that model 

captures the general trend of the hardness/EC relationship fairly well. The slightly lower 

hardness and higher EC values estimated by the model relative to the measured values might 

stem from some errors in the solute-strengthening contribution because it had a reverse effect on 

strength relative to EC. 
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Fig. 12 Plot of the hardness vs the electrical conductivity (% IACS) for estimated and measured 

values for all drawn samples. 

4.2.  Microstructural evolution 

 

The DSC results (Fig. 5a and 5b) demonstrate that natural aging was detrimental to the 

subsequent precipitation (peak I) before wire drawing. However, it was found that severe plastic 

deformation via cold wire drawing following natural aging could counteract the detrimental 

effect of natural aging, as confirmed by DSC analysis, TEM, and hardness measurements. For a 

better understanding, Fig. 13 presents a scheme of the microstructural evolution that occurred 

under various conditions.  

The microstructure of the No-NA sample in the as-drawn condition comprised a forest of 

dislocations with no precipitates (Fig. 13a). During artificial aging, the majority of precipitation 

occurred along dislocations as nucleation sites [19, 20, 40]. At the peak aging condition, the 

preferential distribution of precipitates along dislocations was the dominant feature of the 

microstructure (Fig. 7a). After 5 h of aging, these precipitates became coarser and more 

homogenous (Fig. 7b and Fig. 13b). Two types of precipitates formed in the No-NA sample: 

lath-like and needle-shaped precipitates, whose crystal structures had a similar hexagonal 

substructure as the β' precipitates [19].  

In the naturally aged 20NA samples, a large number of GP zones formed, primarily over the 

matrix (Fig. 13c). In the subsequent cold wire drawing, GP zones were successively sheared 

owing to the dislocation movement during wire drawing. It resulted in increasing interfacial 

energy and reducing thermal stability of the sheared GP zones. Finally, GP zones dissolved into 

the matrix. It appears that they were dissolved as solute-enriched aggregates (Fig. 13d) rather 

than homogeneously dispersed solutes, as confirmed in Ref. [13, 25, 41] using high-resolution 

TEM. This can be attributed to the low diffusion rate of solutes in cold wire drawing. It should 

be noted that the dissolution of GP zones might not be due to an increase in temperature [28] 

because the wire was kept cool with water during drawing. It is worth mentioning that the 

number of dislocations that formed during drawing was relatively similar in the drawn 20NA and 

No-NA samples. During the subsequent aging, in addition to the precipitates that formed along 

the dislocations, it is possible that other phases precipitated from the enriched aggregates [25], 

which could be recognized by their smaller cross section but are not yet identified in the present 
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work (Fig. 7c and Fig. 13e). The higher and wider Id peak in the as-drawn NA sample compared 

to the drawn No-NA sample could be attributed to the formation of these fine precipitates along 

with lath-like and needle-shaped phases (Fig. 7c and Fig. 13e). Therefore, a higher number 

density of precipitates was obtained in the drawn 20NA sample compared to that in the drawn 

No-NA sample. Large lath-like precipitates along dislocations could be connected with 

dislocation-assisted diffusion mechanism (Fig. 7a). Thus, rich dislocations generated during 

drawing could accelerate the diffusion of solute atoms during subsequent aging. Therefore, it 

resulted in larger lath-like precipitates [40, 42]. On the other hand, the solute-enriched aggregates 

in less dense dislocation zones could evolve into fine precipitates during aging. These 

precipitates would be less dependent on the dislocation-induced mechanism, and they might 

grow slowly during aging, leading to finer precipitates. 

In the 20NA-PA condition, precipitation initially occurred in the non-deformed condition after 

5 h of aging, and the microstructure consisted of predominant β" precipitates along with a few β' 

phases. The precipitates were evenly distributed throughout the matrix (Fig. 13f). Then, wire 

drawing was applied to the aged samples (20NA-PA). The number of formed dislocations in the 

drawn 20NA-PA sample was less than that in the drawn 20NA and No-NA samples. This 

suggests that the strain hardening due to the solute atoms in the drawn 20NA and No-NA 

samples was more effective relative to the strengthening of β" precipitates in the drawn 20NA-

PA sample [25]. In the 20NA-PA sample, it was observed that precipitates were also sheared and 

fragmented by moving dislocations (by comparing the precipitate sizes before and after drawing, 

Fig. 8), leading to smaller precipitates (Fig. 13g). The number density of precipitates decreased 

slightly after wire drawing, which might be attributed to the re-dissolution of some β" 

precipitates, as reported in Ref. [25]. After aging at 180 °C for 5 h, the precipitates were 

coarsened in the drawn 20NA-PA sample (Fig. 13h). It is plausible that some β" precipitates 

were transformed into β' phases during the post-aging treatment.  

It should be noted that precipitates in the drawn 20NA-PA sample after 5h of aging are 

uniformly distributed. This is because most precipitates were uniformly formed from the clusters 

and GP zones before wire drawing, and dislocations barely acted as a nucleation site. However, 

in drawn No-NA and 20NA samples, precipitation mainly took place after wire drawing, 

meaning that dislocation-induced precipitation could be dominant. Lath-like precipitates were 
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mainly formed along dislocations at the peak-aged condition in drawn No-NA and 20NA 

samples. 

As discussed in Section 3.1, the naturally aged samples showed a better combination of 

strength and EC relative to those of the No-NA samples. It should be noted that the strain 

hardening in the No-NA and 20NA samples was more or less similar, as discussed in Section 

3.4. Strain hardening and precipitate strengthening were the main strengthening mechanisms in 

the studied samples. Thus, the higher strength of the NA samples is attributed to their higher 

precipitate strengthening. In addition to lath-like and needle-shaped precipitates, the 20NA 

sample microstructure was also characterized by the presence of smaller precipitates (Fig. 13e 

and Fig. 7c), which were most probably enriched aggregates.  

As mentioned in Section 3.1, the 20NA-PA sample showed the highest strength above the 

minimum required EC among all the samples. However, the 20NA-PA sample had the lowest 

strain hardening contribution compared to that of the No-NA and 20NA samples, which is 

schematically shown in Fig. 13g by the lowest number density of dislocations. In contrast, the 

20NA-PA sample possessed the greatest precipitate number density among all samples, 

overcoming the inferiority of strain hardening in the 20NA-PA sample.  

Solutes and precipitates were the major sources of electrical resistivity, controlling the total 

resistivity. As pointed out in Section 4.1, the solutes caused more electrical resistivity compared 

to precipitates in the studied samples. Given that 20NA-PA had the highest precipitate number 

density, it could be deduced that the electrical resistivity of the precipitates in the 20NA-PA 

sample was comparatively higher than that in the No-NA and 20NA samples. Considering that 

the EC (53% IACS) was similar for all samples (3.25 × 10
-6

 Ω cm), it can be concluded that the 

solute resistivity in the 20NA-PA sample might be relatively lower than that in the No-NA and 

20NA samples.  

5. Conclusions 

1. Natural aging combined with wire drawing (in the 10NA and 20NA samples) was found 

to be favorable. The natural aging samples exhibited a higher strength at a given 

electrical conductivity upon subsequent aging treatment compared to the samples without 

natural aging.  
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2. Natural aging combined with pre-aging (in the 20NA-PA sample) showed the highest 

strength above 52.5% IACS among all samples, which was higher than the strength 

values defined in the EN 50183 standard.  

3. The higher strength of the 20NA-PA sample aged for 5 h mainly stemmed from the larger 

portion of precipitate strengthening. However, its dislocation hardening was smaller than 

that of the no natural aging and 20NA samples because solutes exhibited a stronger effect 

on strain hardening than shearable precipitates.  

4. The pre-aging treatment prior to wire drawing maximized precipitate strengthening. 

5. The relationship between strength and electrical conductivity was analyzed in detail using 

strengthening models and Matthiessen’s rule. This approach is believed to provide a 

reasonable explanation for the mechanical and electrical properties of drawn Al–Mg–Si 

conductor alloys. 
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Figure 13 Sketches to illustrate the microstructural evolution in the samples with NA and PA 

compared to the conventional sample (No-NA) before and after aging treatment: (a) as-drawn 

No-NA sample, (b) drawn No-NA sample after 5 h aging, (c) GP zones in 20NA sample prior to 

wire drawing, (d) as-drawn 20NA sample, (e) drawn 20NA sample aged for 5 h, (f) 20NA-PA 

before wire drawing, (g) as-drawn 20NA-PA sample, and (f) drawn 20NA-PA aged for 5 h. 
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