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£valuation de | a sensibilit® " |l a d®chirure
leurs propriétés de traction semisolides

RESUME

Les propriétése nt r act i on des al | i agle's&emdodde wanti ni u m
significatives pour comprendre le comportement de solidification de tels alliages et explorer
les raisons des défauts de coulée. Plusieurs défis doivent étre surmontés pour mesurer avec

précision les propriétésn tractiond e s al | i asgresslidg™ |s'a@sagiamds

gradients thermiques, les fluctuations de charge et les mesuredéermation. La bonne
conception de | 0®prouvette de t rcacultde lan, | e
contrainte bas®e sur | e d®pl acement de | a |
|l a m®t hode de corr ®l ation déi mage num®ri que
surmonter tous | es d®fsatien desopri@ésarpcdond eas por t
al | i a g esemisolidelpbu®évauer la susceptibilité a la déchirure & chaud pendant le
processus de coulée par refroidissement direct. Pour atteindre cet objectif, deux paramétres
ont été étudiésla compositm c hi mi gque et | a vitesse de cou
nouvelle méthode a été évaluée en fonction de sa précision a mesurer les propriétés
élastiques.

Les propriétégntractiondes alliages AA6111 (A et B) € I'ésmisolides ont été étudiées.

Les teneurs en Cu, Mn et Si de | 6alliage A

microstructures des alliages ont été analysées avant les essais de traction et aprés la rupture
par tractionDes essais de tractiggnthermeont été effectuga des températurégudiée a

étéde 510, 520, 535, 552, 564 et 580 °C pendant 1 h pour étudier la porosité/formation de

vide dans les deux alliagelsa plage de tempéture de 450 a 580 °@vecun taux de
déformation de 1@ds1 . La d®f ormati on pendant | es essa
de | a m®t hode de <corr ®I| a tirdesncouthésidenegtrainten u m® r
déformation fiables. Les résultats ont mostgée la résistance la traction desalliages

diminuait progressivemend zéroavecl 6 a u g medala tanhperaturgoour arriver a la
températurele contraintezérg tandis que les contraintes a la rupture diminuaient fortement
avec | 6awudgemelna atta mm®r ature jusquo™ | a temp®
plus, la déformatiofi rwpt ure de | 6alliage B ° noéi mport
pl us ®l ev®e que cridgereb ron méeanituésael mMécamiques defdéchilre s

a chaud ont été utilisés pour étudier les susceptibilités a la déchirure a chaud (HTSs) des
alliages. Compte tenuu critere mécaniquela ZDT et la plage de température fragile de

| 6al | i agree sAp e®ct tmfevieemaseehdupérieures acellesdl 6 al | i age B,
indique qude HTSi n d e alliageeA étaibsupérieur aceluiied al | i age B.

Les propri ® ®s ®l astiques de | 6alliage AAG61
cours de | a phase de d®chargement de | 6ess:

températures (25 a 55C), et une attention particuliere a été accordée aux températures
élevées présgdu solides. Le module de Young a été calculé a partrMles ur es
macroscopiques et localisée® | a d eduiontéidh ai 0 elsbai de doédun ext
et doéune m®t hode de corr ®lcadte iode Rebidsbnaa&ig e n u n

d®t er mi n® en foncti on des tensions axi al es



méthode DIC. Sur toute la plage de température, la méthode DIC a démontré une plus grande

stabilit® dans sa pr®cision avec | 6augmen
| 6extensom tre. Un c¢hange méamYoungmen fonctio®dad ans |
températurea partir de laemperaturel u s od | ®ItuU& d®t ect ® ~ | dai de

Des corrélations entre le module de Youndgeiempérature dans leeuxétatss o | @t d e
semisolide ont été établiecsec o e f fde Boissoméen forioh de la température a montré
un changement spectaculaire presadéempératurelu solidus emaison de la présence de

poches de | iquide. La temp®rature de -fragil
solide a été estimée a 550 °C selon les valeurs critiquzsefficientde Poisson et du rapport

entre le module de cisaillementetle modlile compressi bilit® m®cani
Deux lingots dobéalliage AA5182 (A et B) ont

60 et 75 mm/min. Une enquéte approfondie a été menée, comprenant une analyse
microstructurale des régions souterraines et en vrac, avec des essais de tractiotaprés de
température des solides dans la plage de 520 a 580 °C et avec deux vitesses de déformation
(10%stet10°Y) . LoOéanalyse microstructurale a r®v®l
le lingot A, tandis que le lingot B présentait une transitieadstructure de grain équixée

dans le sousol a la structure de grain colonnaire dans la région en vrac. En ce qui concerne

|l es phases interm®talliqgues, |l e |Iingot A a
le lingot B a montré une grande quarit ® d 6 Al Fe semblable © une
le lingot A présentait des propriétés de traction sawtides supérieures a celles du lingot B

" des temp®ratures dodessai donn®es. La diff

faible taux dedéformation de 1s?. Les valeurs de la plage de température fragile (BTR)

dans le lingot B étaient supérieures a celles du lingot A. Une évaluation de la sensibilité au
d®chirement ° c¢chaud (HTS) ° | 6aide du crit
supérieuraceldu | i ngot A, ce qui a ®t ® confirm® pa
transversale lors de la coulée de refroidissement direct du lingot B.



Evaluation of hot tearing susceptibility of wrought aluminum alloys based on their semisolid
tensile properties

ABSTRACT

Tensile properties of wrought Aluminum alloys in a semisolid state are meaningful to
understandhe solidification behavior of such alloys andinderstanthe reasons for variant
casting defects. Several challenges should be overcome to measure semisolid tensile
properties accurately including large thermal gradjeloiad fluctuatios, and inaccurate
strain measurementAn appropriatedesign of the tensile specimen, the choice of a novel
method to calculate stress based egalge displacement, and straneasuremestusing
the digital image correlation method were the main tools of this study to overcome all
challenges. This project focused on how to use semisolid tensile propemtiesiuatehot
tearing susceptibility during the direct chill casting process. To achieve this objective, two
parameters were studied: chemical composition and casting speed. In addition, the
effectiveness of this novel method was evaluated based on its accuraepdare elastic
properties.

The semisolid tensile properties of two AA6111 direlaill (DC) cast alloys (A and B)
have been studied. The Cu, Mn, and Si contents of alloy A are higher than those of alloy B.
The microstructures of the alloys were analyzed before tensile testing tendeafile
fracture. Isothermal holding was performed in the temperatures of 510, 520, 535, 552, 564
and 580 °C for 1 h to study porosity/void formation in both alloys. Tensile tests were
conducted near the solidus temperature in the temperature rangé 680 °C at a strain

rate of 10* s. The strain during tensile testing was measured using the digital image
correlation method to obtain reliable stressin curves. The results revealed thatensile
strength=of the alloys graduallydecreasedo zerowith increasingtemperatureo arrive at

the zerostresstemperature whereas the strains at the failure decreased sharply with
increasing temperature until zedactility temperature (ZDT) was reached. Moreover, the
failure strain of alloy B at angiven testing temperature was higher than that of alldyok-
mechanical and mechanical Hearing criteria were used to study the -tezring
susceptibilities (HTSs) of the alloys. Considerihhg mechanical criteriorthe ZDT and
brittle temperature range of alloy A were lower and larger than those of alloy B, indicating
thatthe HTSindex of alloy A was higher than that of alloy B.

The elastic properties of the -Mg-Si directchill-cast AA6111 alloy were determined
during the unloading stage of the cyclic tensile test over a wide range of temperatures (25
550°C), and particular attention was paid to
modulus was calculated based on macroscopic and localized strains, which were measured
using an extensometer atite digital image correlation (DIC) method. Poisson's ratio was
determined based on the localized axial and lateral strains measingthe DIC method.

Over the entire temperature range, the DIC method demonstrated a higher stability in its
accuracy with increasing temperature than that using the extensometer. A sharp change in
the slope ofYoung's modulusas a function of théemperaturestarting from the solidus
temperaturewas detected using the DIC method. Correlations between Young's modulus

and temperature in bothe solidand semisolid state were establishe®.oi ssonéds r at.



function of theeemperature exhibited a dramatic change tteasolidus temperatubecause

of the presence of liquid pockets. The onset brittle temperature of AA6111 alloy in the semi
solid state was estimated to be 550AC based
shear modulus to bulk modulus ratio.

Two AA5182 alloyingots (A and B) were cast at different casting speeds of 60 and 75
mm/min. A comprehensive investigation was conducted, encompassing microstructural
analysis of the subsurface and bulk regions, along with tensile testing near the solidus
temperature in # range of 52%80°C and with two strain rates (1@ and 10° s%).
Microstructural analysis revealed the equiaxed grain structure throughout ingot A, whereas
ingot B exhibited a transition from equiaxed structure in the subsurface to columnar grain
structure in the bulk region. Regarding intermetallic phases, the ingot A showed predominant
Al (Fe, Mn) , wher eas t he i ngot Bi keex hiAbi Fec
Consequently, ingot A exhibited superior semisolid tensile properties compared tB atgot
given test temperatures. The difference between the two ingots became pronounced at the
low strain rate of 18s?. The values of the brittle temperature range (BTR) in ingot B were
larger than those in ingot A. An assessment of hot tearing sustgp(HTS) using BTR
criterion revealed that the HTS in ingot B was higher than in ingot A, which was confirmed
by the occurrence of large transverse macrocrack during direct chill casting of ingot B.

Vi
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CHAPTER 1: INTRODUCTION

1.1 Background

Direct chill casting (DC casting) can be considered the main commercial technology to
produce wrought aluminum alloys in the form of extrusion billets or rolling slabs. In early
1930s, DC castingchnologywas commerially used in Germany and UJA]. This process
is semicontinuous Direct chill casting had a unique feature that distinguished it from other
casting techniques. The main benefit of direct chill casting is that the solidification (and the
formation of structure and defects) occurs in a relatively narrow layer of tegskabsand
can be well controlled2]. During the steadgtate stage of casting, the shape and the

dimensions of this region remained constant and reproducible from one heat to dijother

1.1.1. Effect of alloying elements and microstructural features on hot tearing
Hot tearing susceptibility (HTSis strongly related to the alloy composition, and the
addition of small amounts of alloying elements can affect the HTS indices of Al fBoys
4]. Fe is usually considered a harmful element il Si alloys because coarse and large
Ferich intermetallics can hinder metal feeding during the last stage of solidifi¢&}idhis
reported that the hot tearing susceptibility ofMdj-Si-Fe alloy reaches to its maximum at
0.2% F¢6]. By adding Mn to AIMg-Si alloys, the Chinesscript Febearing intermetallics
were formed to suppr e-Besintetmetallicsf whicmfactlitatedithe o f ¢
formation of solid bridges and the flow of liquid metal within semisolid strudtqjrdt is
also reported that increasing Si content enhanced hot tearing susceptibility, which reached to

its maximum at 1% di8]. On the other hand, adding Cu ta' Mgi Si alloys improves the



mechanical strength of cast parts and causes the formationbeaing intermetallics (e.g.,
AliCu phased]. Cu-bearing intermetallics can significantly decrease the melting point and
increase the solidification interval of Al allo}8, 10]. HTS is also related to the amount of
low-melting-point eutectic liquid in the later stages of solidification. Hot tear can be initiated
in solid dendritic networks once the volume fraction of the liquid phase is in the rarige of 2
5%][11]. The relationship between the tetiring resistance and eutectic content depends on
the distribution of the eutectic liquid to the graihg]. The formation of eutectic liquid along
the grain boundaries renders the grains brittle and promotes the propagation of hbgjtears
Hot tearing waslsoreported to be affected by several microstructural features e.g. grain
size and morphology of dendritgs4, 15]. The morphology of the solidified structure may
also have a bearing on hot tearing susceptibility, with the more columnar structures providing
a more straight forward path for crack propagafits}. On the other hand, large grain size
was found to increase the strength of mushy because of its ability to restrict the formation of
continuous liquid film along grain boundarigk/, 18]. For the same solid fraction, large

grains showed great chance for branching and build br{d&ks

1.1.2. Effect of casting speed oot tearing formation

Casting speed was reportedaamessential processing parameter affecting the hot tearing
formation. Increasing casting speed was found to increase the hot tearing susceptibility in
Al-Mg-Si and AlCu alloys[19-2]]. It was also reported that increasing casting speed
produced more macigegregation at the surface of DG-@ui billets[2]. Jamaly et al[22]
reported that slow casting speed reduced the thermal gradient inside AA5182 ingot and thus

small differential thermal contraction occurred so resistance to hot tearing increased.



1.1.3. Role of tensile test in evaluating hot tearing

The partial remelting method of -aast samples during tensile testing has been widely
adopted to investigate the mechanical response of semisolid Al alloys because it induces
similar stressstrain conditions to those during solidification and providesitijiadive stress
and strain results for semisolid allgy&3]. However, partial remelting of samples subjected
to tensile tests presents some challenges, such as high thermal gradients and strain
localizations, even at small straif3l]. Several researchers have investigated the semisolid
tensile properties of various Al alloys, including AA51@5-27], AA3014, AA6111[24],
and AA6061[28]. Previous studies have indicated that tensile tests should be performed in
the strainrates range of B0 +l0& s& to simulate the direethill (DC) casting proced®5,
28]. Hot-tearing studies require semisolid tensile tests at low liquid fractiord QP6), such
that the specimens retain their original shapes as E28id A short holding time at a
semisolid temperature (within a few minutes) and high heating rates are recommended for

partial remelting tests to minimize the effect of badfusion [29].

1.1.4. Digital image correlation method

Strain measurement was considered one of the major challenges during semisolid tensile
testing. Traditional extensometeverefound to underestimate tii@cture strain because of
the stress concentration developed at the contact area between the extensometer and the
tensile samplg30]. Recently, a novel contactless measurement method was developed based
on capturing images of the tensile sample throughout the test followed by image analysis.
This new methodvascalleddigital image correlation method (DIC). The DIC method had
several advantages ovéine traditional strain measuringiethods including its high

resolution, precision, and its ability to acquire {fidld deformation and strain field of
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various scaleg31]. DIC method was previously used to measure the tensile properties of Al
Cu in semisolid statesing xray imageg32]. In addition, DIC method proved its capability
of obtaining the strain maps of AA6111, AA3104, CA31218, an@Alduring solidification

and measuring the minimum strain at which strain localization occ|8igd

1.1.5. Hot tearing criteria

Hot tearing criteria were classified into three divisions: mechanicalmemhanical and
combined criteria. Mechanical criteria proposed tiat developedhermal stresses and
strainsduring solidificationare the main causeof hot tearing. Mechanical criteriaere
based on shrinkage stres§gg], straing34], and strain rateslt was concluded that strain
and strain ratarethe critical factors to evaluate hot tearing as the imposed stresses during
solidification are so high compared witine strength of the musiOn the other hand, nen
mechanical criterishowed thathe lack of feeding could be the main reason for crack
initiation during solidification[35]. Finally, RDG criterion combined the mechanical
criterion represented by strain rate and-nmthanical criterion represented by permeability
in their model which was based on a critical pressure below which cavities may initiate
forming hot tear§6]. Several hotearing models consider a critical temperature range, where
the possibility of hot tearing increadés36,37. Thi s temperature rang:
temperature rangeo (-dudiRy tempeapuee (ZOT) torthee merot he z
strength temperature (ZST); in this range, the material can sustain its strength without further
straining[38]. The wider the BTR, the larger the HTS index. The ZDTs of the alloys are
typically lower than their ZSTs. Various studies were previousing BTR criterion to

evaluate hot tearing susceptibil[®4, 25, 39].



1.2 Definition of the problem

Hot tearing is one the most common defects during direct chill casting. Two hot tearing
susceptible alloys were selected for thisject: AA6111 and AA5182. It should be noted
that AA6111 was classified as a high hot tearing susceptible, allloye AA5182 was
considered as a moderate hot tearing susceptible [@Joyor the study of the effect of
chemical composition on hot tearing of AA6111, two alloys with minor difference in
chemical composition were received from Arvida Research and Development Center
(ARDC). The alloy having high alloying element content hadaalcpropagating along its
rolling face however the casting route for both alloys was similEinerefore, the difference
of hot tearing between both alloys was highly recommended to be evaluated. For AA5182
alloy, the situation was different. The two received ingots had the same chemical composition
but the difference between them was in the castotge,especially casting speed. The ingot
cast at high speed 75 mm/min hadewvere maciack propagated along its rolling face
while the other ingot cast 80 mm/min was free of hot teatSonsequentlythe difference
of hot tearing susceptibilities of each ingot was important to be addressed.

Hot tearing susceptibility is highly dependemitensile properties of wrought aluminum
alloys in semisolid state. The main challenges of measuring semisolid tensile properties are
high thermal gradient, counter forces exerted by fixed grips aghestermagxpansion of
the tensile sampldigh fluctuation in force values at high temperataed inaccuracyf
strain measuremeritherefore, a novel method for measuring stress and strain was developed
in this study.Measuring elastic propertied alumnum alloysin semisolid state is highly
challengingso it was selected for testing the accuracy of the novel méefhedaccuracy of

the measured elastic properties in semisolid state wabdoause of the effect of liquid on
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underestimating the resuléd te uneven thermal distribution along tensile samptes.
addition, the no#linearity of stress vs strain curves of metals when tests were performed
above the solidus temperatusmhich made the measurements of high temperature elastic

propertiednaccurate

1.3 Objectives

The main objective of this work is to study the mechanical behavior of two commercial
aluminum alloys (e.g. AA6111 and AA5182) produced by direct chill casting process.
Semisolid tensile properties in the as cast condition were used to evaluate theimgt tea
susceptibility of such alloys. The specific objectives for each subproject are listed as follows:
Part 1: Effect of chemical composition on the semisolid tensile properties and hot
tearing susceptibility of AA6111 DC cast alloys

A. Study the effect of changing chemical composition on the semisolid tensile properties
of AA6111 alloys.

B. Use digital image correlation method to measure both fracture strain and strain
distribution during tensile test.

C. Use two kinds of models to evaluate hot tearing susceptibiliiyesftudied alloys.
The first model isthenon-mechanical model proposed by Ri0]. The second model

is themechanical model based on brittle temperature range.

Part 2: Temperature dependence of elastic properties of AWg-Si DC-cast AA6111
alloy at near-solidus temperatures

A. Study the relationship of Youngds modul us
with two strain measurement methods, 1) conventional extensometer and 2) novel
digital image correlation method.

B. Evaluate the difference in accuracy betwtetwo strain measurement methods.



C. Measure Poissond6s ratio based on axial an
image correlation then estiméates onset temperature of brittleness based on these

measurements.

Part 3: Tensile properties of the subsurface and center regions of AA5182 DC cast ingot
in the semisolid state and their hot tearing susceptibility

A. Explore the effect of changing casting speed on the semisolid tensile properties of DC
cast AA5182 and its microstructural features.

B. Study the effect o fsusuliageragdibukgyegions)powt 6 s posi
semisolid tensile properties of AA5182.

C. Study the effect of changing displacement rate from 0.01 to 0.1 mm/s on semisolid
tensile properties of AA5182.

D. Evaluate hot tearing susceptibility of all conditions usimgechanical criterion based
onthebrittle temperature range.

1.4 Originality statement

From the fact that performing tensile test above solidus is challergmuyel method was

developed in this work to measure stress and strain precisely. This novel method involves

calculating the stress based e L-gauge displacement and measuring strain utfieg

digital image correlation method. As mentioned in section 1.2, the values of forces measured

by the Gleeble machine are highly fluctuating whtetests are operated abave solidus

temperature. The-gauge displacement is linearly proponal to the force so the slope of

this relationship may be used to convtkel -gauge displacement to the corresponding force

values to calculate the resultant stresses. On the other hand, digital image correlation

techniqueas operated to measure the fracture strain and the strain field evolution during the

tensile test effectively.



In the first part, a new systematic study has been performed to study the hot tearing based
on tensile properties measured by our novel method. As the role of iron interrsetadlic
copper rich phases on tensile properties of AA6111 above solidus was rarely investigated,
the effects of chemical compositions and their corresponding intermetallics phases have been
deeply investigated. Moreover, a norechanical criterion based onul6 s mo d e | ano
mechanical criterion based tmebrittle temperature range have been used to study the hot
tearing susceptibilities of two different alloys, which has not be done beftireliterature.

In the second part, the use of loading/unloading cycles to measuréehighrture
Youngd6s modulus above solidus as a function
Furthermore, all elastic properties have been measured based on localizedsstraiwel
and interesting results are obtained. Based on these results, the onset temperature of
brittleness of AA6111 is estimated.

In the last part, the novelty of this study is measuring the tensile properties at two positions
near the surface of the received DC cast ingot and evaluate the hot tearing susceptibility based
on the brittle temperature range. There is insufficient literature discussing the effect of
changing casting speed on the semisolid tensile properties of DC cast AA5182 and its
microstructural features. Lik@a the first part, the novel method is operated to measure the
semisolid tensile properties under all condisioTherefore, this work may be integrated into

the current literature to complete the missing rings.

1.5 Thesis outlines
The thesis is organized into five chaptéfbe ntroduction is presented in Chapter 1
starting with a brief background on the use of tensile testitigegemisolid state to evaluate

hot tearing susceptibility. This background also discusses the effect of chemical composition
8



and casting parameters on hot tearing susceptibility and the different models previously used
to evaluate hot tearing susceptibility. In addition, this background introduces the advantages
of thedigital image correlation method as an alternative to the traditional strain measurement
methods.

I n Chapter 2, the published paper AEffect
properties and hot tearing susceptibility o
Science, 2022, is presented. This chapter discusses the use ofiddemnsde properties in
evaluating the hot tearing susceptibility of two AA6111 alloys having minor difference in
alloying elements e.g., Cu, Mn and Si. The hot tearing susceptibility of both alloys was
evaluated based on two criteria: mechanical (bti¢theperature range) and rorechanical
(Hués model ).

I n Chapter 3, the published paper fATemper e
Mg-Si DC-cast AA6111 alloy atnewol i dus temperatureso in t
Engineering and Performance, 2023, is presented. This chapter discusses thenefésatifre
using our novel method to measure precisely elastic propentees nl y Youngds mod
Poissonds ratio. L o a Wearenogefatesahdald propertges weeen s i | e
measured durintheunloading stage. The interesting results were tsedtimate the onset
temperature of brittleness tife AA6111 alloy.

I n Chapter 4, the paper entitled ATensile
AA5182 DC castingotithes e mi sol i d state and their hot t e
This chapter investigates the main reasons for the formation of hot tears in AA5182 alloy
cast at 75 mm/min, while no apparent defgasfound in the same alloy when the casting

speed was reduced to 60 mm/min. Two positions of each ingot representing subsurface and
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bulk regions were selected for applying tensile test in semisolid state. The tensile properties
and subsequent fracture analysisief tensile samples were used to understand the main
difference between both ingots.

Finally, in Chapter 5, the general conclusions and recommendations for futuseanerk

presented. A list of publicatiormdposters has been included following this chapter.
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CHAPTER 2: EFFECT OF CHEMICAL COMPOSITION ON THE
SEMISOLID TENSILE PROPERTIES AND HOT
TEARING SUSCEPTIBILITY OF AA6111 DC CAST
ALLOYS

(Published in Journal of Materials science)

Abstract

The semisolid tensile properties of two AA6111 direlaill (DC) cast alloys (A and B)
have been studied. The Cu, Mn, and Si contents of alloy A are higher than those of alloy B.
The microstructures of the alloys were analyzed before tensile testing tendeafile
fracture. Isothermal holding was performed in tieperaturesf 510, 520, 535, 552, 564
and 580 °C for 1 h to study porosity/void formation in both alloys. Tensile tests were

conducted near the solidus temperature in the temperature rangé 680 °C at a strain
rate § 104 s1. The strain during tensile testing was measured using the digital image

correlation method to obtain reliable stressin curves. The results revealed thatensile
strength=of the alloys graduallydecreasedo zerowith increasingtemperatureo arrive at

the zerostresstemperature whereas the strains at the failure decreased sharply with
increasing temperature until zedactility temperature (ZDT) was reached. Moreover, the
failure strain of alloy B at angiven testing temperature was higher than that of alldyok-
mechanical and mechanical ketring criteria were used to study the -teatring

susceptibilities (HTSs) of the alloys. Considerthg mechanical criteriorthe ZDT and



brittle temperature range of alloy A were lower and larger than those of alloy B, respectively,

indicating thathe HTSindex of alloy A was higher than that of alloy B.
Keywords: AA6111 alloys, hotearing susceptibility, DC casting, digital image
correlation.

2.1 Introduction

Hot tearing, a common cast defect that occurs during the last stage of solidification,
involves a continuous solid network of dendritic grains surrounded by a liquid film and
pocketq1]. Mush structures are often subjected to tensile stress due to the thermal gradient
and solidification shrinkage during casting. When the strength of the mush structure is
insufficient to sustain the applied thermal stress, cast defects, such as hotarehpogpsity,
occur [1-3]. Hottearing susceptibility (HTS) depends on several factors, such as
solidification interval, microstructure development, eutectic feeding ability, and mechanical
response of solidified microstructure 3].

The partial remelting method of -aast samples during tensile testing has been widely
adopted to investigate the mechanical response of semisolid Al alloys because it induces
similar stressstrain conditions to those during solidification and providestiiadive stress
and strain results for semisolid alldys 5]. However, partial remelting of samples subjected
to tensile tests presents some challenges, such as high thermal gradients and strain
localizations, even at small straif§}. Several researchers have investigated the semisolid
tensile properties of various Al alloys, including AA51829], AA3014, AA6111[10], and
AAG061 [11]. Previous studies have indicated that tensile tests should be performed in the

strainrates range of 10- 103s to simulate the direathill (DC) casting procedd, 12, 13].
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Hot-tearing studies require semisolid tensile tests at low liquid fractfonsg@ 1 ]p such

that the specimens retain their original shapes as Eblid A short holding time at a
semisolid temperature (within a few minutes) and high heating rates are recommended for
partial remelting tests to minimize the effect of badkusion [4].

HTS is strongly related to the alloy composition, and the addition of small amounts of
alloying elements can affect the HTS indices of Al allfly<?]. Fe is usually considered a
harmful element in AIMgi Si alloys because coarse and largeri€le intermetallics can
hinder metal feeding during the last stage of solidificafidj. It is reported that the hot
tearing susceptibility of AMg-Si-Fe alloy reaches to its maximum at 0.2%[EB]. By
adding Mn to AIMg-Si alloys, the Chinesscript Febearing intermetallics were formed to
suppress t he f-&ainteanetallcs which facditatedithe ®rmétion of solid
bridges and the flow of liquid metal within semisolid strucfur§. It is also reported that
increasing Si content enhanced hot tearing susceptibility, which reached to its maximum at
1% Si[17]. On the other hand, adding Cu toi Mgi Si alloys improves the mechanical
strength of cast parts and causes the formation dbeg@ung intermetallics (e.g., Au
phases)18]. Cubearing intermetallics can significantly decrease the melting point and
increase the solidification interval of Al alloj/8, 19]. HTS is also related to the amount of
low-melting-point eutectic liquid in the later stages of solidification. Hot tear can be initiated
in solid dendritic networks once the volume fraction of the liquid phase is in the rarige of 2
5%][20]. The relationship between the Hearing resistance and eutectic content depends on
the distribution of the eutectic liquid to the grajds21]. The formation of eutectic liquid
along the grain boundaries renders the grains brittle and promotes the propagation of hot tears

[22, 23).
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The criteria used for predicting the HTS of Al alloys can be classified asechanical
and mechanical modeJ&1, 24]. The noamechanical criteria account for the fluid flow and

healing of the structure depending on the feeding conditions. For exampl3ptoposed
a nonmechanical model with a crack sensitivity index based on the steeﬁﬁ)ém‘g}' )

at"Q” al, used to evaluate the relationship be
sensitivity curves and alloy chemistry. Conversely, the mechanical diteriduding stress
, Strain, and strairratebased modefs emphasize the importance of strengginsl strains
developed during the interdendritic separation and bridging stages of solidification. Several
hot-tearing models consider a critical temperature range, where the possibility of hot tearing
increaseq15, 21, 26, 27]. This temperature range, Known
(BTR), spans from the zemuctility temperature (ZDT) to the zestrength temperature
(ZST); in this range, the material can sustain its strength without further strgbi@irizg)].
The wider the BTR, the larger the HTS index. The ZDTs of the alloys are typically lower
than their ZSTs. The presence of minor elements, such as Cu, can significantly affect the
BTR because these elements can induce a series of complex eutectic réawaotds the
end of solidificatior[15, 29, 30].

AlTMgi Si AA6111 wrought alloys are widely used in the transportation industry owing
to their high strength/weight ratio, good corrosion resistance, and reasonable formability.
AA6111 wrought alloys are primarily manufactured through ingot metallurgy via DC
casting, followed by thermomechanical processes, such as rolling and extrusion. The primary
alloying elements in the AA6111 alloys are Mg, Si, Cu, and Mn. Considering the
multicomponent nature of the alloying elements, AA6111 alloys exhibit a wide sxatthh

interval and generate numerouscast microstructures with different intermetallic phases
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during solidification; therefore, they are susceptible to hot tearing and porosity during DC
casting. These cast defects are harmful and limit DC casting productivity.

In this study, the effect of the chemical composition of AA6111 DC cast alloys on their
tensile response above the solidus temperature was studied. Considering the high sensitivity
of the tensile samples to the high test temperature in the semisolid, régaastrain was
measured using the digital image correlation (DIC) method to ensure accurate results. HTS
was further investigated using two primary criteria: a-n@thanical criterion, such as that

developed by Ko(i25, 31], and a mechanical criterion based on the BI®R 32-34].

2.2 Experimental
2.2.1. Materials

Two AA6111 alloys with different chemical compositions (alloys A and B) were selected,
owing to their large solidification ranges (~142°C based on Scheil calculations) and high
HTS[10]. DC castalloy ingots (590 mm x 185 mm x 70 mm) were provided by the Arvida
Research and Development Center of Rio Tinto (Saguenay, Quékiex)chemical
compositions of the alloys were determined by optaaission spectroscopy; the resualte
summarized iTable2.1. Themetallographic and tensile test samples were cut from the mid
center areas of the DC cast ingot parallel to the casting direction, as shbgare?2.1,
which well represented the bulk region in DC cast ingot.

Table2.1: Chemical composition of agceived DC cashgots

Alloy Si Mg Cu Fe Mn Ti
A 0.7 0.6 0.7 0.2 0.2 0.03
B 0.6 0.6 0.5 0.2 0.1 0.03

Standard AA6111 0.61.1 0.51 0.50.9 0.4 max 0.1-0.45 0.1 max
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Figure2.1: (a) Positions ofmetallographic and tensile samples in DC cast ingots and (b)
geometry and dimension of tensile test sample.

2.2.2. Tensile testing near the solidus temperature

Tensile testing was conducted using a Gleeble 3800 thermomechanical testing unit with a
low-force load cell at a strain rate of 4&*. Each sample was heated to the desired
temperature at a rate of 2 °€and maintained at the testing temperature for 60 s before
tensile testingThe temperature evolution during heating and tensile testing was monitored
and controlled using a#ype thermocouple spotelded at the center of each sample. At
least two tests were conducted under each condition to congrmeltability of the results.

Accurate measurement of the flow stress at high temperatures was challenging because the
stress of Al alloys at neaolidus temperatures was low, often ranging between 0.5 and 10
MPa. In this studya newly developed method was used to calculate the force using the

changes in tgauge displacemen[85]. This method allowed us to accurately measure the
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flow stress in a very narrow range and obtain consistent stress values, particularly in the
semisolid state.

Strain measurements during the tensile testing were performed using the DIC j88thod
. The displacement of the sample surface was monitored using a monochrome digital camera
( URTI, Sony) mounted on a cannon tripoBligure 2.2a) connected to a remote digital
system to control the distance between the camera lens and the sample surface. A speckled
pattern was created after spraying qtaici graphite lubricant (Ji#g\-Loo) onto the sample
surface. The field of view on theample surface was approximately 7.2 mm x 4.8 mm.
Images were captured at a rate od ames per second and converted to grayscale patterns
of 800 x 450 pixels. Thereafter, the images were analyzedth&@dM Correlate software
(Germany). The parameters used for the analysis wéod@ss: subset size of 33 x 33, step
size of 12, bi cubic subpixel i nterpol ation
size is the distance between the center of the subset and the closest neighbfBguliset
is crucial to increase the spatial resolution of DIC by decreasing the step size to obtain an
acceptable strain map for localized strf®7, 38]. The subset size was also selected to
include at least three particleBigure 2.2b and c)[36, 38]. The DIC method involves
comparing a reference image (before the tensile test at zero strain) with the images of the
deformed samples. The measured strains were the averages of three points along the
centerlines of the tensile samples, where the tempesatuere the exact test temperatures.
The stresstain curves of the tensile samples were created by synchronizing the stress
measured using the-gauge method with the strain at fracture determined using the DIC

method based on their evolution over time.
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Figure2.2: (a) tensile test setup with the camera for 2D digital image correlation, (b) the
reference image of the tensile sample surface prior to the test and (c) the

deformed image during tensile test.

2.2.3. Metallography analysis

For microstructural characterization ingot samples were subjected to a standard
metallographic polishing proceduf@9]. Microstructural examinations were performed
using an optical microscope and a scanning electron microscope (SEMGABEMLYV)
equipped with energglispersive spectroscopy (EDS) apparatus. Three samples sliced from
the midcenter area of the ingots wereed to measure the volume fractions of the different
intermetallics Figure 2.1). The minimum crossectional area of each metallographic
specimen was 160 nfimaccording to ASTM E45. Fifty images per specimen were used in
this experiment. In addition, samples subjected to the tensile testing werenslioeadly to
the loading direction to investigate their fracture surfaces. The fractured samples were
investigated in directions normal and parallel to the loading direction to study the fracture
surfaces and areas surrounding the cracks. The examination ofdlsemoeinding the crack
(parallel to loading direction) can provide the details about the staguad film formation
and fragmentation of intermetallic particles, while the cisEsgional area of fractured tensile
samples (normal to loading direction) can show the initiation of the main crack responsible

for the fracture.
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Forporosity measurements, six random samples with surface areas of #@@narsliced
from the midcenter areas of the ingots. One hundred SEM images were captured at 30x
magnification and analyzed using the ImageJ software to evaluate their porosity percentages.
Six samples were sliced from the nuenter region of each ingai study the evolution of
porosity/voids at semisolid temperatures. The samples were heated isothermally in the
temperatures range of 51880 °C, followed by water quenching. Ne2&EM images of the
samples were obtained at 30x magnification. The specimens were sliced 5 mm from the
fracture surface parallel to the loading direction to measure the porosity percentages of the

fractured tensile samples.

2.3 Results
2.3.1. Microstructure of the cast ingots

The ascast microstructures of the alloys are showFRigure2.3. The microstructures of
bot h al | oy-#Al dendritegells andeseverdl intermetallic phases concentrated in
the interdendritic regions, including primary b&i, two Fer i ¢ h i nter met al
AlisFe,MnsSiz a n dAls@-e,Mn)Si), and two Gibearing intermetallics (@lsMgsSisClp
a n dAl>@u). The intermetallic phases were identified based on their morphologies and
SEM-EDS analysis results. The dark lamellar regions in the SEM im&ggpa€ 2.3a and
b) are attributed to the primary 8 phase, whereas the bright areas are attributed to the
Ferich and Cdbearing phases. The morphologasd Fe+Mn)/Si ratios of the particles
were used to identifythe fFei ¢ h i nt er me t-Ald(fFeiMaxSipphaseseghibited The U
Chinesescript morphologies, and their (Fe+Mn)/Si ratios were approximately 1.5. In

c ont r a-als(Fe,Mh)&i phade exhibited a plateli&e shape, and its (Fe+Mn)/Si ratio
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was found to be ~0.8. The results of SIHS analysis showing the chemical compositions
of different phases are listed in

Table2.2. The primary MgSi and AbCu phases nucleated on the surfaces of theche
intermetallics Figure 2.3c) and often grew close to the-Feh intermetallic phases in the

interdendritic regionKigure2.3d).

a-Al,-(Fe, Mn),Si, < a-Al,;(Fe, Mn),Si,

>~
B-Al(Fe,Mn)Si

B-Als(Fe,Mn)Si

; ¥ Q-Al;MggSisCu, /
Q-Al;Mg,SisCu, — Mg,Si

X588  SBrm &8 BELC zaklU X588  SBrm 13 &8 BEC

Figure2.3: Microstructure of received cast ingots in the ro@hter region, (a) Alloy A and
(b) Alloy B, (c) Mg Si and AlCu nucleated on Fech intermetallics, and (d)
presence of Migi and AICu close to Féntermetallic in the interdendritic

region.
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Table2.2: The results of SENEDS analysis showing the chemical compositions of

different phases (at.%)

Phases Al Si Fe Mg Mn Cu F?;M/g&
U-AlisFe,MnsSiz ~ 75.9 9.5 9.4 - 5.2 - 1.5
b-AlsFeSi 80.9 10.6 8.2 -- 0.3 -- 0.8
Q-AlsMgsSisCu>  67.1 12.0 -- 14.4 - 6.5
d-Al.Cu 81.8 -- -- -- - 18.2
Mg2Si - 30.5 -- 69.5 - --

The phase precipitation and temperature during solidification predicted by the Scheil
model for AA6111 alloys were reported to be comparable to the experimental values
determined using two thermal analysis methjeif}. Hence, the Scheil model was used to
estimate the solidification path and calculate the fraction of the solid vs. temperature curves
of the alloys studied, using the Then@alc software with the TCAL7 database. The results
are shown inrable2.3 andFigure2.4. According to the solidification path predicted by the
Scheil model , af-Alerd darhdhsFeddnyBiaprdtipitated at 614 U
617 AC, -Ni{FeMm)Si)spredpitated at 58894 °C. Furthermore, M§i was
formed as t he -AlNM®Siat558560 °€,as welt as thé ternary eutectic
o f -Ald Mg2Si + Si at 538536 °C. Two Ctbearing intermetallic phases precipitated at
lower temperatures, near the solidus temperature. The formation temperatures ef the Q
AlsMgsSisCuw a n dAl@u intermetallics were 529 and 510 °C, respebtivie addition,
some studies report eAd tAlFeMnSi soliddied mithe mnggof eut e c

609634 °C[40,41], and bi n aAl¥MgeSi grencpteferentiallylbn the surface
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Figure2.4: Evolution of mass solid fraction durirsglidification of both alloys calculated by

the Scheil model.
Table2.3: Solidification path of two alloys predicted from Scheil model and comparison

with results in literature

Current Study Larouche et al.[4]] Chen et al.[40]

Solidfification Path Scheil Thermal

Alloy A Alloy B DSC _ DSC
Model Analysis

616.5 614.7 621-:632 630634 609632 633

588.5 594.7 606

555.5 560 545548 541:547 553555 557

533 536

24



5. w0 ) =m | |f]Ev, 529 529 527538 537

6. m0O » =m"E "Ei HI"t
P =m0+ Si

510 510 507-515 510 506 508

The area fractions of the eh and Cubearing intermetallics in the microstructure of the
two alloys were different because the Si, Cu, and Mn contents of the alloys were different.
The quantitative metallographic analysis results of the alloys arensimadwgure2.5. The
area fractions of Chinesec r Ahs{Fe,Mn)Si; of alloy A were significantly higher than
those of alloy B. Adding Mn to Al alloys modifies the morphology ofried intermetallics
from platelets to Chinesgcript and increases the volume fraction of-béaring
intermetallics[45]. In contrast, plateldt i kAds(F&Mn)Si is the primary Fach bearing
intermetallic in alloy B. The area fraction of the-f&h intermetallics increased from 1.4%
for alloy B to 1.64% for alloy A. Furthermore, tfraction of the MgSi phase of alloy A was
greater than that of alloy B. In addition, owing to the higher Cu content of alloy A, the fraction
of Cu-bearing phases in alloy A was higher than that in alloy B. In brief, the area fractions
of the lowmelting-point eutectic phasgM@Si, Q, and AICu) of alloy A were significantly

higher than those of alloy B.
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Figure2.5: Quantitative results of the area fractions of different ingtaitic phases in two

alloys.

2.3.2. Porosity/void formation at semisolid temperatures

The porosity and void formation were studied at various temperatures in the semisolid
temperature range (51880 °C). The original porosities in the microstructures of the DC
cast ingots were similar and very low (< 0.1Btgure2.6a, b, and e). Upon increasing the
temperature from 25 to 510 °C, the porosity percentage of alloy A increased from 0.08% to
0.3%, whereas that of alloy B increased from 0.07% to 0. &t 2.6c, d, and g The
increase in porosity percentage and void interlinking degree were more significant for alloy
A than for alloy B. The increase of the 0.05% porosity content in alloy B corresponded well
with the content of ACu (i.e., 0.06%) of the sample. However,dtloy A, the porosity was
increased by (0.22%), which was higher than th€Alcontent of the sample. The significant
increase in porosity content in alloy A implies that thel@se started to melt at such

temperature; and therefore, the void interlinking is more significant in allé&ygie2.6c).
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Upon further increasing the temperature to the upper semisolid range (580 °C), the highest
temperature for the tensile tests, the porosity percentage increased gradually with temperature
for both alloys. However, the porosity of alloy A was significantyhler than that of alloy

B over the entire temperature range, attributed to higher amounts ehdttmgpoint

eutectic phases (e.g., Mg, Q, and AICu) in the ascast microstructure of alloy A than in

alloy B. In addition, at semisolid temperatures, plorosity of alloy A became irregular along

the dendrite boundaries and shrink#ige pores formedKigure2.6c). In contrast, the pores

of alloy B increased in size without forming shrinkdidge pores Figure 2.6d). The high

number of pores and changes in the porosity morphology of alloy A at high semisolid
temperatures, in the absence of external tensile forces, suggest that alloy A is highly sensitive

to hottearing evolution.
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Figure2.6: (a) ascast porosity in alloy A, (b) asast porosity in alloy B, (c) porosity and
voids in alloy A at 510 °C witlanenlarged view in the inset, (d) porosity and

voids in alloy B at 510 °C and (e) evolution of porosity with increasing
temperature in both alloys.

2.3.3. Mechanical properties at nearsolidus temperature
2.3.3.a. Engineering stressstrain curves
The typical engineering stressrain curves of alloys A and B were obtained in the

temperature range of 46880 °C and a strain rate BfLO* s ! (Figure2.7). The results of
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the test conducted at 450 °C were used to represent thessdkdensile flow behavior of

the alloys. In general, the flow stress increased sharply towards the peak stress. After reaching
the peak stress, the flow stress progressively decreased radhed point figure 2.7a).

The solidstate strength and ductility of alloy A were higher and lower, respectively, than
those of alloy B, attributed to the content of intermetallic phases, comprismchFand Cu

bearing intermetallics. The M8i phase of alloy A was higher than that of alloy B. Upon
increasing the temperature to 510 °C (near the solidus temperature), both alloys exhibited
plateaus in stress after reaching the peak stress, continuing until the fracture point was

reached. The ductility of alloy A remained lower than that of alloy B.

(a) 30 (b)lo
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g # g8 o oe-mmTT T
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Figure2.7: Engineering stresstrain curves for two AA6111 alloys (a) at 45635 °C and
(b) the enlarged view at the low strain for the temperatures between 535 and 580
°C.

Upon increasing the temperature to 535 °C, the ductility (strain at failure) of alloy A
decreased sharply (3.2%), whereas alloy B exhibited a significantly greater strain at failure
(approximately 60%) than alloy A-igure2.7). Moreover, the tensile strengths of the alloys
were similar at 552 °C; however, the ductility of alloy B (2.8%) was considerably higher than

that of alloy A (0.25%). All tensile properties are summarized in Table 4.
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Table2.4. tensile properties of alloys A and B over the whole temperature range

Temperature, °C

Ultimate Tensile Strength, MPa

Failure Strain, %

Alloy A Alloy B Alloy A Alloy B
450 26.30+0.80 23.30+0.90 69.30+5.20 80.30+4.20
510 20.40£0.90 16.40+0.80 61.10+4.12 76.20+5.10
535 15.60+0.50 12.50+0.90 3.20+0.20 67.80+3.62
552 7.40+0.30 7.70+0.70 2.50+0.15 2.80+0.20
564 2.90+0.40 5.90+0.60 1.80+0.02 0.50£0.02
580 1.20+0.30 2.30+0.20 0.10+0.01 0.10+0.01

For a given mass fraction of liquid, for instance af.aof 4%, the strength of the mush

structure of alloy A reached its maximum value much faster than that of alloy B; however,

the strain at failure of alloy A was lower than that of alloyFi)(re2.8). The area under the

engineering stresstrain curve of a material is equivalent to the modulus of toughness,

representing the strain energy per unit volume required to fracture the mat@riarhe

higher the absorbed energy required for crack growth, the larger the stored strairj4&fergy

48]. Accordingly, aff. = 4%, the resistance of alloy B to crack propagation was significantly

higher than that of alloy A (the strain energy of alloy B (0.172 Mywas higher than that

of alloy A (0.086 MJrt)).
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Figure 2.8: Engineering stresstrain curves for two AA6111 alloys at a constant liquid
fraction of 4%.
2.3.3.b. Strain field at fracture zone

The strain maps of alloys A and B with the sdmaf 4% are presented Figure2.9. The
strain distribution along the sample length indicated that the location of the maximum strain
for alloy A was random, and the peak strain appeared away from the sample c2mben),
Crack opening is expected to occur in the hotspot zone, where the strain should be maximum
[39]. In other words, cracking should be located at the centerline where the temperature is
the highest. However, for cragkisceptible alloys, the hot tear can be initiated at the weakest
points of the sample (e.g., porosity and voids). Therefore, the imitiatitside the hotspot
zone for alloy A was attributed to pexisting defects promoting strain accumulatjdf].

The maximum strains at fracture for alloys A and B are 3.2% and 3.8%, respectively. As the
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fL values of both alloys were the same, alloy A, which fractured at a lower strain, was more
sensitive to prexisting defects than alloy B.

Figure2.10 shows the time evolution of the strain for the two alloys atftw@lues. As
shown, the strain rates of the alloys were considerably different.fFof 4%, after 15s, the
strain of alloy A reached a maximum of 3.2%, whereas that of alloy B reached only 0.5%
(compared with its total strain of 3.82%). The strain rate of alloy Aceasiderablyhigher
than that of alloy B. After 11s of tensile testing, the strain of alloy B approached 0%, whereas
that of alloy A was approximately 0.35%. In addition, alloy A exhibited a steep increase in
strain near the fracture point, whereas alloy B exhibitghdual increase in strain until the
fracture point. Théigher strain rate of alloy A was attributed to its greater sensitivity to hot
tearing.

Figure 2.10a shows the strain rate of alloy A remained unchanged with increasing
temperature from 535°C to 552°C, whereas its strain at failure decreased significantly. It was
also found that alloy B exhibited higher failure strain compared with alloy A at a constant
mass fraction of liquid (i.e., 4%). The enlarged view of the strain evolution at the early
stage of t he c 8 ispressnted iifiguee2.10b. At 552, th@ straifd))
and strain rates ( of the alloys at the sans#rength wereignificantly different; moreover,
alloy A fractured before strain localization began in alloy B, indicating that the cracks were

propagated in alloy A even prior to initiation of the cracking in alloy B.
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2.3.4. Fracture surface analysis

Figure2.11 shows the area normal to the fracture surfaces of the tensile samples tested at
510 °C (the solidus temperature). The liquid pockets formed in the microstructure at 510 °C
(Figure 2.6) were transformed into large voids, indicating that the fracture mechanism was
based on void coalescence. As mentioned in Section 3.2, shrinkage porosity and voids were
readily formed in alloy A at this temperature. By measuring the porosity percentdge of
fractured tensile samples of both alloys, the porosity percentage of alloy A (0.65%) was
higher than that of alloy B (0.5%). Void coalescence was also more significant in alloy A,
with the maximum void size of 28f@loygBmas i n co
only 80 &m. As mentioned in Section 3.2, t
formation during isothermal holding was higher than that of alloy B. Therefore, during
heating to 510 °C, followed by the subsequent isothermal holfgre tensile testing,

shrinkage pores formed in alloy fereforeyoids grew faster in alloy A than in alloy B.

A

Li*ciuid Pockets

Liguid Pockets s i /\ :

1ok \ - ; :
s PakiA L ¥ZEE 188 MM i 1% 45 BES

Figure2.11: Appearance of liquid pockets in samples tested at°61@a) alloy A and (b)
alloy B.

Figure2.12 shows the starting points of liquid film formation via coalesceridbe pre

existent liquid pockets for both alloys. By investigating the fractured tensile sanmgileyof
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A at 535 °C, a liquid film with a significant width started to develbgre2.12a and b).
Conversely, the liquid pockets in alloy B started to coalesce, forming intergranular cracks or
shrinkage porosity at 535 °@igure2.12c and d). No traces of liquid film were present in

the cracks, suggesting that the intergranular liquid films were very thin. Moreover, liquid
pockets were distributed along the-fi@h intermetallics. Upon further increasing the
temperature from 535 to 85C, the liquid films were distributed along the grain boundaries

of alloy B (Figure2.12e and f). The width of the liquid film of alloy B at 552 °C (4£%)

was approximately two times | arger than t ha
of the liquid film for alloy A was smaller, more bridges readily formed across the cracks by
the Ferich intermetallics and Mgpi phase Kigure 2.12b). Large platelelike Ferich
intermetallics formed bridges in the alloy B, whereas small fragmentati-entermetallics
formed bridges in the alloy AF{gure2.12b and f). The small width of the liquid films of
alloy A facilitated the formation of solid bridges by the smakHrigd intermetallics. It was
expected that themall fragments of Fetermetallics would stop forming bridges upon a

further increase in liquid film width with increasing temperature.
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Figure 2.12: Appearance of liquid film along grain boundaries at 4%of (a, b) alloy A
tested at 535 °C, (c, d) the coalescence of liquid pockets forming cracks in alloy
B at 535 °C, and (e, f) alloy B tested at 552 °C.

The fracture surfaces of alloys A and B at 580 °C are presentedure 2.13. At this

temperature, both alloys exhibited low strength and ductility. The fractured bridges observed
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on the fracture surface of alloysAmarked by arrows ifrigure 2.13ad indicate that the
intermetallics could not sustain the strength of the mush structure at temperatures in this
range. Furthermore, the fieh intermetallics were mostly fragmented and could not sustain
the strength of the specimens. In addition, the liquid film thickening of alloy A was more
severe than that of alloy B because the strength of alloy A decreased considerably faster
(Figure 2.7b). The width of the liquid film of alloy A increased to &6, with Ferich
intermetallics no longer able to form intact solid bridges. The spikes observed around the
fractured bridges are attributed to the extremely localized ductility of alloy A.

Nevertheless, alloy B retained its strength, even at 580 °C. The width of the liquid film of
all oy B did not change significantly at 580¢C
facilitated bridge formation, and the presence of an unbroken platéldtAdFeNdnSi phase

(Figure2.13b) increased the sample strength and delayed crack propagation.
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Figure2.13: Fracture surface of samples tested at 580 °C for (a) Alloy A and (b) Alloy B.

2.4 Discussion
The microstructures and mechanical responses of AA6111 DC cast alloys (A and B) in the

semisolid state at higlvalues were significantly different. Two criteria were used to study
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the HTS behavior of the alloys. The first, based on ameohanical criterion proposed by
Kou [25, 31] and modified by Hu et al50], was introduced to establish a relationship
between HTS and the chemical compositions of the alloys. This criterion is based on the
evolution of the solid fraction with temperature during the late stage of solidification. The
second criterion is based ammechanical model used to identify the BTR of the all@@s
32, 34]. The semisolid behaviors and HTS indices of the alloys were analyzed using these
approaches.
2.4.1. Non-mechanical criterion

Kou used théhe crack sensitivity factqdT/dfs*2 value nearfg)*/?=1) to evaluate the HTS
behavior of alloys with columnar grain structuf@b, 51]. Hu et al[50] subsequently
modified the model, as dTigl® near {s)*°=1, to predict the HTS behaviors of alloys with
equi axed grain morphology. Hudés model was
and B were equiaxed. According to Kou, the predicted results for peak crack susceptibility
(¥-shaped curve) in the solidification range of 0.87s< 0.94 were consistent with the
experimental result$25, 31]. For example, in AlISi alloys, peak crack susceptibility
occurred at a Si content of 1%, consistent with thedering data of AlSi alloys reported
by Singer{17] and Vero[52]. Therefore, this solidificatiorange was adopted in this study.
The T vs. {9 curves for alloys A and B are shownFRigure2.14a. The calculated hot
teari ng fs')dbealoys(Asafd Bevere 1900 and 1540°C, respectivElgure
2.14b). The predicted higher HTS of alloy A is partially attributed to its higher Cu content.
Furthermore, the HTS indices of iAllgi Sii Cu alloys increase with increasing Cu content

[53, 54).
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The primary drawback of these HTS models is the lack of a theoretical basis for selecting
a specificfs range; hence, the accuracy of the predicted results depends significantly on the
selecteds range[25, 50]. In addition, bacidiffusion considerably affects the highack
susceptibility regiori31]. As back diffusion was not considered in these models, the HTS

behavior of the alloys was further investigated using the mechanical criterion.
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Figure 2.14: Prediction of HTS of two AA6111 alloys based on steepness of Ts€ (f
curves: (a) T vs. §*° curves in thed range of 0.870.94 (0.955 < @*° <
0.98); (b) the difference of hot tearing index between alloys A and B.

2.4.2. Mechanical criterion

The relationship bet weewandhresd alil It u ma ofet nt &inrs
the alloys with temperature afgls presented ifrigure2.15. Three zones were observed in
the failure strain behavior of the alloys over the studied temperature. The first zone ranges
from the completely solidtate to 525 °CHigure 2.15a). Throughout this zon@yus and
decreased gradually, and the alloys exhibited a ductile behavior. Upon further increasing the
temperature, a transition zone emerged, where the alloy ductility decreased abruptly. At the
end of this zone, the ductility reached a very low value, and tnespmnding temperature
is known as ZDT. It has been proposed that ZDT corresponds to the temperature at which

the strain is lower than 395]. Therefore, the ZDTs of alloys A and B were determined to
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be 535 and 552 °C, respectiveBiqure2.15b). The ZDTs of both the alloys corresponded

to the samés value of 0.96. ZDTs of AA6111 alloys have been reported to ocdisr & 95

[7, 10]. However, Phillion et alf10] demonstrated that the ZDT highly depended on the
solidification sequence and the corresponding alloy composition, reporting that the ZDTs of
AA6111 alloys occurred d&= 0.99. The third zone, known as the BTR, is located above the
ZDT and extends tot@mperature at which the strengths of the alloys approach zero, known
as the ZST. The ZSTs of alloys A and B were estimated to be ~5%d@&2.15a), and

the correspondinfgvalues of alloys A and B, at which the ZST was reached, were estimated
to be at approximately 0.92 and 0.91, respectiveiyufe2.15b).

Throughout the first zone (gradual decrease in ductility) and above the solidus temperature,
liquid pockets began to form in the alloys due to the melting of thlee@uing lowmelting-
point eutectic phases. Moreover, individual liquid pockets were ranydadistributed in the
microstructures of the alloy§igure2.11). In the second zone, the liquid pockets began to
interlink and coalesce, causing a significant decrease in ductility. The ZDT was reached at
the end of this zone as continuous liquid films started to form along the grain boundaries
(Figure2.12e and f).

As previously mentioned, the BTR zone ranged from ZDT to ZST; ZST corresponds to
the intergranular separation stage. Phillion €tl#l]. determined that the ZST of an AA6111
alloy pulled at a strain rate of #&* was 580 °C, comparable to that estimated in this study
(590 °C). Accordingly, the BTRs of alloys A and B were calculated to be 55 and 38 °C,
respectively Figure2.15a). Throughout the BTR, the widths of the liquid films along the
grain boundaries, separation of theidges across cracks, and fragmentation of Fe

intermetallics increasedrigure2.13). The formation of continuous liquid films significantly
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decreased the interfacial energy at the saddid interface, facilitating crack propagation

and hot tearing21]; therefore, the larger the BTR, the larger is the HTS ifd&k The
strength of alloy A decreased faster than that of alloy B throughout the BTR zone, as
indicated by the dashed vertical linesFigure2.15a. Furthermore, the strength of alloy A
was low (<1 MPa) at 580 °C, whereas that of alloy B was relatively high (>2 MPa). The solid
bridges in alloy A were broken at 580 °C; however, the solid bridges formed-hghFe

AlFeMnSi intermetallics persisted alloy B (Figure2.13).
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Figure2.15: The UTS (iu) and failure strainld) (a)as a function of temperature and &s)

a function of solid fractioffior two semisolid AA6111 alloys.

2.5 Conclusions

The semisolid tensile properties at high solid fractions of two AA6111 DC cast alloys with
different chemical compositions were investigated. The Cu, Mn, and Si contents of alloy A
were higher than those of alloy B. Based on microstructure and semisasiié tesults, the
nonmechanical and mechanical criteria were used to investigate the HTS behaviors of the
alloys. The results indicated that the HTS index of alloy A was higher than that of alloy B.

The following conclusions wemré r a:w n
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1. The incipient melting of the Chearing and MgSi intermetallics during isothermal
heating near and above the solidus temperature (i.e., in the range58®10) caused
a sharp increase in porosity/void formation, thus promoting void growth during tensile
testing in the semisolid state. The fractarechanism of the tensile samples involved
void coalescence, which developed along various intermetallics. As the amount of low
melting-point eutectic phases (e.g., My, Q, and AICu) in the ascast microstcture
of alloy A was higher than that of alloy B, the enhanced porosity formation and void
interlinking in alloy A were more significant than those in alloy B.

2. The tensile strength of both alloys decreased gradually with increase in temperature,
reaching similar values at 552 °C. At temperatures above 552 °C, the decrease in strength
of all oy A was mor e si gnvaldesdthenlioystddcraasedt h a t
sharply with increasing temperature until ZDT was reached; the ZDT of alloy A (535
AC) was Il ower than that of alloy B (552 A
values of alloy B were higher than those of alloy A.

3. According to the nomechanical criterion, the dT& values of alloy A in thiQrange
of 0.870.94 were higher than those of alloy B; therefore, the HTS index of alloy A was
higher than that of alloy B.

4. According to the mechanical criterion and using the ZDT and ZST concepts, the BTR
values of alloys A and B were calculated to be 55 and 38 °C, respectively. In addition,
alloy A exhibited a sharper decrease in strength in the BTR zone than alloy B. Ehe wid
BTR (45%) and lower strength of alloy A, associated with significant liquid film
thickening and fragmentation of fieh intermetallics, indicated that its HTS was higher

than that of alloy B.
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CHAPTER 3: TEMPERATURE DEPENDENCE OF ELASTIC
PROPERTIES OF AL-MG-SI DC-CAST AA6111
ALLOY AT NEAR -SOLIDUS TEMPERATURES

(Published in Journal of Materials Engineering and Performance)
Abstract

The elastic properties of the -Mg-Si directchill-cast AA6111 alloy were determined
during the unloading stage of the cyclic tensile test over a wide rarigmpératures (25
550°C), and particular attention was paid to
modulus was calculated based on macroscopic and localized strains, which were measured
using an extensometer and digital image correlation (DIC) method. Poisson's ratio was
determined based on the localized axial and lateral strains measurethas@ method.
Over the entire temperature range, the DIC method demonstrated a higher stability in its
accuracy with increasing temperature than that usiagextensometer. A sharp change in
the slope ofYoung's modulusas a function of théemperaturestarting from the solidus
temperaturewas detected using the DIC method. Correlations between Young's modulus
and temperature in bothe solidand semisolid state were establishe®.oi ssonds r at.
function of theeemperature exhibited a dramatic change treasolidus temperatubecause
of the presence of liquid pockets. The onset brittle temperature of AA6111 alloy in the semi
solid state was estimated to be 550AC based

shear modulus to bulk modulus ratio.



Keywords

Al-Mg-S i AA6111 all oy, Youngds modul us; Poi ss

Brittle temperature.

3.1 Introduction

Al-Mg-Si 6xxx alloys are of great interest for automotive structural applications because
of their low density, high strength, good formability, and excellent corrosion resi¢tgnce
Among these alloys, AA6111 is widely used for the manufacture of automotive bodies (such
as outer panels). The quality of outer panels is controlled by two criteria, namely, dent
resistance and panel stiffnd®$. Measuring the elastic modulus of AA6111 is essential for
evaluating its stiffness in various engineering applications. Addition#tlg, elastic
properties are in higldemand for thermomechanical modeling of the diohil (DC)
casting proces§3]. It has been reported that elastic properties are affected by different
factors, such as temperatuf4], stress level5], and strain ratd6]. The temperature
dependence of elastic properties is a key parameter in the modeling of solidification during
the DC casting proce$8].

The elastic properties are dependent on the applied stress levels, and their relations become
complicated after yielding. Psgelding deformation is divided into three regimes, namely,
elastic, anelastic, and micropladti§. Previous studies have exploited the loading/unloading
uniaxial tensile test to measure the elastic propd&j&$. Preyield deformation may exhibit
nonlinear behavior because of anelasticity, but microplasticity is more significant during
loading and causes ndinearity [10]. Therefore, it IS common

modulus during the unloading cycle.
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Met hods f or measuring Youngds modulus <can
methodq11]. Several standardized methods, such as destructive tensile or compression tests
and flexural bending tests, are used to measure the static elastic maduldSTM E111
[122i s currently the only standard met hod for
and chord modulus for tensile testing. A wide variety of methods exist for measuring strain
in tensile tests, but most of them consider the use of extensometers. \&hwidies have
recently exploited the digital image correlation (DIC) method to obtain sitesa curves
and elastic properties for different materidl$8, 14]. The DIC method has the advantage of
providing both fultfield and localized straingl5]. However, accurately determining the
stressstrain behavior and elastic properties of aluminum alloys near the solidus temperature
iIs a challenging task, as it encounters difficulties in controlling the temperature in the
specimen and measuring the extedyriow stress and strain of aluminum in the ssolid
state during tensile testind6]. To the best of our knowledge, no data on the elastic
properties of aluminum alloys above the solidus temperature is available in the literature.

The prediction of material ductility is an interesting application of the elastic properties. It

has been reported that certain critical vV a
modulus to the bulk modulus can be used to differentiate duatildattle material§17].
The brittle temperature in the sesulid state is closely related to the -edring
susceptibility of aluminum alloygl8]. After determining the elastic properties above the
solidus temperature, it is possible to identify the brittle temperature to aid in the prediction
of hot tearing during solidification.

In this study, the temperature dependence of the elastic properties of-ttesDEAG6111

alloy over a wide temperature range, particularly at high temperatures near the solidus, was
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i nvestigated. The Youngdés modul us was <cal c
measured using an extensometer and the localized strain measured using the DIC method,
and the two calculated results werelat&rahen <co
and axial strains were measured using the DIC method. The accuracy of determining the
elastic properties was assessed using the Ht@isteain ratio with respect to temperature.

The onset brittle temperature in the seolid state was estimatedided on the critical

Poi ssonds ratio and shear modul us to bul k m

3.2 Experimental Procedure
3.2.1. Materials

A rectangle DC cast ingot of AA6111 alloy with a dimension of 590 x 185 x 70 mm was
provided by Arvida Researé Developmententre of Rio Tinto Aluminum (Saguenay,
Quebec). The metallographic and tensile test samples were cut from toented areas of
the DC cast ingot slice parallel to the casting direction. The chemical composition of this

alloy is listed in Table 1.

Table3.1 Chemical composition of agceived DC cast ingot (wt.%)

Alloy Si Mg Cu Fe Mn Ti Mg/Si

DC-cast 6111 0.6 0.6 0.5 0.2 0.1 0.03 1

Standard AA6111 0.61.1 051 0.50.9 0.4 max 0.1-045 0.1max 0.451.7

For microstructuralcharacterization ingot samples were prepared with a standard
metallographic polishing proceduréMicrostructure was examined using an optical
microscope (Nikon ECLIPSE ME 600) and a scanning electron microscope (SEM, JSM

6480 LV). To measure the solidus temperature, a differential scanning calorimetry (DSC,
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Mettler Toledo) was used; the measurements were performed at heating rate 10°C/min with
a sample weight of approximately 25 mg.
3.2.2. Tensile tests

Static elastic modulus measurements were performed based on the tensile test according
to ASTM E111. The tensile tests were conducted using a Gleeble 3800 thermomechanical
testing unit over a wide temperature range 6636°C with a displacement rate ofrim/s.
Samples were heated to the testing temperature at a heating rate of 2°C/s and soaked for 1
minute prior the tensile testing. The test consisted of three loading/unloading cycles, which
were separated from each other with 1 second holding at zess,sdis shown iRigure3.1.
All the measurements were done based on the unloading stage. To verify the reproducibility
of the measurement, at least two samples were tested under the same condition, and their

average values were taken.
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Figure3.1: Tensile test cycles under stroke control (magauge = 0.5 mm)
Two different strain measurement methods were used in this study. The first method used

a high temperature extensometer class 0.5 (Epsilon model 3348), which is recommended for
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Youngd6s modulus measurements by ASTM E111.
of the class 0.5 extensometer is 1.5 [irf]. The extensometer measurement provided the
average macroscopic strain. The second method is the digital image correlation (DIC), which
is an optical technique that utilizes the {iidlld, noncontact measurement of deformation

and displacement. The dispament of the sample surface during tensile was monitored
using a monochrome digital camera (U7RI I I
control the distance between the camera lens and the sample E20faéespeckled pattern

was created after spraying quidky graphite lubricant onto the sample surface. Images were
captured at a rate of 20 frames per second and converted to a greyscale pattex&0800
pixels in size. Then, these images were analyzed using the GOM Correlate software
(Germany) with a resolution of 0.09 um. In the present work, three subsets in the center of
the tensile sample were selected, in which each subset has 50 x 50 pixglsegradated by

1 mm from each othef{gure3.2a). The final displacement was the distance between the
centroids of the initial subset (marked in red) and deformed subset after loading (marked in
yellow), as shown ifrigure3.2b. The DIC method measured the localized strains, and the
resultant strain value was the average of
measured by dividing the streime slope YOIY « to the straiftime slope Y£TY «, as

shown inFigure3.3a and b. It was observed that the noises of the stress and strain increased

significantly at high temperatures, as an example in 55Biftife3.3c and d).
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Figure3.2: Schematic DIC method showing (a) the selection of three subsets 50 x 50 pixels
separated by 1 mm in tmeference image, and (b) the displacement between the

centroids of the initial subsets (red) and deformed subsets (yellow).
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Figure3.3: Stress and strain evolutions with time during tensile test showing the increase in
noise with increasing testing temperature where (a,b) 25°C and (c,d) 550°C.
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The common standard for det er rhapedsagpleRsoi S s o0
ASTM E132. To calcul ate Poissonodésqiimavasi o, t h
divided by the slope of axial strain vs tinye ¥nt), as shown irFigure3.4. Both axial and
lateral strains were measured by DIC method along-tizas(loading direction) and-agxis
(transverse direction) at three subsets in the center of the tensile sample; those subsets were
spacedl. mm from each other.
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Figure3.4: Measuring Poisson6s ratio based on s

time.
3.2.3. Accuracy of strain measurement
The accuracy of the measured strain was assessed by considering tte-sio#e ratio
[21], which is defined as the ratio between the standard deviation of noise (SD) to the average
amplitude of straing ) as illustrated inFigure 3.5. To measure the standard deviation of
noise, the tensile sample was held for 1 min at testing temperature before tensile testing at

zero stress. In addition, the amplitude of each cycle was measured, and then the average value
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of the strains was obtained from three cycles. It was reported that the effect of noise is

negligible when the nois®-strain ratio is below 0.R22].
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Figure3.5: Method to calculate the noi$e-strain ratio.

3.3 Results
3.3.1. Microstructure characterization

Figure 3.6a shows the grain structure of the @&st ingot in the midenter regionAll
grains were equiaxesvi t h an average grain size of 98
spacing of 3Zm. The typical microstructurd=jgure3.6b) was composed &}-Al dendrite
cells/grains and several intermetallic phases distributed in the interdendritic regions. The
intermetallic phases included two higkeltingpoint Fer i ¢ h i nt efFenet al | i

(Al 15(Fe,MnxSiz) andb-Fe (Als(Fe,Mn)Si)) and three lounelting-point intermetallic phases
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( Al>Cu, QAIMgSIiCu, and MgSi). The intermetallic phases were identified based on their
morphologies, the results of chemical compositions analyzed by-EHEM and the
information in the literaturg20, 23, 24]. T e hadlthe plateldike morphology with
Fe+Mn/ Si r at i-#ewas neediike With FewNiniSI ratio df 0.8. For Crich
p h a s-AlsCu appeared as blochike phase mainly attached to-Fieh intermetallics, and
the Qphase occurred as spheroids containing 14%Mg, 12%Si and 6%Cu (at.%). It was
reported that equiaxed grain structure shoavdigher elastic modulus at room temperature
than tke columnar/lamellar structure, kihie equiaxed grain structure exhibited a significant
reduction in the elastic modulus with increasing temperdfiie It was also reported that
the Youngds modul us became | nsicewaegredterthtn of ¢
13 um[26] and that the variation in grain size had a negligible effetctbne  Youngo6és mod
value[27].

ThermoCalc with the TCAL7 databasevas used to calculatihe solid fraction as a
function of thetemperature usingne Sc hei | 6 s mo d &igyre 3.das whishh o wn i
indicated that the solidus temperature of this alloy was 510 °C. To verify the solidus
temperature, DSC tests were performed and the sdsulthe neaisolidus temperatures
(500'550 °C) are presented Iigure 3.7b. The DSC results exhibited three exothermic
peaks, i n which Peak 1 was att rAl2Bwphasedat t o t I
509 T anddefined as the solidus temperature. The other two peaksatigbeited to the
melting of the @phase at 528 °C (Peak 2) and the melting of the Si phase at 541 °C (Peak

3), which agrees with previously reported res|2 28].
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intermetallic phase distribution in the interdendritic regions.
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Figure 3.7: (a) solid fraction vs temperature pl

DSC result showing three endothermic peaks where Peak 1 is the melting of the
| ast s eAliCudat 509 °€ dnd defined as the solidus temperature. Peak

2 is the melting of €Phase and Peak 3 is related to the melting of Si.

332. Effect of temperature and displacement
modulus

Figure 3.8 presents the plots of stress and strain as a function of tintlee atwo

temperaturesThe results revealed that a time delay between the stress and strain peaks
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occurred at high temperatgte=or example, almost no time delay was detdotdgeen the

stress and strain peaks at ambient temperafigeare 3.8a), whereas ime delay of 0.04 s

was detected at 550 °C using a displacement rate of 1 nkigfsré 3.8b). When the
displacement rate was reduced from 1 to 0.5 mm/s, the time delay significantly increased
from 0.04 to 0.32 s. This time delay between stress and strain has been reported to occur
during cyclic loading because of back strg&9]. To minimize the time delay effect, the
Young6s modul us was measured at a displ acel
modified method based on the slopes of the stress and strain as functions Bigume33a

and b). The slopes dtffie stress and strain rates were computed by linear fittirigeotiata

alongthe unloading stagevith 'Y  1@o X The conventional method using the slope of
stressstrain curves was found to overestimatt e Yo ung 6 s wheaatunkdeksy v al u e
appeared a high temperature Usi ng t he modi fied met hod, th
and at a displacement rate of 1 mm/s was calculated to be 22.5 GPa, whereas the conventional
method overestimated it as 26.4 GPa. Moreover, the accurtylofear fitting was reduced

to'Y 1@ yusing the conventional method.
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Figure3.8: Time delay between stress and strain at high temperature, (a) 25°C without time

delay and (b) 550°C at two displacement rates (1) 1 mm/s and (2) 0.5 mm/s

showing different time delays.

variations with temper af

333. Youngdés modul us

evolution of Youngosasmodul i

Figure39s hows t he

calcul ated or measured wusing different me t

ncreasing temperature.

decreased with an i
values as determined usirthe three methodsvere almost the same, whekEe was
approximately 78 GPa. The E values determined using the three methods did not differ much
up to 100 °C. The difference in E values increased with an increasing temperature,
particularly at high temperatures (3@10 °C). The E values up to 510 °C (duobk
tempeature) as measured using the extensometer were always lower than those measured
using the DIC method, and the E values measured using the DIC method were lower than
that calculated using the Mondolfo empiriegjuation[30]. The E value above the solidus
temperature as measured using DIC methodharply decreased and showed a significant

change in slope, which indicated a clear distinction between the elastic modiesatid
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and semssolid state. However, this phenomenon was not observed in the results measured
using the extensometeas the curve continued to have the same slope over the solid
temperatures. As mentioned in Section 2.2, the extensometer measures the average
macroscopic strain along the gauge length, whereas the DIC method measures the average
localized strain at the ctarline of the tensile sample. Therefatee DIC methodatan detect

significant changes in E in the sesdlid state with high sensitivifyput the extensometer

does not necessarily detect these significant changest was f ound that th
measured using the DIC method demonstrated a linear variation with the increasing
temperature in the solid state (320 °C). Witha further increasinthe temperature above

thesol i dus, the sl ope of Y o u tegpesturancehsed. us  a's
However, the Youngds modulus measured using
with the polynomial relationship with temperatureer the entire temperature rangeble
32provides a summary of the temperature dep

usingthe three differenmethods.
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Table32Temper at ur e

dependence

Youngos

us with ten

mo d u

Method Temperature Range Regression fitted Equation R’ Reference
Mondol f { ] ] .
empirical equation oA JF T 8 84 80 A [30]
Present
J d
Digital Image I A JF " 8 8 1 0.997 work
Correlation (DIC) Present
Jr 4 JF F 8 84 0.990 work
Present
Extensometer JrF 1 JF F 8 84 8o 4 0.970 work
334. Poissonbds ratio variations with temper at

Figure3.10s h

rati o

curve

ows t he
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evol utizgwm tdf

sever al di

st

nct

tRompes @ Wy er atTi

feat ur e

was approximately 0.30.32, and was in good agreement with the data in the lite[&1]jre
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vwas al most constant from ambient temperatu
increasing temperature from 200 t d51@8%0 AC.
4) 3 decreased sharply above the25st®&30rGus t e
It has been reported that Poissonds ratio d
[3234. This gradual i1 ncrease in Poissonod6s r at
deform the tensile samples elastically with increasing temperature. It was explained that grain
boundary sliding is facilitated at higher temperatures 4500 °C), which leads to a
reduction in the shear modul[34sIncipiam eltilge nc e i
of the lowmelting-point phases occsiabove the solidus temperatureggre3.7). The liquid

channel and pockets betwedhe solid grain networksncrease with an increasing
temperature. This could be the main reason

the temperature above the solidesperature.
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Figure3.10Evol uti on of Poissondés ratio with temp
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3.3.5. Accuracy Assessment

It was observed that the noise in the strain measurement, particularly at high temperatures,
significantly affected the precision of the strain measurement, and hence the value of
Youngds modul us. T o the elast droperty mbasurem@singithea cy o f
two methods (extensometer and DIC), the ntisstrain ratio was used as an accuracy
assessment in this studjigure3.11 shows the variation in the noisestrain ratio withthe
temperature The noiseo-strain ratio of the DIC method remained almost stable with an
increasing temperature, whereas that of the extensometer increasddldighéer the range
of ambient temperature to 550 °C. It has been reported that when theaaslisen atio is
below 0.5, the effect of noise can be negle¢®. The significant increase in the noige
strain ratio with the extensometer may be attributed to the temperature effect on strain gauge
flexures because the clgn extensometer requires effective cooling above 20[B%[ In
contrast, the DIC method exhibited a nearly stable fois¢rain ratio with a slight increase
from 0.31 to 0.4 from ambient temperature to 550 °C. This increase in the noise level may
be attributed to the variation in the refractive indexhef air surrounding the hot tensile
sample and the increase in ihéensity of radiation emission from the hot sample at high
temperaturef36]. Nevertheless, the DIC method maintained a Rtmisstrain ratio < 0.5 over
the entire temperature range. Therefore, the DIC method can peovidee reliable measure
of the elastic properties than the extensoreteasured methods owing to its high accuracy

stability with an increasing temperature.
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Figure3.11: Variation of the noise to strain ratio of strain measurements with temperature

using the extensometer and DIC methods.

3.4 Discussion

Measuringthe elastic propertiesf metals in the sersolid state has rarelyeen reported
in the literaturd8, 37], and no information otine elastic properties of aluminum alloys above
the solidus temperature is availallae measurement of the elastic properties atsaatus
temperatures is challenging because the strength of aluminum alloys in theoBdrstate
nearthe solidus igxtremely low with little ductility{19], and the scattering of the stress and
strain measurements can cause considerable fluctsatitre elastic propertsesults. Even
though the applied tensile stresses remain below the yield limit, microplasticity cannot be
avoided during tensile loadir{d 0, 38]; therefore, althe properties were measured during
unloading.However, back stresses are difficult to avoid because the reversing stress during
cyclic loading generates back stresgg3}. Figure 3.8b shows the time delay between the
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peak stress and the corresponding peak strain at high tempgrandgieatingthat the
samples continukto elongate even upon unloading to a certain stress level before they
started shrinking29]. This time delay may be attributed to back stresses due to the
geometrically necessary dislocations (GNDs)hat grain boundariesvhich exert stresses
against the externally applied stress and act as a barrier to mobile dislocations generated
during loading[29, 40]. Therefore, tensile testing was performed at as high a strain rate as

possible to reduce the time delay at high tempersiEigure3.8b).

3.4.1. Evolution of elastic properties above solidus temperature

Figure3.12shows the temperature dependence bife el ast i ¢ properties
and Poi sson 6 s-sdlidastate nepr thie solidushteanpesatvimmiu n g 6 s mo d u |
determined using the DIC method, decreased significantly from 48.8 to 22.5 GPa with a
reducing solid fraction from 1 to 0.96. The formation of liquid channels and pockets above
the solidus temperature resuiih viscous flow being activated in some interdendritic regions
[4]]. I't has been reported t hat [42 43gThereforehas a
the presence of liquid in the sesolid state should significantly reduce the stiffnesthef
solid grain network. With a decreasing solid fraction (that is, with an irniageasount of
l iquid), a | arge r educt-solidstateisexpéded.it i &pparemto d u |
that this reduction is more obvious and significant, as compatedite macr oscopi C
modulus measured using the extensométigiufe 3.8). This can be attributed to the higher
sensitivity of the localized strains measured ugM@ in the presence of liquid pockets, as

compared to the macroscopic strain.
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Poi ssondés ratio also decreased sharply fr
fraction (1 to 0.96). Similar t¢ h e Y o u n g dnsthe wsemndalid state, this sharp
reduction in Poissondés ratio may be attrib
formation due to incipient melting abothe solidus temperaturéoid formation in the semi
solid state can be promoted during thermal exposure by hydrogen diffusion along the
interfaces between the solid matrix and liquid phase; henisepatially responsible for a
noticeable reduction in Poissonds ratio. As
were measured usirtge DIC method, and these localized strains in the two directions were
sensitive to the presencelwjuid pockets and voids. It is worth mentioning that the starting
temperature for the sharp change in Youngos
the solidus temperature measured using the DSC method.
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Figure3.12 Temper at ure dependence of elastic prop

ratio) of AA6111 alloy in the senrgolid state above solidus temperature.
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3.4.2. Brittleness of DG-cast AA6111 alloy above solidus temperature

Aluminum alloys generally exhibit extremely high ductility at temperaturelow the
solidus temperature. However, abotlee solidus with an increasing temperature (i.e.,
increasing liquid fraction), the ductility decreaskeamaticallyuntil it reactes a critical point
where the ductilitys completéy lost. This critical temperature the semisolid state when
a ductile material becomes a brittle mateisaknown as the brittle temperature, which is
closely related to the hot tearing susceptibilitylafi@num alloys during solidificatiofiL§].
It was reported the critical value of Poi sc¢
materials is 0.2p44,45]. ForDGcast 6111 all oy, the start te
ratio dropped below 0.25 was 550 “Eigure 3.12), which can be considered as the onset
brittle temperature in the sersolid state.

Knowing the two elastic propertie¥(o ung 6 s Bwonddu | Russi ssonds rat.
temperaturs, other elastic properties, such as the shear mod@juand bulk modulusK),
can be calculated using Equatiop®]. Pugh[17] proposed a criterion using the ratio of the
shear modulus to bulk modulus that separates ductile from brittle behavior, and the critical
value of G/K is above 0.57. The ratiG/K was calculated using Equation 2, which was
derived from Equation 1.

E=2G( 1 + K@)23=) 3 (1)

o —— )

This ratio involves the competition betwedme plasticity represented by the shear
modulus and the fracture represented by the bulk mof4ifu48]. It was also reported that
the difficulty of plastic flow (yield stress/fracture stress ratio) is proportion@alKd 17, 47].

To evaluate the brittleness thfe DGcast AA6111 alloy with increasing temperatuGkK
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as a function of theemperaturelots are shown ifrigure3.13. Figure 3.13shows thathe

AA6111 alloy exhibited good ductility®/K significantly below the critical value) over the

entire temperature range beltle solidus temperaturdlear the solidus temperature (510

°C), the alloy exhibited its maximum ductility wh&iK was only 0.08. However, with an
increasing temperature and liquid fraction in the seohid state, ductility deteriorated as

G/K rapidly increased. At 550 °GG/K reached 0.58 and exceeded the critical value.
Coinciding with the criterion of Poissonoés

onsettemperature ofhe DGcastAA6111 alloy.
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Figure3.13: Variation of the shear modulus to bulk modulus ratio with temperature.
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In brief, the digital image correlation method significantly improved the accuracy of the
values of Youngdés modulus and Poissonb6s r at
high temperature and in the sesolid state, which was difficult to be deted by traditional
strain measurement technique with an extensometer. The developed methodology can be
applied forthedetermination of elastic properties of various aluminum alloys. The obtained
results of elastic properties can be used in modelinmmdraifacturing process of aluminum
alloys. They are also valuable in the numerical simulation of the solidification behavior and
hot tearing during casting (for example, Suyitidooli Katgerman model) of aluminum
alloys[49, 50].

3.5 Conclusions

The temperatureelated evolution ofhe dastic properties of D&ast AA6111 alloy over
a wide range of temperatures, particularly at high temperatures near the solidus, was
systematically investigated. The main conclusions drawn from this study are as follows.

1. A sharp reduction in Youngds modul us was
the digital image correlation method. The correlations between Young's modulus and
temperature can be expressed with two different equations, nif  ,, 8 8 {|
in the solid state an 8 8 4| in the semisolid state, respectively.

2. The digital image correlation method provided more reliable elastic properties data than
the extensometer method owing to its high stability in its accuracy with an increasing
temperature.

3. The Poissonébés ratio as a function of the
the solidus temperature because of the presence of liquid pockets and void formation.

4. The critical valwues of Poissonds ratio an
be used to estimate the onset brittle temperature of aluminum alloys, which was 550 °C

for DC-cast AA6111 alloy in this study.
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5. The methodology to determine the elastic properties at high temperatures and the results
of this study can be applied to various aluminum alloys.
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CHAPTER 4: SEMISOLID TENSILE PROPERTIES NEAR
SOLIDUS TEMPERATURE OF DC CAST AA5182
ALLOY AND ITS HOT TEARING SUSCEPTIBILITY

Abstract

Two AA5182 alloy ingots (A and B) were cast at different cassipgeds of 60 and 75
mm/min. A comprehensive investigation was conducted, encompassing microstructural
analysis of the subsurface and bulk regions, along with tensile testing near the solidus
temperature in the range of 58680°C and with two strain rate$(4 s1 and 163 s1).
Microstructural analysis revealed the equiaxed grain structure throughout ingot A, whereas
ingot B exhibited a transition from equiaxed structure in the subsurface to columnar grain
structure in the bulk region. Regarding internmetahases, the ingot A showed predominant
Al (Fe, Mn) , wher eas t he i ngot Bi lkeex hiAbi tFec
Consequently, the ingot A exhibited superior semisolid tensile properties compared to ingot
B at given test temperatures. The diffeehetween two ingots became pronounced at the
low strain rate of 14l s1. The values of the brittle temperature range (BTR) in ingot B were
larger than those in ingot A. An assessment of hot tearing susceptibility (HTS) using BTR
criterion revealed thahe HTS in ingot B was higher that in ingot A, which was confirmed
by the occurrence of large transverse macrocrack during direct chill casting of ingot B

Key Words

AA5182 alloy, Semisolid tensile properties, microstructure, brittle temperature range, hot

tearing susceptibility.



4.1 Introduction
Al-Mg-Mn AA5182 alloy is a notheat treatable wrought aluminum alloy, which is widely
used in a variety of applications including beverage container and automotive components
[1]. The main casting route for the alloys is the direct chill (DC) casting process. The wide
solidification range of AA5182 alloy makes it prone to hot tearing during DC casting, and
consequently reduces its production yield in aluminum cast houses.dognieed that hot
tears arise in the semisolid state because of solidification shrinkage coupled with strain in
areas subject to inadequate interdendritic feeding during late stage of solidif[@t8pn
Inadequate liquid feeding is not the only reason for hot tearing, but also the thermal stress
and strain evolving during solidification, which may promote hot tel. Thermal stress
and strain depend on several factors, e.g. thermal gradient and localized cooliffy vates
Actually, ingot solidification results in the generation of thermal stresses due to the non
uniform temperature distribution, leading to varying thermal strain levels across different
regions of the ingot. If these stresses surpass the materials saeagpecific temperature
near the solidus with high fraction of solid, hot tears may initiate and prog&pate
Solidification during DC casting is complex and is highly dependent on the casting
parameters. Since the solidification of each location inside the ingot occurs at different stages
during casting, a DC ingot can be divided into several regions parélel ¢asting direction.
During primary cooling through the mould walls, a shell zone first solidifies. Because of the
air gap created by the thermal contraction away from the mould wall, the shell zone of low
heat extraction may lead to partiatmeelting d the shell and inverse segregati@j. In
addition, the creation of air gap may cause significant changes in the microstructural feature

in the subsurface region of DC cast ingdt§]. The next inner region is solidified under
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conditions of large heat extraction, where the water jets of secondary cooling directly hit the
ingot surface. Further solidification toward the center of the ingot is controlled by mass and
heat transfef10Q].

The dendrite grain structure is often associated with the HTS, in which the columnar
dendrite structure is more prone to crack propagation than the equiaxed grain sttdgture
The formation of columnar dendrite structures is promoted by increasing the melt
temperature and thermal gradi¢h®, 13]. It was reported that the heat flow from the high
temperature melt into the cooler crystal may increase the thermal gréarening the
formation of the columnar dendritgs4]. Some studies reported the formation of columnar
zones near the surface of DC cast ingt® 15]. The superheat of the melt may promote
such phenomena because of the smaller air gap and longer solidification time accompanying
such superhe§l?]. Several studies stated that the replacement of columnar structure by fine
equiaxed grains couletducethe HTS[13, 16].

Casting speed is an essential process parameter in DC casting, which affects the hot tearing
formation[12]. Most of hot tearing criteria lead to the conclusion that increasing the casting
speed results in an increase of HILF]. The increase in sump depth in high speed casting
elongates the porous network, leading to a decrease in the liquid flow rate and impairing the
potential for crack healinpl7]. Increasing casting speed was found to increase the HTS in
Al-Mg-Si and AlCu ingots[18-20] and the macrosegregation at the surface eCélalloy
billets [10]. Moreover variation of the casting speed was reported to result in an increase of
localized strain rates inside DC ingdfl]. The localized strain rate is maximum at the
surface and decreases with moving toward the center of the ingot. The strain rate at the

surface was reported to be higher than that of the bulk of the ingot by five order of magnitude
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[22]. Katgermaneta]23]f ound t hat hot tearing of AA5182
s 1. They also reported that cracking 1 n s
separation or rupture of solid bridges. At the low strain rate, there is sufficient time for the
liquid to flow from compressed to tensile zor{@d]. Colley et al.[25 measured the
semisolid tensile properties of AA5182 with
assess the HTS of DC cast alloymyeral studies have previously used a mechanical criterion
based on the brittle temperature range (BTR), which spanned from thelungitiy
temperature (ZDT) and zesirength temperature (ZSTR5. It was found that HTS
increased with increasing values of the BTR.

This study aims to investigate the effect of the casting speed onc¢hastasicrostructure
and semisolid tensile properties of two DC cast AA5182 ingots. Tensile testing in two
distinctive positions inside each ingot (subsurface and bulk regions) atrauo rates were
conducted to evaluate the mechanical response above the solidus temperature. Finally, a

mechanical criterion based on the BTR was applied to assess the HTS of the AA5182 alloy

under various conditions.

4.2 Experimental Procedure

Two AA5182 alloy ingots with similar chemical composition were produced via DC cast
under different casting speeds, and provided by the Arvida Research and Development
Center of Rio Tinto Aluminum (Saguenay, Quebec). One ingot, referred to as "A", was cast
at a speed of 60 mm/min and was defeet, and the other ingot, "B," was cast at 75 mm/min
and had a large transverse macrocrack on its rolling face, as shawgune 4.1. The
chemical compositions of the two ingots are liste@iable4.1.. Sliceshaving dimensions of

59 x 18.5 x 8 cm were sectioned from the steady state ofiegath The tensile samples
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were cut at two distances from the rolling surface: 3 mm and 22 mm, which represented the
subsurface and bulk regions of the ingots. Samples were so extracted that the tensile test
direction was perpendicular to the casting direction, which ensures éablidification
conditions in all tensile sample were nearly same. The dimensions of the cast ingot and tensile
samples are illustrated Kigure4.2.

Table4.1 Chemical composition of receivewots.

Ingot Mg Mn Fe Cu Si Ti Al
A 4.77 0.41 0.20 0.05 0.08 0.004 Bal.
B 4.57 0.34 0.19 0.03 0.07 0.003 Bal.

Casting
Direction

Figure4.1: The ingot B showing a transverse macrocrack of 15 cm occurred at 37 cm from
the bottom of the ingot.
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18.5cmT

59.5 cm

Figure4.2: Schematic drawing showing tldémensions of the cast ingot and prepared ingot
slices at 3 mm and 22 mm from the rolling surface as well as the position of

tensile samples

The microstructure of the aeceived ingots was first investigated with an optical
microscope (Nikon ECLIPSE ME 600). The area fraction of all phases was calculated by
image analysis based on 50 optical micrographs at 100x. To reveal the grain sttieture,
polished samples were electrolytically et
at 15 V for 3 min. Secondary dendritic arm spacing was measured by identifying the
secondary dendritic cells on etched optical micrographs. The fracture sofféeesile
samples was analyzed using a scanning electron microscope (SEMg48BM.V). To
measure the solidus and phase precipitation temperatures, a differential scanning calorimeter
(DSC, Mettler Toledo) was used; the measurements were performégatirag rate of 10

K/min with a sample weight of approximately 25 mg.
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The tensile tests were performed using a Gleeble 3800 thermomechanical testing unit using
a temperature range of 52880°C with two different displacement rates of 0.01 mm/s and
0.1 mm/s. Notice that these displacement rates of 0.01 and 0.1 mm/s cuirespo
approximately to strain rates of 10 and
temperature at a heating rate of 2 K/s and soaked for 1 minute before the test was conducted.
For each condition,-3 samples were tested for the repeatgbiftrain was measured using
the digital image correlation method (DI2g, 27], which is an optical technique that utilizes
the full-field, noncontact, and higprecision measurement of the displacement. The high
oxidation rate of AIMg-Mn alloy deteriorated the speckle pattern of graphite spray.
Therefore, the graphite spray waplezed by a boron nitride spray because of the ability to
develop weHdefined speckle pattern on oxidized surface, as showigure4.3. The initial
gauge length was 2 mm where the centroids of the subsets are the ends of the gauge length.
The distance between both centroids was followed during the tensile test until the fracture to

calculate the failure strain

Figure 4.3: Schematic showing how GOM correlate application measure displacement
relative to the reference image (initial gauge length 2 mm) whermitred

subsets are Yellow and deformed subsets are white.
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4.3 Results
4.3.1. Microstructure of the cast ingots

Figure4.4 shows the asast microstructures of ingots A and B at surface and bulk regions.
The main secondary phases of ingotFAg(ire4.4a) consisted of two Fech intermetallic
phases (Al (Fe, Mn) and -Ael Fehg poi mar philges
UA | CuMg ). I n t he subsurface r e g tsaipt , t he
mor phol ogy, whil e i n)wahfegmenieddgure4dhy. Albtimese A I ( F
intermetallic phases were reported previously in the literg8,e29]. The area fraction of
intermetallics varied from the subsurface to the bulk regkgu(e 4.5). The dominant
i ntermetallic phase in ingot A was Al ( Fe,
1.39% in the subsurface and bulk regions, respectively. The main difference between both
regions was the area fracti @87% imthe silbsuribtg , wtk
region to 0.31% in the bulk region.

Ingot B had the same types of intermetallics that those found in ingot A. A significant
difference was the morphology and size ofried intermetallics Figure4.4c and d). The
most dominant phase in ingot B was neddle k e Al Fe, which is e
mechani cal properties because of the stress
significantly increased from the subsurface to bulk rediaguie4.4d). The area fraction of
Al Fe was hi gher ingonB thah that ib mdotkARigue 4.5, 8% va f
0. 88%) . Il n addition, Al ( Fe, Mn) fractibnswas a p p e a
significantly | ower compared to ingot A. Mo

along interdendritic regions in the subsurface regieigure 4.4c). The area fraction of
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Al Mg was found to be 0.98% in the subsurf
bulk region (0.7%).

The main phases in the-east microstructure of both ingots agreed well with the predicted
phases based on the Scheil model calculated by the THealoosoftware. Scheil
calcul ations showed that Al Mn shoshbud fir st
start to form at 595 AC. Later, primary Mg

solidification should Bé Ch&gfoamavdbonAct A

_AlgMg;

AlFe
~

/ \

0

AlgMg; t-FIhase

Al Fe,Mn
9 A|3|{

Figure4.4: The difference in microstructure between subsurface zone (a & ¢) and bulk zone

(b & d) where (a & b) represented ingot A and (¢ & d) represented ingot B.
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DSC analysis was conducted to evaluate the solidus, liqudus and precipitation

temperatures of the phases. The first derivative of DSC curves preserfegliia 4.6

reveal ed

t

h e

sol i dus

tempér LuMge ) ( ms | teiXmpe r

both ingots in the different locations. The solidus temperature in the bulk region of ingot A

was 445 °C while it was 446 °C in the subsurface region. The solidusragnmeean the bulk

region of ingot B was lower (443 °C) compared to 447°C in the subsurface zone. The liquidus

temperatures of the surface and bulk regions were 639 °C and 641 °C iningot A, and 641 °C

and 644 °C in ingot B, respectively. Accordingly, siedidification intervals of the subsurface

and bulk material were 194 °C and 195 °C in ingot A, and 194 °C and 201 °C in ingot B,

respectively. The wider solidification intervals of ingot B in the bulk region could be a factor

contributing a higher HTS ralive to the ingot A30Q].

Further mor e,

the 1 ni

tiation of Mg Si mel t i

ingot B compared to 566 °C in ingot A. The melting ofFd occurred in bulk zone of ingot
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B at nearly 590 °C which is higher than its melting temperature in ingot A by around 5 °C.

No melting of Ferich intermetallics (AF e

and Al

(Fe, Mn) )

woul d oc

temperature of the tensile tests. The solid fraction vs temperature curves were then calculated

based on DSC curves using the method proposed by FB@nThe evolution of solid

fraction with temperature near the solidus temperature for all conditions is depiEtgdr

4.7 andTable4.2. It was found that the bulk region of ingot B had the lowest solid fraction

at a given temperature. Generally, the solid fractions in the subsurface and bulk regions of

ingot A are greater than that in ingot B at a given temperature.
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Figure4.7: Solid fraction vs temperature curves near solidus temperature of ingots A and B,

calculated based on DSC results using Flynn meitBdd

Table4.2: Solid fraction vs temperature data near solidus temperature of AA5182 DC cast

ingots
Temper Solid Fraction, %
AcC Il ngot A |l ngot B
Subsul Bul k Subsur Bul k
520 99 98. 3 98. 7 97 . 7
550 97 96 . 6 96. 0 94 . 4
560 95. 5 95. 2 94 . 3 92. 3
570 93. 5 93. 5 91. 8 89. 4
580 90. 5 90. 5 88. 0 85. 4

The secondary dendritic arm spacing (SDAS) was measured along 25 mm from the ingot
surface, and the results are presentdtgnre4.8. In the shell zone (up to 1 mm), the SDAS
was the | owest and nearly the same (~15 &m)

region of ingot A, the SDAS was fluctuated within a narrow range-@ 80 ¢ m. I n addi
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the grain structure in the subsurface and the bulk regions of ingot A was equiayeé (

4.8a). On the other hand, two regions were observed in ingbtdBire4.8b). The region |

was characterized by coarse equiaxed grains
while the region Il involved the columnar grain structure and the SDAS reduced2t® 20

em. Formation of col umnar snightuesuttomehelogh i ngo

thermal gradient and turbulent flow of molten metal at the high casting speed as reported in

[7]

(a) ss i ()55 4
50 - 50|
8] 7 . 45 ] l
404 = 40 . [ l
1= TN Y
%30- L - E I | H } iao- - I
< - B & 251
S 25 } a25 P
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Distance, mm Distance, mm

Figure4.8: Evolution of thesecondary dendrite arm spacing along the casting surface and its

corresponded grain structure, (a) ingot A and (b) ingot B

4.3.2. Semisolid Tensile properties

Figure4.9a shows the strength and strain vs temperature curves of ingot A at the strain rate
of 10* s. It was found that the bulk region had higher strength compared to the subsurface
region. The difference in strength of both regions was reduced with increasing test
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temperature above 550 °C. On the other hand, the fracture strain was significantly greater in
the bulk region than in the subsurface over the whole temperature range. The largest
difference in the fracture strain between the two regions was detected &€ 5@0ere
fracture strains were 8% and 25% at the subsurface and bulk regions, respectively. With a
further increase in temperature, the fracture strain of the bulk region was at least twice that
of the subsurface. Accordingly, the tensile properties eflthlk region of ingot A were
generally better than that of the subsurface at a strain ratef ef 1Bicreasing the strain rate

from 10 s? to 10° st affected the strength and strain vs temperature plots of ingot A, as
shown inFigure4.9b. The strengths of both regions increased with increasing the strain rate.
Moreover, the fracture strain of each region decreased with increasing strain rate, but the
difference in fracture strain between them was reduced. For example, at 560 °Ctine frac
strain difference between the two regions decreased from 17% to 2% with the increase of the
strain rate from 10s to 16° s™.

Similarly, the strength of the bulk region of ingot B was higher than that of the subsurface
region at a strain rate of & (Figure4.9c). The difference in strength of both regions
increased significantly at 560 °C, where the strength of the bulk region was 6.1 MPa while it
was only 1.3 MPa in the subsurface region. In addition, the fracture strain of the bulk region
was higher than irhe subsurface. The increase of the strain rate ts18howed the same
effects of increasing the strength and reducing the fracture strain as those appeared in ingot
A (Figure4.9d). However, the strength and strain in the subsurface and bulk region of ingot

B were remarkably lower than those in ingot A at both steties
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Figure 4.9: Variation of strengthvs temperature and strain vs temperature for tensile test
operated undeatifferentdisplacement rate where (a) ingoA0.01 mm/s(b)
ingot Bat 0.01 mm/s, (c) ingot A at 0.1 mm/s, and (d) ingot B at 0.1 nzolisl
lines refer to stress values and dashed lines refers to strain values. subsurface

zonesare black and bulk zones are red.
4.3.3. Hot tearing susceptibility of two cast ingots
Evaluation of hot tearing susceptibility based on semisolid tensile properties was proposed
in different modelg5, 31, 32]. One of the most promising methods to evaluate the HTS is
the brittle temperature range (BTR). The BTR is the range between theluntiiday
temperature (ZDT) and the zestrength temperature (ZSThhe ZDT was defined as the
temperature at which fracture strain reached 3%, while the ZST is the temperature at which

strength is almost zef81, 33]. In general, the larger the BTR, the larger is the HTS [26, 31].
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The procedure to determine the ZDT, ZST and BTR based semhigolid tensile properties
(Figure4.10a) is illustrated in Fig. 104&or ingot A, the ZDT was 569 °C for the subsurface

at both strain rates, while the ZDT of the bulk material decreased from 576 °C to 570 °C
when strain rate increased from“€'to 10° s (Figure4.10b). In addition, the ZST was
nearly constant for both positions (approximately 585FiGure 4.10c). Accordingly, the

BTR were larger in the subsurface than that in the bulk material; they decreased from 15 °C
and 17 °C in the subsurface at both strain rates to 10 °C and 15°C in the bulk material,
respectively [Figure4.10d).

On the other hand, the ingot B showed lower ZDT of 559 °C and 564 °C at the strain rate
of 10% s* and 559 °C and 561°C at the strain rate of &b for the subsurface and bulk
regions Figure4.10b), respectively, compared to the ingot A. The ZST of the bulk material
was higher than that of the subsurface by 7 °C at the strain rate! e Hhd 3 °C at the
strain rate of 18 s* (Figure4.10c). Accordingly, the BTR of ingot B were 21°C and 23°C
at both strain rates for the subsurface and briljufe4.10d). It is evident that the BTR of
the ingot B were higher than those in ingot A, and the large difference between both ingots

appeared at the low strain rate of*id.
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Figure4.10: Evaluation of hot tearing susceptibility of two ingots based on the BTR, (a)
procedure of determining ZDT, ZST and BTR, (b) ZDT, (c) ZST and (d).BTR

As mentioned above, the strength and fracture strain in the subsurface and bulk region of
ingot B were remarkably lower than those in ingot A at both strain rates at given test
temperatures. The strebased model statgd2, 34] that the strength of the material should
be larger than the induced stresses during the last stage of solidification to prevent the hot
tearing. Therefore, the higher strength of ingot A at the temperatures near the solidus
increased its ability to resistracking. The initiation of the crack in ingot B was highly
probable as the thermal stresses might exceed its strength due to its lower strength near the
solidus. On the other hand, as the strength at 580 °C was close to zero in all conditions, the
correponding strain may be considered as the critical strain for HTS based on a strain model
proposed by Prokhord5, 36]. For ingot A, the critical strains for hot tearing at the strain

rate of 10* s* were 1.13% and 2.05% for the subsurface and bulk regions, while they were
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almost zero for both regions in ingot B at the same strain rates. This means that any crack
initiation in ingot B during late solidification can easily propagate without any resistance

near ZST.

4.4 Discussion
4.4.1. Microstructure and mechanical properties relationship

Variation in casting parameters was reported to affect the microstructural features and
semisolid state mechanical response of DC cast ifgat87, 38]. As mentioned before, the
main difference between two ingots was the casting speed, where ingot A was cast at 60
mm/min and ingot B was cast at 75 mm/min. The first difference in their microstructure was
the formation of a columnar grain structure in ingo which was caused by a deep sump,
strong convection, and high thermal gradigt®, 13]. It was also reported if37] that
increasing the casting speed in commercial aluminum alloys could cause the formation of
narrow regions of columnar grains of the DC cast ingots.

The second difference between the two ingots was the typerafHatermetallic phases,
where Al (Fe, Mn) was the mai khkepAlasEei wasnglo:
intermetallic phase in ingot B. e sblatesichc oar s e
interdendritic liquid due to the large air gap between the mould and the ingot $G88ace
The higher casting speed of ingot B reduced the time for heat dissipation from the different
regions within the ingot leading to uneven thermal distribution inside the [Bgotwhich
resulted in the coarsening of intermetal[i48]. The bulk region of ingot B was characterized
by a columnar dendrite grain structure, and a relatively large amount of coarselikeedle

Al .Fe
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Mechanical behavior near the zeduictility temperature

In terms of tensile properties, a significant difference in fracture strains of both ingots was
noticed at the low strain rate of"167, where the fracture strain of ingot A was significantly
higher than that of ingot B={gure4.9). Since the fracture strain is highly dependent on the
liquid distribution along grain boundaries and liquid film formation, the analysis of fracture
surfaces of tensile samples was selected at thedzetdity temperatures of both ingots. The
analysisvasperformedon two tensile samples at the subsurface of ingots A and B, tested at
570 °C and 560 °C respectively, which were close to theiraectlity temperatures. The
solid fraction of ingot B £94.3% at 560 °C) is slightly larger than that of ingot A$B.5%
at 570 °C). The fracture surface of ingot A showed long rivers formed by the partial melting
of Al FigMtegd.11a) This means that liquid was allowed to distribute uniformly in ingot
A. The spikes were widely formed across cracks in ingétigufe4.11c). The EDS analysis
of spikes or solid bridge#&lshoweédMghawiitth W
O 6% (at. %). Moreover, dendrites were cover
propagated across these layers. Most solid bridge® wot fractured, and the crack
propagation mainly occurred along liquid films. On the other hand, the fracture surface of
ingot B showed torn liquid films along grain boundarieig(re4.11b). The tearing of liquid
films preferentially occurred because of the presence of needl& e Al Fe particl
ascrack ni ti ator. The high area fraction of Al
played a large role in trapping the liquid at triple junctidfigre4.11d). Most of the liquid
was trapped at triple junctions and along grain boundaries, and they experienced tearing

during the tensile test, resulting in a lower fracture strain in ingot B rather than that in ingot
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A. After the fracture, the liquid was solidified and enclosed within oxide envelopes, which

maintained the torn shape of the liquid films

Figure4.11: Fracture surface of tensile samples in the subsurface of ingots A anth&
low strain rate of 18s?, (a, ¢) ingot A tested at 570 °C, (c, d) ingot B tested at
560 AC, showiid +t Ahdat Mgut é orimedUspi kes
and the torn liquid films appeared along grain boundaries because of liquid
trappingby Al . Fe (d)

The fracture surface of the tensile sample in the bulk region of ingot B, tested at 560 °C
with fs=92.%, exhibited also torn liquid films, primarily in specific locatioRg(re4.12a).
These torn liquid films were formed because of the difficulty of the liquid distribution along

grain boundaries resulted from the columnar structure, and the presence of celaese Al
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