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£valuation de la sensibilit® ¨ la d®chirure ¨ chaud des alliages dôaluminium forg® en fonction de 

leurs propriétés de traction semi-solides 

R£SUM£ 

Les propriétés en traction des alliages dôaluminium ouvr®s ¨ l'®tat semi-solide sont 

significatives pour comprendre le comportement de solidification de tels alliages et explorer 

les raisons des défauts de coulée. Plusieurs défis doivent être surmontés pour mesurer avec 

précision les propriétés en traction des alliages ¨ l'®tat semi-solide, ̈  savoir les grands 

gradients thermiques, les fluctuations de charge et les mesures de la déformation. La bonne 

conception de lô®prouvette de traction, le choix dôune nouvelle m®thode de calcul de la 

contrainte bas®e sur le d®placement de la jauge L et la mesure de la d®formation ¨ lôaide de 

la m®thode de corr®lation dôimage num®rique ont ®t® les principaux outils de cette ®tude pour 

surmonter tous les d®fis. Ce projet a port® sur lôutilisation des propriétés en traction des 

alliages ¨ l'®tat semisolide pour évaluer la susceptibilité à la déchirure à chaud pendant le 

processus de coulée par refroidissement direct. Pour atteindre cet objectif, deux paramètres 

ont été étudiés : la composition chimique et la vitesse de coul®e. De plus, lôefficacit® de cette 

nouvelle méthode a été évaluée en fonction de sa précision à mesurer les propriétés 

élastiques.  

Les propriétés en traction des alliages AA6111 (A et B) è l'état semi-solides ont été étudiées. 

Les teneurs en Cu, Mn et Si de lôalliage A sont sup®rieures ¨ celles de lôalliage B. Les 

microstructures des alliages ont été analysées avant les essais de traction et après la rupture 

par traction. Des essais de traction isotherme ont été effectués à des températures étudiée a 

été de 510, 520, 535, 552, 564 et 580 °C pendant 1 h pour étudier la porosité/formation de 

vide dans les deux alliages. La plage de température de 450 à 580 °C avec un taux de 

déformation de 10-4s-1. La d®formation pendant les essais de traction a ®t® mesur®e ¨ lôaide 

de la m®thode de corr®lation dôimage num®rique pour obtenir des courbes de contrainte-

déformation fiables. Les résultats ont montrés que la résistance à la traction des alliages 

diminuait progressivement à zéro avec lôaugmentation de la température pour arriver à la 

température de contrainte zéro, tandis que les contraintes à la rupture diminuaient fortement 

avec lôaugmentation de la temp®rature jusquô¨ la temp®rature de ductilit® z®ro (ZDT). De 

plus, la déformation ̈  la rupture de lôalliage B ¨ nôimporte quelle temp®rature dôessai ®tait 

plus ®lev®e que celle de lôalliage A. Des critères non mécaniques et mécaniques de déchirure 

à chaud ont été utilisés pour étudier les susceptibilités à la déchirure à chaud (HTSs) des 

alliages. Compte tenu  du critère mécanique,  la ZDT et la plage de température fragile de 

lôalliage A ®taient respectivement inférieures et supérieures à celles de lôalliage B, ce qui 

indique que le HTS index de lôalliage A était supérieur à celui de lôalliage B. 

Les propri®t®s ®lastiques de lôalliage AA6111 ¨ refroidissement direct ont ®t® d®termin®es au 

cours de la phase de d®chargement de lôessai de traction cyclique sur un large ®ventail de 

températures (25 à 550 °C), et une attention particulière a été accordée aux températures 

élevées près du solides. Le module de Young a été calculé à partir de Mesures 

macroscopiques et localisées de la deformation , qui ont été faites  ̈  lôaide dôun extensom¯tre 

et dôune m®thode de corr®lation dôimage num®rique (DIC). Le coefficient de Poisson a été 

d®termin® en fonction des tensions axiales et lat®rales localis®es mesur®es ¨ lôaide de la 
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méthode DIC. Sur toute la plage de température, la méthode DIC a démontré une plus grande 

stabilit® dans sa pr®cision avec lôaugmentation de la temp®rature que celle utilisant 

lôextensom¯tre. Un changement marqu® dans la pente du module de Young en fonction de la 

température, à partir de la temperature du solidus, a ®t® d®tect® ¨ lôaide de la m®thode DIC. 

Des corrélations entre le module de Young et la température dans les deux états solide et 

semi-solide ont été établies. Le coefficient de Poisson en fonction de la température a montré 

un changement spectaculaire près de la  température du solidus en raison de la présence de 

poches de liquide. La temp®rature de fragilisation initiale de lôalliage AA6111 ¨ lô®tat semi-

solide a été estimée à 550 °C selon les valeurs critiques du coefficient de Poisson et du rapport 

entre le module de cisaillement et le module de compressibilit® m®canique.  

Deux lingots dôalliage AA5182 (A et B) ont ®t® coul®s ¨ diff®rentes vitesses de coul®e de 

60 et 75 mm/min. Une enquête approfondie a été menée, comprenant une analyse 

microstructurale des régions souterraines et en vrac, avec des essais de traction près de la 

température des solides dans la plage de 520 à 580 °C et avec deux vitesses de déformation 

(10-4s-1 et 10-3s-1). Lôanalyse microstructurale a r®v®l® la structure de grain ®quix®e dans tout 

le lingot A, tandis que le lingot B présentait une transition de la structure de grain équixée 

dans le sous-sol à la structure de grain colonnaire dans la région en vrac. En ce qui concerne 

les phases interm®talliques, le lingot A a montr® une pr®dominance dôAl (Fe,Mn), tandis que 

le lingot B a montré une grande quantit® dôAl Fe semblable ¨ une aiguille. Par cons®quent, 

le lingot A présentait des propriétés de traction semi-solides supérieures à celles du lingot B 

¨ des temp®ratures dôessai donn®es. La diff®rence entre les deux lingots sôest accentu®e au 

faible taux de déformation de 10-4 s-1. Les valeurs de la plage de température fragile (BTR) 

dans le lingot B étaient supérieures à celles du lingot A. Une évaluation de la sensibilité au 

d®chirement ¨ chaud (HTS) ¨ lôaide du crit¯re BTR a r®v®l® que le HTS du lingot B ®tait 

supérieur à celui du lingot A, ce qui a ®t® confirm® par lôapparition dôune grande macrofissure 

transversale lors de la coulée de refroidissement direct du lingot B. 



 

 

Evaluation of hot tearing susceptibility of wrought aluminum alloys based on their semisolid 

tensile properties 

ABSTRACT 

Tensile properties of wrought Aluminum alloys in a semisolid state are meaningful to 

understand the solidification behavior of such alloys and to understand the reasons for variant 

casting defects. Several challenges should be overcome to measure semisolid tensile 

properties accurately including large thermal gradients, load fluctuations, and inaccurate 

strain measurements. An appropriate design of the tensile specimen, the choice of a novel 

method to calculate stress based on L-gauge displacement, and strain measurements using 

the digital image correlation method were the main tools of this study to overcome all 

challenges. This project focused on how to use semisolid tensile properties to evaluate hot 

tearing susceptibility during the direct chill casting process. To achieve this objective, two 

parameters were studied: chemical composition and casting speed. In addition, the 

effectiveness of this novel method was evaluated based on its accuracy to measure elastic 

properties.  

The semisolid tensile properties of two AA6111 direct-chill (DC) cast alloys (A and B) 

have been studied. The Cu, Mn, and Si contents of alloy A are higher than those of alloy B. 

The microstructures of the alloys were analyzed before tensile testing and after tensile 

fracture. Isothermal holding was performed in the temperatures of 510, 520, 535, 552, 564 

and 580 °C for 1 h to study porosity/void formation in both alloys. Tensile tests were 

conducted near the solidus temperature in the temperature range of 450ï580 °C at a strain 

rate of 10-4 s-1. The strain during tensile testing was measured using the digital image 

correlation method to obtain reliable stress-strain curves. The results revealed that the tensile 

strengths of the alloys gradually decreased to zero with increasing temperature to arrive at 

the zero-stress temperature, whereas the strains at the failure decreased sharply with 

increasing temperature until zero-ductility temperature (ZDT) was reached. Moreover, the 

failure strain of alloy B at any given testing temperature was higher than that of alloy A. Non-

mechanical and mechanical hot-tearing criteria were used to study the hot-tearing 

susceptibilities (HTSs) of the alloys. Considering the mechanical criterion, the ZDT and 

brittle temperature range of alloy A were lower and larger than those of alloy B, indicating 

that the HTS index of alloy A was higher than that of alloy B. 

The elastic properties of the Al-Mg-Si direct-chill-cast AA6111 alloy were determined 

during the unloading stage of the cyclic tensile test over a wide range of temperatures (25ï

550°C), and particular attention was paid to high temperatures near the solidus. Youngôs 

modulus was calculated based on macroscopic and localized strains, which were measured 

using an extensometer and the digital image correlation (DIC) method. Poisson's ratio was 

determined based on the localized axial and lateral strains measured using the DIC method. 

Over the entire temperature range, the DIC method demonstrated a higher stability in its 

accuracy with increasing temperature than that using the extensometer. A sharp change in 

the slope of Young's modulus as a function of the temperature, starting from the solidus 

temperature, was detected using the DIC method. Correlations between Young's modulus 

and temperature in both the solid and semi-solid states were established. Poissonôs ratio as a 



vi 

 

function of the temperature exhibited a dramatic change near the solidus temperature because 

of the presence of liquid pockets. The onset brittle temperature of AA6111 alloy in the semi-

solid state was estimated to be 550ÁC based on the critical values of Poissonôs ratio and the 

shear modulus to bulk modulus ratio.  

Two AA5182 alloy ingots (A and B) were cast at different casting speeds of 60 and 75 

mm/min. A comprehensive investigation was conducted, encompassing microstructural 

analysis of the subsurface and bulk regions, along with tensile testing near the solidus 

temperature in the range of 520-580°C and with two strain rates (10-4 s-1 and 10-3 s-1). 

Microstructural analysis revealed the equiaxed grain structure throughout ingot A, whereas 

ingot B exhibited a transition from equiaxed structure in the subsurface to columnar grain 

structure in the bulk region. Regarding intermetallic phases, the ingot A showed predominant 

Al (Fe,Mn), whereas the ingot B exhibited a high amount of needle-like Al Fe. 

Consequently, ingot A exhibited superior semisolid tensile properties compared to ingot B at 

given test temperatures. The difference between the two ingots became pronounced at the 

low strain rate of 10-4 s-1. The values of the brittle temperature range (BTR) in ingot B were 

larger than those in ingot A. An assessment of hot tearing susceptibility (HTS) using BTR 

criterion revealed that the HTS in ingot B was higher than in ingot A, which was confirmed 

by the occurrence of large transverse macrocrack during direct chill casting of ingot B. 
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CHAPTER 1:  INTRODUCTION  

 

1.1 Background 

Direct chill casting (DC casting) can be considered the main commercial technology to 

produce wrought aluminum alloys in the form of extrusion billets or rolling slabs. In early 

1930s, DC casting technology was commercially used in Germany and USA [1]. This process 

is semi-continuous. Direct chill casting had a unique feature that distinguished it from other 

casting techniques. The main benefit of direct chill casting is that the solidification (and the 

formation of structure and defects) occurs in a relatively narrow layer of the billet/slabs and 

can be well controlled [2]. During the steady-state stage of casting, the shape and the 

dimensions of this region remained constant and reproducible from one heat to another [1]. 

1.1.1. Effect of alloying elements and microstructural features on hot tearing 

Hot tearing susceptibility (HTS) is strongly related to the alloy composition, and the 

addition of small amounts of alloying elements can affect the HTS indices of Al alloys [3, 

4]. Fe is usually considered a harmful element in AlïMgïSi alloys because coarse and large 

Fe-rich intermetallics can hinder metal feeding during the last stage of solidification [5]. It is 

reported that the hot tearing susceptibility of Al-Mg-Si-Fe alloy reaches to its maximum at 

0.2% Fe [6]. By adding Mn to Al-Mg-Si alloys, the Chinese-script Fe-bearing intermetallics 

were formed to suppress the formation of coarse ɓ-Fe intermetallics, which facilitated the 

formation of solid bridges and the flow of liquid metal within semisolid structure [7]. It is 

also reported that increasing Si content enhanced hot tearing susceptibility, which reached to 

its maximum at 1% Si [8]. On the other hand, adding Cu to AlïMgïSi alloys improves the 
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mechanical strength of cast parts and causes the formation of Cu-bearing intermetallics (e.g., 

AlіCu phases) [9]. Cu-bearing intermetallics can significantly decrease the melting point and 

increase the solidification interval of Al alloys [9, 10]. HTS is also related to the amount of 

low-melting-point eutectic liquid in the later stages of solidification. Hot tear can be initiated 

in solid dendritic networks once the volume fraction of the liquid phase is in the range of 2ï

5% [11]. The relationship between the hot-tearing resistance and eutectic content depends on 

the distribution of the eutectic liquid to the grains [12]. The formation of eutectic liquid along 

the grain boundaries renders the grains brittle and promotes the propagation of hot tears [13]. 

Hot tearing was also reported to be affected by several microstructural features e.g. grain 

size and morphology of dendrites [14, 15]. The morphology of the solidified structure may 

also have a bearing on hot tearing susceptibility, with the more columnar structures providing 

a more straight forward path for crack propagation [16]. On the other hand, large grain size 

was found to increase the strength of mushy because of its ability to restrict the formation of 

continuous liquid film along grain boundaries [17, 18]. For the same solid fraction, large 

grains showed great chance for branching and build bridges [18]. 

1.1.2. Effect of casting speed on hot tearing formation 

Casting speed was reported as an essential processing parameter affecting the hot tearing 

formation. Increasing casting speed was found to increase the hot tearing susceptibility in 

Al -Mg-Si and Al-Cu alloys [19-21]. It was also reported that increasing casting speed 

produced more macro-segregation at the surface of DC Al-Cu billets [2]. Jamaly et al. [22] 

reported that slow casting speed reduced the thermal gradient inside AA5182 ingot and thus 

small differential thermal contraction occurred so resistance to hot tearing increased. 
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1.1.3. Role of tensile test in evaluating hot tearing  

The partial remelting method of as-cast samples during tensile testing has been widely 

adopted to investigate the mechanical response of semisolid Al alloys because it induces 

similar stress-strain conditions to those during solidification and provides quantitative stress 

and strain results for semisolid alloys [23]. However, partial remelting of samples subjected 

to tensile tests presents some challenges, such as high thermal gradients and strain 

localizations, even at small strains [24]. Several researchers have investigated the semisolid 

tensile properties of various Al alloys, including AA5182 [25-27], AA3014, AA6111 [24], 

and AA6061 [28]. Previous studies have indicated that tensile tests should be performed in 

the strain-rates range of 10ѐщ - 10ѐ² sѐ¹ to simulate the direct-chill (DC) casting process [25, 

28]. Hot-tearing studies require semisolid tensile tests at low liquid fractions (fL <10%), such 

that the specimens retain their original shapes as solid [28]. A short holding time at a 

semisolid temperature (within a few minutes) and high heating rates are recommended for 

partial remelting tests to minimize the effect of back-diffusion [29].  

1.1.4. Digital image correlation method 

Strain measurement was considered one of the major challenges during semisolid tensile 

testing. Traditional extensometers were found to underestimate the fracture strain because of 

the stress concentration developed at the contact area between the extensometer and the 

tensile sample [30]. Recently, a novel contactless measurement method was developed based 

on capturing images of the tensile sample throughout the test followed by image analysis. 

This new method was called digital image correlation method (DIC). The DIC method had 

several advantages over the traditional strain measuring methods including its high 

resolution, precision, and its ability to acquire full-field deformation and strain field of 
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various scales [31]. DIC method was previously used to measure the tensile properties of Al-

Cu in semisolid state using x-ray images [32]. In addition, DIC method proved its capability 

of obtaining the strain maps of AA6111, AA3104, CA31218, and Al-Cu during solidification 

and measuring the minimum strain at which strain localization occurred [31]. 

1.1.5. Hot tearing criteria  

Hot tearing criteria were classified into three divisions: mechanical, non-mechanical and 

combined criteria. Mechanical criteria proposed that the developed thermal stresses and 

strains during solidification are the main causes of hot tearing. Mechanical criteria were 

based on shrinkage stresses [33], strains [34], and strain rates . It was concluded that strain 

and strain rate are the critical factors to evaluate hot tearing as the imposed stresses during 

solidification are so high compared with the strength of the mush. On the other hand, non-

mechanical criteria showed that the lack of feeding could be the main reason for crack 

initiation during solidification [35]. Finally, RDG criterion combined the mechanical 

criterion represented by strain rate and non-mechanical criterion represented by permeability 

in their model which was based on a critical pressure below which cavities may initiate 

forming hot tears [6]. Several hot-tearing models consider a critical temperature range, where 

the possibility of hot tearing increases [6, 36, 37]. This temperature range, known as ñbrittle 

temperature rangeò (BTR), spans from the zero-ductility temperature (ZDT) to the zero-

strength temperature (ZST); in this range, the material can sustain its strength without further 

straining [38]. The wider the BTR, the larger the HTS index. The ZDTs of the alloys are 

typically lower than their ZSTs. Various studies were previously using BTR criterion to 

evaluate hot tearing susceptibility [24, 25, 39].  
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1.2 Definition of the problem 

Hot tearing is one the most common defects during direct chill casting. Two hot tearing 

susceptible alloys were selected for this project: AA6111 and AA5182. It should be noted 

that AA6111 was classified as a high hot tearing susceptible alloy, while AA5182 was 

considered as a moderate hot tearing susceptible alloy [3]. For the study of the effect of 

chemical composition on hot tearing of AA6111, two alloys with minor difference in 

chemical composition were received from Arvida Research and Development Center 

(ARDC). The alloy having high alloying element content had a crack propagating along its 

rolling face; however, the casting route for both alloys was similar. Therefore, the difference 

of hot tearing between both alloys was highly recommended to be evaluated. For AA5182 

alloy, the situation was different. The two received ingots had the same chemical composition 

but the difference between them was in the casting route, especially casting speed. The ingot 

cast at high speed 75 mm/min had a severe macrocrack propagated along its rolling face 

while the other ingot cast at 60 mm/min was free of hot tears. Consequently, the difference 

of hot tearing susceptibilities of each ingot was important to be addressed. 

Hot tearing susceptibility is highly dependent on tensile properties of wrought aluminum 

alloys in semisolid state. The main challenges of measuring semisolid tensile properties are 

high thermal gradient, counter forces exerted by fixed grips against the thermal expansion of 

the tensile sample, high fluctuation in force values at high temperatures and inaccuracy of 

strain measurement. Therefore, a novel method for measuring stress and strain was developed 

in this study. Measuring elastic properties of aluminum alloys in semisolid state is highly 

challenging so it was selected for testing the accuracy of the novel method. The accuracy of 

the measured elastic properties in semisolid state was low because of the effect of liquid on 
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underestimating the results and the uneven thermal distribution along tensile samples. In 

addition, the non-linearity of stress vs strain curves of metals when tests were performed 

above the solidus temperature which made the measurements of high temperature elastic 

properties inaccurate.  

1.3 Objectives 

The main objective of this work is to study the mechanical behavior of two commercial 

aluminum alloys (e.g. AA6111 and AA5182) produced by direct chill casting process. 

Semisolid tensile properties in the as cast condition were used to evaluate the hot tearing 

susceptibility of such alloys. The specific objectives for each subproject are listed as follows: 

Part 1: Effect of chemical composition on the semisolid tensile properties and hot 

tearing susceptibility of AA6111 DC cast alloys 

A. Study the effect of changing chemical composition on the semisolid tensile properties 

of AA6111 alloys. 

B. Use digital image correlation method to measure both fracture strain and strain 

distribution during tensile test. 

C. Use two kinds of models to evaluate hot tearing susceptibility of the studied alloys. 

The first model is the non-mechanical model proposed by Hu [40]. The second model 

is the mechanical model based on brittle temperature range. 

Part 2: Temperature dependence of elastic properties of Al-Mg-Si DC-cast AA6111 

alloy at near-solidus temperatures 

A. Study the relationship of Youngôs modulus of AA6111 as a function of temperature 

with two strain measurement methods, 1) conventional extensometer and 2) novel 

digital image correlation method. 

B. Evaluate the difference in accuracy between the two strain measurement methods. 
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C. Measure Poissonôs ratio based on axial and lateral strain values obtained by digital 

image correlation then estimate the onset temperature of brittleness based on these 

measurements. 

Part 3: Tensile properties of the subsurface and center regions of AA5182 DC cast ingot 

in the semisolid state and their hot tearing susceptibility. 

A. Explore the effect of changing casting speed on the semisolid tensile properties of DC 

cast AA5182 and its microstructural features. 

B. Study the effect of changing ingotôs position (subsurface and bulk regions) on 

semisolid tensile properties of AA5182. 

C. Study the effect of changing displacement rate from 0.01 to 0.1 mm/s on semisolid 

tensile properties of AA5182. 

D. Evaluate hot tearing susceptibility of all conditions using a mechanical criterion based 

on the brittle temperature range. 

1.4 Originality statement 

From the fact that performing tensile test above solidus is challenging, a novel method was 

developed in this work to measure stress and strain precisely. This novel method involves 

calculating the stress based on the L-gauge displacement and measuring strain using the 

digital image correlation method. As mentioned in section 1.2, the values of forces measured 

by the Gleeble machine are highly fluctuating when the tests are operated above the solidus 

temperature. The L-gauge displacement is linearly proportional to the force so the slope of 

this relationship may be used to convert the L-gauge displacement to the corresponding force 

values to calculate the resultant stresses. On the other hand, digital image correlation 

technique is operated to measure the fracture strain and the strain field evolution during the 

tensile test effectively.  
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In the first part, a new systematic study has been performed to study the hot tearing based 

on tensile properties measured by our novel method. As the role of iron intermetallics and 

copper rich phases on tensile properties of AA6111 above solidus was rarely investigated, 

the effects of chemical compositions and their corresponding intermetallics phases have been 

deeply investigated. Moreover, a non-mechanical criterion based on Huôs model and a 

mechanical criterion based on the brittle temperature range have been used to study the hot-

tearing susceptibilities of two different alloys, which has not be done before in the literature.   

In the second part, the use of loading/unloading cycles to measure high-temperture 

Youngôs modulus above solidus as a function of temperature is the main novelty of this part. 

Furthermore, all elastic properties have been measured based on localized strains so novel 

and interesting results are obtained. Based on these results, the onset temperature of 

brittleness of AA6111 is estimated.  

In the last part, the novelty of this study is measuring the tensile properties at two positions 

near the surface of the received DC cast ingot and evaluate the hot tearing susceptibility based 

on the brittle temperature range. There is insufficient literature discussing the effect of 

changing casting speed on the semisolid tensile properties of DC cast AA5182 and its 

microstructural features. Like in the first part, the novel method is operated to measure the 

semisolid tensile properties under all conditions. Therefore, this work may be integrated into 

the current literature to complete the missing rings.   

1.5 Thesis outlines 

The thesis is organized into five chapters. The introduction is presented in Chapter 1 

starting with a brief background on the use of tensile testing in the semisolid state to evaluate 

hot tearing susceptibility. This background also discusses the effect of chemical composition 
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and casting parameters on hot tearing susceptibility and the different models previously used 

to evaluate hot tearing susceptibility. In addition, this background introduces the advantages 

of the digital image correlation method as an alternative to the traditional strain measurement 

methods.  

In Chapter 2, the published paper ñEffect of chemical composition on the semisolid tensile 

properties and hot tearing susceptibility of AA6111 DC cast alloysò in the Journal of Material 

Science, 2022, is presented. This chapter discusses the use of semisolid tensile properties in 

evaluating the hot tearing susceptibility of two AA6111 alloys having minor difference in 

alloying elements e.g., Cu, Mn and Si. The hot tearing susceptibility of both alloys was 

evaluated based on two criteria: mechanical (brittle temperature range) and non-mechanical 

(Huôs model).  

In Chapter 3, the published paper ñTemperature dependence of elastic properties of Al-

Mg-Si DC-cast AA6111 alloy at near-solidus temperaturesò in the journal of Materials 

Engineering and Performance, 2023, is presented. This chapter discusses the effectiveness of 

using our novel method to measure precisely elastic properties, mainly Youngôs modulus and 

Poissonôs ratio. Loading/unloading tensile tests were operated and all properties were 

measured during the unloading stage. The interesting results were used to estimate the onset 

temperature of brittleness of the AA6111 alloy. 

In Chapter 4, the paper entitled ñTensile properties of the subsurface and center regions of 

AA5182 DC cast ingot in the semisolid state and their hot tearing susceptibilityò is presented. 

This chapter investigates the main reasons for the formation of hot tears in AA5182 alloy 

cast at 75 mm/min, while no apparent defect was found in the same alloy when the casting 

speed was reduced to 60 mm/min. Two positions of each ingot representing subsurface and 
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bulk regions were selected for applying tensile test in semisolid state. The tensile properties 

and subsequent fracture analysis of the tensile samples were used to understand the main 

difference between both ingots. 

Finally, in Chapter 5, the general conclusions and recommendations for future works are 

presented. A list of publications and posters has been included following this chapter. 
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CHAPTER 2:  EFFECT OF CHEMICAL COMPOSITION ON THE 

SEMISOLID TENSILE PROPERTIES AND HOT 

TEARING SUSCEPTIBILITY OF AA6111 DC CAST 

ALLOYS  

 

(Published in Journal of Materials science) 

 

Abstract 

The semisolid tensile properties of two AA6111 direct-chill (DC) cast alloys (A and B) 

have been studied. The Cu, Mn, and Si contents of alloy A are higher than those of alloy B. 

The microstructures of the alloys were analyzed before tensile testing and after tensile 

fracture. Isothermal holding was performed in the temperatures of 510, 520, 535, 552, 564 

and 580 °C for 1 h to study porosity/void formation in both alloys. Tensile tests were 

conducted near the solidus temperature in the temperature range of 450ï580 °C at a strain 

rate of 10-4 s-1. The strain during tensile testing was measured using the digital image 

correlation method to obtain reliable stress-strain curves. The results revealed that the tensile 

strengths of the alloys gradually decreased to zero with increasing temperature to arrive at 

the zero-stress temperature, whereas the strains at the failure decreased sharply with 

increasing temperature until zero-ductility temperature (ZDT) was reached. Moreover, the 

failure strain of alloy B at any given testing temperature was higher than that of alloy A. Non-

mechanical and mechanical hot-tearing criteria were used to study the hot-tearing 

susceptibilities (HTSs) of the alloys. Considering the mechanical criterion, the ZDT and 
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brittle temperature range of alloy A were lower and larger than those of alloy B, respectively, 

indicating that the HTS index of alloy A was higher than that of alloy B. 

Keywords: AA6111 alloys, hot-tearing susceptibility, DC casting, digital image 

correlation.  

2.1 Introduction  

Hot tearing, a common cast defect that occurs during the last stage of solidification, 

involves a continuous solid network of dendritic grains surrounded by a liquid film and 

pockets [1]. Mush structures are often subjected to tensile stress due to the thermal gradient 

and solidification shrinkage during casting. When the strength of the mush structure is 

insufficient to sustain the applied thermal stress, cast defects, such as hot tearing and porosity, 

occur [1-3]. Hot-tearing susceptibility (HTS) depends on several factors, such as 

solidification interval, microstructure development, eutectic feeding ability, and mechanical 

response of solidified microstructure [1-3]. 

The partial remelting method of as-cast samples during tensile testing has been widely 

adopted to investigate the mechanical response of semisolid Al alloys because it induces 

similar stress-strain conditions to those during solidification and provides quantitative stress 

and strain results for semisolid alloys [4, 5]. However, partial remelting of samples subjected 

to tensile tests presents some challenges, such as high thermal gradients and strain 

localizations, even at small strains [6]. Several researchers have investigated the semisolid 

tensile properties of various Al alloys, including AA5182 [7-9], AA3014, AA6111 [10], and 

AA6061 [11]. Previous studies have indicated that tensile tests should be performed in the 

strain-rates range of 10-5 - 10-3 s-1 to simulate the direct-chill (DC) casting process [7, 12, 13]. 
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Hot-tearing studies require semisolid tensile tests at low liquid fractions (fL ρπϷ), such 

that the specimens retain their original shapes as solid [11]. A short holding time at a 

semisolid temperature (within a few minutes) and high heating rates are recommended for 

partial remelting tests to minimize the effect of back-diffusion [4]. 

HTS is strongly related to the alloy composition, and the addition of small amounts of 

alloying elements can affect the HTS indices of Al alloys [1, 2]. Fe is usually considered a 

harmful element in AlïMgïSi alloys because coarse and large Fe-rich intermetallics can 

hinder metal feeding during the last stage of solidification [14]. It is reported that the hot 

tearing susceptibility of Al-Mg-Si-Fe alloy reaches to its maximum at 0.2% Fe [15]. By 

adding Mn to Al-Mg-Si alloys, the Chinese-script Fe-bearing intermetallics were formed to 

suppress the formation of coarse ɓ-Fe intermetallics, which facilitated the formation of solid 

bridges and the flow of liquid metal within semisolid structure [16]. It is also reported that 

increasing Si content enhanced hot tearing susceptibility, which reached to its maximum at 

1% Si [17]. On the other hand, adding Cu to AlïMgïSi alloys improves the mechanical 

strength of cast parts and causes the formation of Cu-bearing intermetallics (e.g., Al2Cu 

phases) [18]. Cu-bearing intermetallics can significantly decrease the melting point and 

increase the solidification interval of Al alloys [18, 19]. HTS is also related to the amount of 

low-melting-point eutectic liquid in the later stages of solidification. Hot tear can be initiated 

in solid dendritic networks once the volume fraction of the liquid phase is in the range of 2ï

5% [20]. The relationship between the hot-tearing resistance and eutectic content depends on 

the distribution of the eutectic liquid to the grains [1, 21]. The formation of eutectic liquid 

along the grain boundaries renders the grains brittle and promotes the propagation of hot tears 

[22, 23]. 
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The criteria used for predicting the HTS of Al alloys can be classified as non-mechanical 

and mechanical models [21, 24]. The non-mechanical criteria account for the fluid flow and 

healing of the structure depending on the feeding conditions. For example, Kou [25] proposed 

a non-mechanical model with a crack sensitivity index based on the steepness ( ὨὝὨὪ
Ⱦ
 ϳ ) 

at Ὢ
Ⱦ

 å1, used to evaluate the relationship between the location of the peaks of the crack 

sensitivity curves and alloy chemistry. Conversely, the mechanical criteriaðincluding stress-

, strain-, and strain-rate-based modelsðemphasize the importance of strengths and strains 

developed during the interdendritic separation and bridging stages of solidification. Several 

hot-tearing models consider a critical temperature range, where the possibility of hot tearing 

increases [15, 21, 26, 27]. This temperature range, known as ñbrittle temperature rangeò 

(BTR), spans from the zero-ductility temperature (ZDT) to the zero-strength temperature 

(ZST); in this range, the material can sustain its strength without further straining [10, 28]. 

The wider the BTR, the larger the HTS index. The ZDTs of the alloys are typically lower 

than their ZSTs. The presence of minor elements, such as Cu, can significantly affect the 

BTR because these elements can induce a series of complex eutectic reactions towards the 

end of solidification [15, 29, 30].  

AlïMgïSi AA6111 wrought alloys are widely used in the transportation industry owing 

to their high strength/weight ratio, good corrosion resistance, and reasonable formability. 

AA6111 wrought alloys are primarily manufactured through ingot metallurgy via DC 

casting, followed by thermomechanical processes, such as rolling and extrusion. The primary 

alloying elements in the AA6111 alloys are Mg, Si, Cu, and Mn. Considering the 

multicomponent nature of the alloying elements, AA6111 alloys exhibit a wide solidification 

interval and generate numerous as-cast microstructures with different intermetallic phases 
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during solidification; therefore, they are susceptible to hot tearing and porosity during DC 

casting. These cast defects are harmful and limit DC casting productivity.  

In this study, the effect of the chemical composition of AA6111 DC cast alloys on their 

tensile response above the solidus temperature was studied. Considering the high sensitivity 

of the tensile samples to the high test temperature in the semisolid region, the strain was 

measured using the digital image correlation (DIC) method to ensure accurate results. HTS 

was further investigated using two primary criteria: a non-mechanical criterion, such as that 

developed by Kou [25, 31], and a mechanical criterion based on the BTR [10, 32-34]. 

2.2 Experimental  

2.2.1. Materials 

Two AA6111 alloys with different chemical compositions (alloys A and B) were selected, 

owing to their large solidification ranges (~142°C based on Scheil calculations) and high 

HTS [10]. DC cast alloy ingots (590 mm × 185 mm × 70 mm) were provided by the Arvida 

Research and Development Center of Rio Tinto (Saguenay, Quebec). The chemical 

compositions of the alloys were determined by optical emission spectroscopy; the results are 

summarized in Table 2.1. The metallographic and tensile test samples were cut from the mid-

center areas of the DC cast ingot parallel to the casting direction, as shown in Figure 2.1, 

which well represented the bulk region in DC cast ingot.  

Table 2.1: Chemical composition of as-received DC cast ingots 

Alloy Si Mg Cu Fe Mn Ti  

A 0.7 0.6 0.7 0.2 0.2 0.03 

B 0.6 0.6 0.5 0.2 0.1 0.03 

Standard AA6111 0.6-1.1 0.5-1 0.5-0.9 0.4 max 0.1-0.45 0.1 max 
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Figure 2.1: (a) Positions of metallographic and tensile samples in DC cast ingots and (b) 

geometry and dimension of tensile test sample. 

2.2.2. Tensile testing near the solidus temperature 

Tensile testing was conducted using a Gleeble 3800 thermomechanical testing unit with a 

low-force load cell at a strain rate of 10-4 s-1. Each sample was heated to the desired 

temperature at a rate of 2 °Cs-1 and maintained at the testing temperature for 60 s before 

tensile testing. The temperature evolution during heating and tensile testing was monitored 

and controlled using a K-type thermocouple spot-welded at the center of each sample. At 

least two tests were conducted under each condition to confirm the reliability of the results. 

Accurate measurement of the flow stress at high temperatures was challenging because the 

stress of Al alloys at near-solidus temperatures was low, often ranging between 0.5 and 10 

MPa. In this study, a newly developed method was used to calculate the force using the 

changes in L-gauge displacements [35]. This method allowed us to accurately measure the 
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flow stress in a very narrow range and obtain consistent stress values, particularly in the 

semisolid state. 

Strain measurements during the tensile testing were performed using the DIC method [35]  

. The displacement of the sample surface was monitored using a monochrome digital camera 

(Ŭ7RIII, Sony) mounted on a cannon tripod (Figure 2.2a) connected to a remote digital 

system to control the distance between the camera lens and the sample surface. A speckled 

pattern was created after spraying quick-dry graphite lubricant (Jig-A-Loo) onto the sample 

surface. The field of view on the sample surface was approximately 7.2 mm × 4.8 mm. 

Images were captured at a rate of 3ï4 frames per second and converted to grayscale patterns 

of 800 × 450 pixels. Thereafter, the images were analyzed using the GOM Correlate software 

(Germany). The parameters used for the analysis were as follows: subset size of 33 × 33, step 

size of 12, bicubic subpixel interpolation and resolution of 0.01 pixel or 0.09 ɛm. The step 

size is the distance between the center of the subset and the closest neighbor subset [36]. It 

is crucial to increase the spatial resolution of DIC by decreasing the step size to obtain an 

acceptable strain map for localized strain [37, 38]. The subset size was also selected to 

include at least three particles (Figure 2.2b and c) [36, 38]. The DIC method involves 

comparing a reference image (before the tensile test at zero strain) with the images of the 

deformed samples. The measured strains were the averages of three points along the 

centerlines of the tensile samples, where the temperatures were the exact test temperatures. 

The stress-stain curves of the tensile samples were created by synchronizing the stress 

measured using the L-gauge method with the strain at fracture determined using the DIC 

method based on their evolution over time. 
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Figure 2.2: (a) tensile test setup with the camera for 2D digital image correlation, (b) the 

reference image of the tensile sample surface prior to the test and (c) the 

deformed image during tensile test. 

2.2.3. Metallography analysis 

For microstructural characterization, ingot samples were subjected to a standard 

metallographic polishing procedure [39]. Microstructural examinations were performed 

using an optical microscope and a scanning electron microscope (SEM, JSM-6480 LV) 

equipped with energy-dispersive spectroscopy (EDS) apparatus. Three samples sliced from 

the mid-center area of the ingots were used to measure the volume fractions of the different 

intermetallics (Figure 2.1). The minimum cross-sectional area of each metallographic 

specimen was 160 mm2, according to ASTM E45. Fifty images per specimen were used in 

this experiment. In addition, samples subjected to the tensile testing were sliced normally to 

the loading direction to investigate their fracture surfaces. The fractured samples were 

investigated in directions normal and parallel to the loading direction to study the fracture 

surfaces and areas surrounding the cracks. The examination of the area surrounding the crack 

(parallel to loading direction) can provide the details about the start of liquid film formation 

and fragmentation of intermetallic particles, while the cross-sectional area of fractured tensile 

samples (normal to loading direction) can show the initiation of the main crack responsible 

for the fracture.  
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For porosity measurements, six random samples with surface areas of 160 mm2 were sliced 

from the mid-center areas of the ingots. One hundred SEM images were captured at 30× 

magnification and analyzed using the ImageJ software to evaluate their porosity percentages. 

Six samples were sliced from the mid-center region of each ingot to study the evolution of 

porosity/voids at semisolid temperatures. The samples were heated isothermally in the 

temperatures range of 510ï580 °C, followed by water quenching. Next, SEM images of the 

samples were obtained at 30× magnification. The specimens were sliced 5 mm from the 

fracture surface parallel to the loading direction to measure the porosity percentages of the 

fractured tensile samples.  

2.3 Results  

2.3.1. Microstructure of the cast ingots 

The as-cast microstructures of the alloys are shown in Figure 2.3. The microstructures of 

both alloys comprised Ŭ-Al dendrite cells and several intermetallic phases concentrated in 

the interdendritic regions, including primary Mg2Si, two Fe-rich intermetallics (Ŭ-

Al 15Fe,Mn3Si2 and ɓ-Al 5(Fe,Mn)Si), and two Cu-bearing intermetallics (Q-Al 5Mg8Si6Cu2 

and ɗ-Al 2Cu). The intermetallic phases were identified based on their morphologies and 

SEM-EDS analysis results. The dark lamellar regions in the SEM images (Figure 2.3a and 

b) are attributed to the primary Mg2Si phase, whereas the bright areas are attributed to the 

Fe-rich and Cu-bearing phases. The morphologies and (Fe+Mn)/Si ratios of the particles 

were used to identify the Fe-rich intermetallic phases. The Ŭ-Al 15(Fe,Mn)3Si2 phase exhibited 

Chinese-script morphologies, and their (Fe+Mn)/Si ratios were approximately 1.5. In 

contrast, the ɓ-Al 5(Fe,Mn)Si phase exhibited a platelet-like shape, and its (Fe+Mn)/Si ratio 
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was found to be ~0.8. The results of SEM-EDS analysis showing the chemical compositions 

of different phases are listed in  

Table 2.2.  The primary Mg2Si and Al2Cu phases nucleated on the surfaces of the Fe-rich 

intermetallics (Figure 2.3c) and often grew close to the Fe-rich intermetallic phases in the 

interdendritic region (Figure 2.3d).  

 

Figure 2.3: Microstructure of received cast ingots in the mid-center region, (a) Alloy A and 

(b) Alloy B, (c) MgіSi and AlіCu nucleated on Fe-rich intermetallics, and (d) 

presence of MgіSi and AlіCu close to Fe-intermetallic in the interdendritic 

region. 
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Table 2.2: The results of SEM-EDS analysis showing the chemical compositions of 

different phases (at.%)   

Phases Al  Si Fe Mg Mn Cu 
Fe+Mn/Si 

(at.%) 

Ŭ-Al 15Fe,Mn3Si2 75.9 9.5 9.4 -- 5.2 -- 1.5 

ɓ-Al 5FeSi 80.9 10.6 8.2 -- 0.3 -- 0.8 

Q-Al 5Mg8Si6Cu2 67.1 12.0 -- 14.4 -- 6.5 --- 

ɗ-Al 2Cu 81.8 -- -- -- -- 18.2 --- 

Mg2Si -- 30.5 -- 69.5 -- -- --- 

 

The phase precipitation and temperature during solidification predicted by the Scheil 

model for AA6111 alloys were reported to be comparable to the experimental values 

determined using two thermal analysis methods [40]. Hence, the Scheil model was used to 

estimate the solidification path and calculate the fraction of the solid vs. temperature curves 

of the alloys studied, using the Thermo-Calc software with the TCAL7 database. The results 

are shown in Table 2.3 and Figure 2.4. According to the solidification path predicted by the 

Scheil model, after the formation of Ŭ-Al dendrites, Ŭ-Al 15(Fe,Mn)3Si2 precipitated at 614ï

617 ÁC, whereas ɓ-Al 5(Fe,Mn)Si) precipitated at 588ï594 °C. Furthermore, Mg2Si was 

formed as the binary eutectic of Ŭ-Al + Mg2Si at 555ï560 °C, as well as the ternary eutectic 

of Ŭ-Al + Mg2Si + Si at 533ï536 °C. Two Cu-bearing intermetallic phases precipitated at 

lower temperatures, near the solidus temperature. The formation temperatures of the Q-

Al 5Mg8Si6Cu2 and ɗ-Al 2Cu intermetallics were 529 and 510 °C, respectively. In addition, 

some studies reported that the binary eutectic Ŭ-Al + Ŭ-AlFeMnSi solidified in the range of 

609ï634 °C [40, 41], and binary eutectic (Ŭ-Al + Mg2Si) grew preferentially on the surface 
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of ɓ-AlFeMnSi forming a ternary eutectic (Ŭ-Al + Mg2Si + ɓ-AlFeMnSi), as shown in Figure 

2.3c and d [42-44].  

 

Figure 2.4: Evolution of mass solid fraction during solidification of both alloys calculated by 

the Scheil model. 

Table 2.3: Solidification path of two alloys predicted from Scheil model and comparison 

with results in literature. 

Solidfification Path 

Current Study Larouche et al. [41]  Chen et al. [40]  

Alloy A  Alloy B DSC 
Scheil 

Model 

Thermal 

Analysis 
DSC 

1.  ■O ♪ ═■♪

═■╕▄ȟ╜▪╢░ 
616.5 614.7 621-632 630-634 609-632 633 

2.  ■ ♪ ═■╕▄ȟ╜▪╢░O ♪

═■♫ ═■╕▄ȟ╜▪╢░ 
588.5 594.7    606 

3.   ■O ♪ ═■╜▌╢░ 555.5 560 545-548 541-547 553-555 557 

4. ■O ♪ ═■╜▌╢░ἡἱ 533 536     



25 

 

5.   ■O ♪ ═■╠ ╟▐╪▼▄ 529 529 527-538 537   

6.   ■O ♪ ═■Ἕ ἜἰἩἻἭ

Ᵽ ═■╒◊ + Si 
510 510 507-515 510 506 508 

 

The area fractions of the Fe-rich and Cu-bearing intermetallics in the microstructure of the 

two alloys were different because the Si, Cu, and Mn contents of the alloys were different. 

The quantitative metallographic analysis results of the alloys are shown in Figure 2.5. The 

area fractions of Chinese-script Ŭ-Al 15(Fe,Mn)3Si2 of alloy A were significantly higher than 

those of alloy B. Adding Mn to Al alloys modifies the morphology of Fe-rich intermetallics 

from platelets to Chinese-script and increases the volume fraction of Fe-bearing 

intermetallics [45]. In contrast, platelet-like ɓ-Al 5(Fe,Mn)Si is the primary Fe-rich bearing 

intermetallic in alloy B. The area fraction of the Fe-rich intermetallics increased from 1.4% 

for alloy B to 1.64% for alloy A. Furthermore, the fraction of the Mg2Si phase of alloy A was 

greater than that of alloy B. In addition, owing to the higher Cu content of alloy A, the fraction 

of Cu-bearing phases in alloy A was higher than that in alloy B. In brief, the area fractions 

of the low-melting-point eutectic phases (Mg2Si, Q, and Al2Cu) of alloy A were significantly 

higher than those of alloy B.  
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Figure 2.5: Quantitative results of the area fractions of different intermetallic phases in two 

alloys. 

2.3.2. Porosity/void formation at semisolid temperatures 

The porosity and void formation were studied at various temperatures in the semisolid 

temperature range (510ï580 °C). The original porosities in the microstructures of the DC 

cast ingots were similar and very low (< 0.1%, Figure 2.6a, b, and e). Upon increasing the 

temperature from 25 to 510 °C, the porosity percentage of alloy A increased from 0.08% to 

0.3%, whereas that of alloy B increased from 0.07% to 0.12% (Figure 2.6c, d, and e). The 

increase in porosity percentage and void interlinking degree were more significant for alloy 

A than for alloy B. The increase of the 0.05% porosity content in alloy B corresponded well 

with the content of Al2Cu (i.e., 0.06%) of the sample. However, for alloy A, the porosity was 

increased by (0.22%), which was higher than the Al2Cu content of the sample. The significant 

increase in porosity content in alloy A implies that the Q-phase started to melt at such 

temperature; and therefore, the void interlinking is more significant in alloy A (Figure 2.6c). 
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Upon further increasing the temperature to the upper semisolid range (580 °C), the highest 

temperature for the tensile tests, the porosity percentage increased gradually with temperature 

for both alloys. However, the porosity of alloy A was significantly higher than that of alloy 

B over the entire temperature range, attributed to higher amounts of low-melting-point 

eutectic phases (e.g., Mg2Si, Q, and Al2Cu) in the as-cast microstructure of alloy A than in 

alloy B. In addition, at semisolid temperatures, the porosity of alloy A became irregular along 

the dendrite boundaries and shrinkage-like pores formed (Figure 2.6c). In contrast, the pores 

of alloy B increased in size without forming shrinkage-like pores (Figure 2.6d). The high 

number of pores and changes in the porosity morphology of alloy A at high semisolid 

temperatures, in the absence of external tensile forces, suggest that alloy A is highly sensitive 

to hot-tearing evolution. 
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Figure 2.6: (a) as-cast porosity in alloy A, (b) as-cast porosity in alloy B, (c) porosity and 

voids in alloy A at 510 °C with an enlarged view in the inset, (d)  porosity and 

voids in alloy B at 510 °C and (e) evolution of porosity with increasing 

temperature in both alloys. 

2.3.3. Mechanical properties at near-solidus temperature 

2.3.3.a. Engineering stress-strain curves 

The typical engineering stress-strain curves of alloys A and B were obtained in the 

temperature range of 450ï580 °C and a strain rate of Ḑ10-4 sī1 (Figure 2.7). The results of 
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the test conducted at 450 °C were used to represent the solid-state tensile flow behavior of 

the alloys. In general, the flow stress increased sharply towards the peak stress. After reaching 

the peak stress, the flow stress progressively decreased to the fracture point (Figure 2.7a). 

The solid-state strength and ductility of alloy A were higher and lower, respectively, than 

those of alloy B, attributed to the content of intermetallic phases, comprising Fe-rich and Cu-

bearing intermetallics. The Mg2Si phase of alloy A was higher than that of alloy B. Upon 

increasing the temperature to 510 °C (near the solidus temperature), both alloys exhibited 

plateaus in stress after reaching the peak stress, continuing until the fracture point was 

reached. The ductility of alloy A remained lower than that of alloy B.  

 

Figure 2.7: Engineering stress-strain curves for two AA6111 alloys (a) at 450 ï 535 °C and 

(b) the enlarged view at the low strain for the temperatures between 535 and 580 

°C. 

Upon increasing the temperature to 535 °C, the ductility (strain at failure) of alloy A 

decreased sharply (3.2%), whereas alloy B exhibited a significantly greater strain at failure 

(approximately 60%) than alloy A (Figure 2.7). Moreover, the tensile strengths of the alloys 

were similar at 552 °C; however, the ductility of alloy B (2.8%) was considerably higher than 

that of alloy A (0.25%). All tensile properties are summarized in Table 4. 
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 Table 2.4. tensile properties of alloys A and B over the whole temperature range 

Temperature, °C 
Ultimate Tensile Strength, MPa Failure Strain, %  

Alloy A  Alloy B Alloy A  Alloy B 

450 26.30±0.80 23.30±0.90 69.30±5.20 80.30±4.20 

510 20.40±0.90 16.40±0.80 61.10±4.12 76.20±5.10 

535 15.60±0.50 12.50±0.90 3.20±0.20 67.80±3.62 

552 7.40±0.30 7.70±0.70 2.50±0.15 2.80±0.20 

564 2.90±0.40 5.90±0.60 1.80±0.02 0.50±0.02 

580 1.20±0.30 2.30±0.20 0.10±0.01 0.10±0.01 

 

For a given mass fraction of liquid, for instance at an fL of 4%, the strength of the mush 

structure of alloy A reached its maximum value much faster than that of alloy B; however, 

the strain at failure of alloy A was lower than that of alloy B (Figure 2.8). The area under the 

engineering stress-strain curve of a material is equivalent to the modulus of toughness, 

representing the strain energy per unit volume required to fracture the material [46]. The 

higher the absorbed energy required for crack growth, the larger the stored strain energy [47, 

48]. Accordingly, at fL = 4%, the resistance of alloy B to crack propagation was significantly 

higher than that of alloy A (the strain energy of alloy B (0.172 MJm-3) was higher than that 

of alloy A (0.086 MJm-3)). 
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Figure 2.8: Engineering stress-strain curves for two AA6111 alloys at a constant liquid 

fraction of 4%. 

2.3.3.b. Strain field at fracture zone 

The strain maps of alloys A and B with the same fL of 4% are presented in Figure 2.9. The 

strain distribution along the sample length indicated that the location of the maximum strain 

for alloy A was random, and the peak strain appeared away from the sample center (2ͯ mm). 

Crack opening is expected to occur in the hotspot zone, where the strain should be maximum 

[35]. In other words, cracking should be located at the centerline where the temperature is 

the highest. However, for crack-susceptible alloys, the hot tear can be initiated at the weakest 

points of the sample (e.g., porosity and voids). Therefore, the initiation outside the hotspot 

zone for alloy A was attributed to pre-existing defects promoting strain accumulation [49]. 

The maximum strains at fracture for alloys A and B are 3.2% and 3.8%, respectively. As the 
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fL values of both alloys were the same, alloy A, which fractured at a lower strain, was more 

sensitive to pre-existing defects than alloy B.  

Figure 2.10 shows the time evolution of the strain for the two alloys at two fL values. As 

shown, the strain rates of the alloys were considerably different. For a fL of 4%, after 15s, the 

strain of alloy A reached a maximum of 3.2%, whereas that of alloy B reached only 0.5% 

(compared with its total strain of 3.82%). The strain rate of alloy A was considerably higher 

than that of alloy B. After 11s of tensile testing, the strain of alloy B approached 0%, whereas 

that of alloy A was approximately 0.35%. In addition, alloy A exhibited a steep increase in 

strain near the fracture point, whereas alloy B exhibited a gradual increase in strain until the 

fracture point. The higher strain rate of alloy A was attributed to its greater sensitivity to hot 

tearing. 

Figure 2.10a shows the strain rate of alloy A remained unchanged with increasing 

temperature from 535°C to 552°C, whereas its strain at failure decreased significantly. It was 

also found that alloy B exhibited higher failure strain compared with alloy A at a constant 

mass fraction of liquid (i.e., 4%fL). The enlarged view of the strain evolution at the early 

stage of the curves (i.e., time Ò 10 s) is presented in Figure 2.10b. At 552°C, the strains (Ů) 

and strain rates (‐ of the alloys at the same strength were significantly different; moreover, 

alloy A fractured before strain localization began in alloy B, indicating that the cracks were 

propagated in alloy A even prior to initiation of the cracking in alloy B. 
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Figure 2.9: Strain fields and maps at a constant liquid fraction (4%), (a, c) Alloy A, (b, d) 

Alloy B, (a, b) strain distribution along sample lengthwise direction before 

fracture, and (c, d) strain map showing strain contours before fracture. 

 

Figure 2.10: (a) the strain evolution for alloys A (dashed line) and B (solid line) with time, 

and (b) enlarged view of the rectangular area indicated in Fig.a 
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2.3.4. Fracture surface analysis 

Figure 2.11 shows the area normal to the fracture surfaces of the tensile samples tested at 

510 °C (the solidus temperature). The liquid pockets formed in the microstructure at 510 °C 

(Figure 2.6) were transformed into large voids, indicating that the fracture mechanism was 

based on void coalescence. As mentioned in Section 3.2, shrinkage porosity and voids were 

readily formed in alloy A at this temperature. By measuring the porosity percentage of the 

fractured tensile samples of both alloys, the porosity percentage of alloy A (0.65%) was 

higher than that of alloy B (0.5%). Void coalescence was also more significant in alloy A, 

with the maximum void size of 280 ɛm; in contrast, the maximum void size of alloy B was 

only 80 ɛm. As mentioned in Section 3.2, the susceptibility of alloy A to the porosity 

formation during isothermal holding was higher than that of alloy B. Therefore, during 

heating to 510 °C, followed by the subsequent isothermal holding before tensile testing, 

shrinkage pores formed in alloy A; therefore, voids grew faster in alloy A than in alloy B. 

 

Figure 2.11: Appearance of liquid pockets in samples tested at 510 °C: (a) alloy A and (b) 

alloy B. 

Figure 2.12 shows the starting points of liquid film formation via coalescence of the pre-

existent liquid pockets for both alloys. By investigating the fractured tensile sample of alloy 
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A at 535 °C, a liquid film with a significant width started to develop (Figure 2.12a and b). 

Conversely, the liquid pockets in alloy B started to coalesce, forming intergranular cracks or 

shrinkage porosity at 535 °C (Figure 2.12c and d). No traces of liquid film were present in 

the cracks, suggesting that the intergranular liquid films were very thin. Moreover, liquid 

pockets were distributed along the Fe-rich intermetallics. Upon further increasing the 

temperature from 535 to 552 °C, the liquid films were distributed along the grain boundaries 

of alloy B (Figure 2.12e and f). The width of the liquid film of alloy B at 552 °C (4.95 ɛm) 

was approximately two times larger than that of alloy A at 535 ÁC (2.15 ɛm). As the width 

of the liquid film for alloy A was smaller, more bridges readily formed across the cracks by 

the Fe-rich intermetallics and Mg2Si phase (Figure 2.12b). Large platelet-like Fe-rich 

intermetallics formed bridges in the alloy B, whereas small fragmental Fe-rich intermetallics 

formed bridges in the alloy A (Figure 2.12b and f). The small width of the liquid films of 

alloy A facilitated the formation of solid bridges by the small Fe-rich intermetallics. It was 

expected that the small fragments of Fe-intermetallics would stop forming bridges upon a 

further increase in liquid film width with increasing temperature. 
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Figure 2.12: Appearance of liquid film along grain boundaries at 4% fL for (a, b) alloy A 

tested at 535 °C, (c, d) the coalescence of liquid pockets forming cracks in alloy 

B at 535 °C, and (e, f) alloy B tested at 552 °C. 

The fracture surfaces of alloys A and B at 580 °C are presented in Figure 2.13. At this 

temperature, both alloys exhibited low strength and ductility. The fractured bridges observed 
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on the fracture surface of alloy Aðmarked by arrows in Figure 2.13aðindicate that the 

intermetallics could not sustain the strength of the mush structure at temperatures in this 

range. Furthermore, the Fe-rich intermetallics were mostly fragmented and could not sustain 

the strength of the specimens. In addition, the liquid film thickening of alloy A was more 

severe than that of alloy B because the strength of alloy A decreased considerably faster 

(Figure 2.7b). The width of the liquid film of alloy A increased to 6.6 ɛm, with Fe-rich 

intermetallics no longer able to form intact solid bridges. The spikes observed around the 

fractured bridges are attributed to the extremely localized ductility of alloy A. 

Nevertheless, alloy B retained its strength, even at 580 °C. The width of the liquid film of 

alloy B did not change significantly at 580 ÁC (5.3 ɛm). The small width of the liquid film 

facilitated bridge formation, and the presence of an unbroken platelet-like ɓ-AlFeMnSi phase 

(Figure 2.13b) increased the sample strength and delayed crack propagation. 

 

Figure 2.13: Fracture surface of samples tested at 580 °C for (a) Alloy A and (b) Alloy B. 

2.4 Discussion 

The microstructures and mechanical responses of AA6111 DC cast alloys (A and B) in the 

semisolid state at high fs values were significantly different. Two criteria were used to study 
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the HTS behavior of the alloys. The first, based on a non-mechanical criterion proposed by 

Kou [25, 31] and modified by Hu et al. [50], was introduced to establish a relationship 

between HTS and the chemical compositions of the alloys. This criterion is based on the 

evolution of the solid fraction with temperature during the late stage of solidification. The 

second criterion is based on a mechanical model used to identify the BTR of the alloys [10, 

32, 34]. The semisolid behaviors and HTS indices of the alloys were analyzed using these 

approaches.  

2.4.1. Non-mechanical criterion 

Kou used the the crack sensitivity factor (dT/dfS
1/2 value near (fS)

1/2=1) to evaluate the HTS 

behavior of alloys with columnar grain structures [25, 51]. Hu et al.[50] subsequently 

modified the model, as dT/dfS
1/3 near (fS)

1/3=1, to predict the HTS behaviors of alloys with 

equiaxed grain morphology. Huôs model was used because the grain structures of alloys A 

and B were equiaxed. According to Kou, the predicted results for peak crack susceptibility 

(ɤ-shaped curve) in the solidification range of 0.87 < fS< 0.94 were consistent with the 

experimental results [25, 31]. For example, in AlïSi alloys, peak crack susceptibility 

occurred at a Si content of 1%, consistent with the hot-tearing data of AlïSi alloys reported 

by Singer [17] and Vero [52]. Therefore, this solidification range was adopted in this study. 

The T vs. (fS)
1/3 curves for alloys A and B are shown in Figure 2.14a. The calculated hot-

tearing index (æT/æfS
1/3) of alloys A and B were 1900 and 1540°C, respectively (Figure 

2.14b). The predicted higher HTS of alloy A is partially attributed to its higher Cu content. 

Furthermore, the HTS indices of AlïMgïSiïCu alloys increase with increasing Cu content 

[53, 54]. 
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The primary drawback of these HTS models is the lack of a theoretical basis for selecting 

a specific fS range; hence, the accuracy of the predicted results depends significantly on the 

selected fS range [25, 50]. In addition, back-diffusion considerably affects the high-crack-

susceptibility region [31]. As back diffusion was not considered in these models, the HTS 

behavior of the alloys was further investigated using the mechanical criterion.  

 

Figure 2.14: Prediction of HTS of two AA6111 alloys based on steepness of T vs (fS)
1/3 

curves: (a) T vs. (fS)
1/3 curves in the fS range of 0.87ï0.94 (0.955 < (fS)

1/3 < 

0.98); (b) the difference of hot tearing index between alloys A and B. 

2.4.2. Mechanical criterion 

The relationship between the ultimate tensile strength (ůuts) and true failure strain (Ůf) of 

the alloys with temperature and fS is presented in Figure 2.15. Three zones were observed in 

the failure strain behavior of the alloys over the studied temperature. The first zone ranges 

from the completely solid-state to 525 °C (Figure 2.15a). Throughout this zone, ůuts and Ůf 

decreased gradually, and the alloys exhibited a ductile behavior. Upon further increasing the 

temperature, a transition zone emerged, where the alloy ductility decreased abruptly. At the 

end of this zone, the ductility reached a very low value, and the corresponding temperature 

is known as ZDT. It has been proposed that ZDT corresponds to the temperature at which 

the strain is lower than 3% [55]. Therefore, the ZDTs of alloys A and B were determined to 
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be 535 and 552 °C, respectively (Figure 2.15b). The ZDTs of both the alloys corresponded 

to the same fs value of 0.96. ZDTs of AA6111 alloys have been reported to occur at fs =  0.95 

[7, 10]. However, Phillion et al. [10] demonstrated that the ZDT highly depended on the 

solidification sequence and the corresponding alloy composition, reporting that the ZDTs of 

AA6111 alloys occurred at fs = 0.99. The third zone, known as the BTR, is located above the 

ZDT and extends to a temperature at which the strengths of the alloys approach zero, known 

as the ZST. The ZSTs of alloys A and B were estimated to be ~590 °C (Figure 2.15a), and 

the corresponding fS values of alloys A and B, at which the ZST was reached, were estimated 

to be at approximately 0.92 and 0.91, respectively (Figure 2.15b). 

Throughout the first zone (gradual decrease in ductility) and above the solidus temperature, 

liquid pockets began to form in the alloys due to the melting of the Cu-bearing low-melting-

point eutectic phases. Moreover, individual liquid pockets were randomly distributed in the 

microstructures of the alloys (Figure 2.11). In the second zone, the liquid pockets began to 

interlink and coalesce, causing a significant decrease in ductility. The ZDT was reached at 

the end of this zone as continuous liquid films started to form along the grain boundaries 

(Figure 2.12e and f).  

As previously mentioned, the BTR zone ranged from ZDT to ZST; ZST corresponds to 

the intergranular separation stage. Phillion et al. [10] determined that the ZST of an AA6111 

alloy pulled at a strain rate of 10-4 s-1 was 580 °C, comparable to that estimated in this study 

(590 °C). Accordingly, the BTRs of alloys A and B were calculated to be 55 and 38 °C, 

respectively (Figure 2.15a). Throughout the BTR, the widths of the liquid films along the 

grain boundaries, separation of the bridges across cracks, and fragmentation of Fe-

intermetallics increased (Figure 2.13). The formation of continuous liquid films significantly 
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decreased the interfacial energy at the solid-liquid interface, facilitating crack propagation 

and hot tearing [21]; therefore, the larger the BTR, the larger is the HTS index [10]. The 

strength of alloy A decreased faster than that of alloy B throughout the BTR zone, as 

indicated by the dashed vertical lines in Figure 2.15a. Furthermore, the strength of alloy A 

was low (<1 MPa) at 580 °C, whereas that of alloy B was relatively high (>2 MPa). The solid 

bridges in alloy A were broken at 580 °C; however, the solid bridges formed by Fe-rich 

AlFeMnSi intermetallics persisted in alloy B (Figure 2.13). 

 

Figure 2.15: The UTS (ůuts) and failure strain (Ůf) (a) as a function of temperature and (b) as 

a function of solid fraction for two semisolid AA6111 alloys. 

2.5 Conclusions 

The semisolid tensile properties at high solid fractions of two AA6111 DC cast alloys with 

different chemical compositions were investigated. The Cu, Mn, and Si contents of alloy A 

were higher than those of alloy B. Based on microstructure and semisolid tensile results, the 

non-mechanical and mechanical criteria were used to investigate the HTS behaviors of the 

alloys. The results indicated that the HTS index of alloy A was higher than that of alloy B. 

The following conclusions were drawn: 
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1. The incipient melting of the Cu-bearing and Mg2Si intermetallics during isothermal 

heating near and above the solidus temperature (i.e., in the range of 510-580 °C) caused 

a sharp increase in porosity/void formation, thus promoting void growth during tensile 

testing in the semisolid state. The fracture mechanism of the tensile samples involved 

void coalescence, which developed along various intermetallics. As the amount of low-

melting-point eutectic phases (e.g., Mg2Si, Q, and Al2Cu) in the as-cast microstructure 

of alloy A was higher than that of alloy B, the enhanced porosity formation and void 

interlinking in alloy A were more significant than those in alloy B. 

2. The tensile strength of both alloys decreased gradually with increase in temperature, 

reaching similar values at 552 °C. At temperatures above 552 °C, the decrease in strength 

of alloy A was more significant than that of alloy B. The Ůf  values of the alloys decreased 

sharply with increasing temperature until ZDT was reached; the ZDT of alloy A (535 

ÁC) was lower than that of alloy B (552 ÁC). At temperatures lower than the ZDT, the Ůf  

values of alloy B were higher than those of alloy A.  

3. According to the non-mechanical criterion, the dT/dfS
1/3 values of alloy A in the Ὢ range 

of 0.87-0.94 were higher than those of alloy B; therefore, the HTS index of alloy A was 

higher than that of alloy B.  

4. According to the mechanical criterion and using the ZDT and ZST concepts, the BTR 

values of alloys A and B were calculated to be 55 and 38 °C, respectively. In addition, 

alloy A exhibited a sharper decrease in strength in the BTR zone than alloy B. The wider 

BTR (45%) and lower strength of alloy A, associated with significant liquid film 

thickening and fragmentation of Fe-rich intermetallics, indicated that its HTS was higher 

than that of alloy B.  
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CHAPTER 3:  TEMPERATURE DEPENDENCE OF ELASTIC 

PROPERTIES OF AL-MG-SI DC-CAST AA6111 

ALLOY AT NEAR -SOLIDUS TEMPERATURES 

 

(Published in Journal of Materials Engineering and Performance) 

Abstract 

The elastic properties of the Al-Mg-Si direct-chill-cast AA6111 alloy were determined 

during the unloading stage of the cyclic tensile test over a wide range of temperatures (25ï

550°C), and particular attention was paid to high temperatures near the solidus. Youngôs 

modulus was calculated based on macroscopic and localized strains, which were measured 

using an extensometer and digital image correlation (DIC) method. Poisson's ratio was 

determined based on the localized axial and lateral strains measured using the DIC method. 

Over the entire temperature range, the DIC method demonstrated a higher stability in its 

accuracy with increasing temperature than that using the extensometer. A sharp change in 

the slope of Young's modulus as a function of the temperature, starting from the solidus 

temperature, was detected using the DIC method. Correlations between Young's modulus 

and temperature in both the solid and semi-solid states were established. Poissonôs ratio as a 

function of the temperature exhibited a dramatic change near the solidus temperature because 

of the presence of liquid pockets. The onset brittle temperature of AA6111 alloy in the semi-

solid state was estimated to be 550ÁC based on the critical values of Poissonôs ratio and the 

shear modulus to bulk modulus ratio.  
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3.1 Introduction  

Al-Mg-Si 6xxx alloys are of great interest for automotive structural applications because 

of their low density, high strength, good formability, and excellent corrosion resistance [1]. 

Among these alloys, AA6111 is widely used for the manufacture of automotive bodies (such 

as outer panels). The quality of outer panels is controlled by two criteria, namely, dent 

resistance and panel stiffness [2]. Measuring the elastic modulus of AA6111 is essential for 

evaluating its stiffness in various engineering applications. Additionally, the elastic 

properties are in high demand for thermomechanical modeling of the direct-chill (DC) 

casting process [3]. It has been reported that elastic properties are affected by different 

factors, such as temperature [4], stress level [5], and strain rate [6]. The temperature 

dependence of elastic properties is a key parameter in the modeling of solidification during 

the DC casting process [3]. 

The elastic properties are dependent on the applied stress levels, and their relations become 

complicated after yielding. Pre-yielding deformation is divided into three regimes, namely, 

elastic, anelastic, and microplastic [7]. Previous studies have exploited the loading/unloading 

uniaxial tensile test to measure the elastic properties [8, 9]. Pre-yield deformation may exhibit 

nonlinear behavior because of anelasticity, but microplasticity is more significant during 

loading and causes non-linearity [10]. Therefore, it is common to measure the Youngôs 

modulus during the unloading cycle.  
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Methods for measuring Youngôs modulus can be classified into static and dynamic 

methods [11]. Several standardized methods, such as destructive tensile or compression tests 

and flexural bending tests, are used to measure the static elastic modulus [11]. ASTM E111 

[12] is currently the only standard method for measuring Youngôs modulus, tangent modulus, 

and chord modulus for tensile testing. A wide variety of methods exist for measuring strain 

in tensile tests, but most of them consider the use of extensometers. Various studies have 

recently exploited the digital image correlation (DIC) method to obtain stress-strain curves 

and elastic properties for different materials [13, 14]. The DIC method has the advantage of 

providing both full-field and localized strains [15]. However, accurately determining the 

stress-strain behavior and elastic properties of aluminum alloys near the solidus temperature 

is a challenging task, as it encounters difficulties in controlling the temperature in the 

specimen and measuring the extremely low stress and strain of aluminum in the semi-solid 

state during tensile testing [16]. To the best of our knowledge, no data on the elastic 

properties of aluminum alloys above the solidus temperature is available in the literature.     

The prediction of material ductility is an interesting application of the elastic properties. It 

has been reported that certain critical values of Poissonôs ratio and the ratio of the shear 

modulus to the bulk modulus can be used to differentiate ductile and brittle materials [17]. 

The brittle temperature in the semi-solid state is closely related to the hot-tearing 

susceptibility of aluminum alloys [18]. After determining the elastic properties above the 

solidus temperature, it is possible to identify the brittle temperature to aid in the prediction 

of hot tearing during solidification.  

In this study, the temperature dependence of the elastic properties of the DC-cast AA6111 

alloy over a wide temperature range, particularly at high temperatures near the solidus, was 
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investigated. The Youngôs modulus was calculated using both the macroscopic strain 

measured using an extensometer and the localized strain measured using the DIC method, 

and the two calculated results were then compared. To determine Poissonôs ratio, both lateral 

and axial strains were measured using the DIC method. The accuracy of determining the 

elastic properties was assessed using the noise-to-strain ratio with respect to temperature. 

The onset brittle temperature in the semi-solid state was estimated based on the critical 

Poissonôs ratio and shear modulus to bulk modulus ratio. 

3.2 Experimental Procedure 

3.2.1. Materials 

A rectangle DC cast ingot of AA6111 alloy with a dimension of 590 × 185 × 70 mm was 

provided by Arvida Research & Development Centre of Rio Tinto Aluminum (Saguenay, 

Quebec). The metallographic and tensile test samples were cut from the mid-center areas of 

the DC cast ingot slice parallel to the casting direction.  The chemical composition of this 

alloy is listed in Table 1. 

  

Table 3.1 Chemical composition of as-received DC cast ingot (wt.%) 

Alloy Si Mg Cu Fe Mn Ti Mg/Si 

DC-cast 6111  0.6 0.6 0.5 0.2 0.1 0.03 1 

Standard AA6111 0.6-1.1 0.5-1 0.5-0.9 0.4 max 0.1-0.45 0.1 max 0.45-1.7 

 

For microstructural characterization, ingot samples were prepared with a standard 

metallographic polishing procedure. Microstructure was examined using an optical 

microscope (Nikon ECLIPSE ME 600) and a scanning electron microscope (SEM, JSM-

6480 LV). To measure the solidus temperature, a differential scanning calorimetry (DSC, 
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Mettler Toledo) was used; the measurements were performed at heating rate 10°C/min with 

a sample weight of approximately 25 mg.  

3.2.2. Tensile tests 

Static elastic modulus measurements were performed based on the tensile test according 

to ASTM E111. The tensile tests were conducted using a Gleeble 3800 thermomechanical 

testing unit over a wide temperature range of 25-550°C with a displacement rate of 1 mm/s. 

Samples were heated to the testing temperature at a heating rate of 2°C/s and soaked for 1 

minute prior the tensile testing. The test consisted of three loading/unloading cycles, which 

were separated from each other with 1 second holding at zero stress, as shown in Figure 3.1. 

All the measurements were done based on the unloading stage. To verify the reproducibility 

of the measurement, at least two samples were tested under the same condition, and their 

average values were taken. 

 

Figure 3.1: Tensile test cycles under stroke control (max. L-gauge = 0.5 mm) 

Two different strain measurement methods were used in this study. The first method used 

a high temperature extensometer class 0.5 (Epsilon model 3348), which is recommended for 



51 

 

Youngôs modulus measurements by ASTM E111. According to EN ISO 9513, the bias error 

of the class 0.5 extensometer is 1.5 µm [19]. The extensometer measurement provided the 

average macroscopic strain. The second method is the digital image correlation (DIC), which 

is an optical technique that utilizes the full-field, noncontact measurement of deformation 

and displacement. The displacement of the sample surface during tensile was monitored 

using a monochrome digital camera (Ŭ7RIII, Sony) connected to a remote digital system to 

control the distance between the camera lens and the sample surface [20]. A speckled pattern 

was created after spraying quick-dry graphite lubricant onto the sample surface. Images were 

captured at a rate of 20 frames per second and converted to a greyscale pattern of 800 x 450 

pixels in size. Then, these images were analyzed using the GOM Correlate software 

(Germany) with a resolution of 0.09 µm. In the present work, three subsets in the center of 

the tensile sample were selected, in which each subset has 50 x 50 pixels and is separated by 

1 mm from each other (Figure 3.2a). The final displacement was the distance between the 

centroids of the initial subset (marked in red) and deformed subset after loading (marked in 

yellow), as shown in Figure 3.2b. The DIC method measured the localized strains, and the 

resultant strain value was the average of three localized strains. The Youngôs modulus was 

measured by dividing the stress-time slope (ЎⱭȾЎ◄ to the strain-time slope (ЎⱠȾЎ◄, as 

shown in Figure 3.3a and b. It was observed that the noises of the stress and strain increased 

significantly at high temperatures, as an example in 550°C (Figure 3.3c and d).  
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Figure 3.2: Schematic DIC method showing (a) the selection of three subsets 50 x 50 pixels 

separated by 1 mm in the reference image, and (b) the displacement between the 

centroids of the initial subsets (red) and deformed subsets (yellow). 

 

 

Figure 3.3: Stress and strain evolutions with time during tensile test showing the increase in 

noise with increasing testing temperature where (a,b) 25°C and (c,d) 550°C. 
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The common standard for determining Poissonôs ratio with a rectangular-shaped sample is 

ASTM E132. To calculate Poissonôs ratio, the slope of the lateral strain vs time (ɲlʁ/ɲt) was 

divided by the slope of axial strain vs time (ɲaʁ/ɲt), as shown in Figure 3.4. Both axial and 

lateral strains were measured by DIC method along the x-axis (loading direction) and y-axis 

(transverse direction) at three subsets in the center of the tensile sample; those subsets were 

spaced 1 mm from each other.  

 

Figure 3.4: Measuring Poissonôs ratio based on slopes of both axial and lateral strains with 

time. 

3.2.3. Accuracy of strain measurement 

The accuracy of the measured strain was assessed by considering the noise-to-strain ratio 

[21], which is defined as the ratio between the standard deviation of noise (SD) to the average 

amplitude of strain (ɛ), as illustrated in Figure 3.5. To measure the standard deviation of 

noise, the tensile sample was held for 1 min at testing temperature before tensile testing at 

zero stress. In addition, the amplitude of each cycle was measured, and then the average value 
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of the strains was obtained from three cycles. It was reported that the effect of noise is 

negligible when the noise-to-strain ratio is below 0.5 [22].  

 

Figure 3.5: Method to calculate the noise-to-strain ratio.  

 

3.3 Results 

3.3.1. Microstructure characterization  

Figure 3.6a shows the grain structure of the DC-cast ingot in the mid-center region. All 

grains were equiaxed, with an average grain size of 98 ɛm and a secondary dendritic arm 

spacing of 33 ɛm. The typical microstructure (Figure 3.6b) was composed of Ŭ-Al dendrite 

cells/grains and several intermetallic phases distributed in the interdendritic regions. The 

intermetallic phases included two high-melting-point Fe-rich intermetallics (Ŭ-Fe 

(Al 15(Fe,Mn)3Si2) and ɓ-Fe (Al5(Fe,Mn)Si)) and three low-melting-point intermetallic phases 
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(ɗ-Al 2Cu, Q-AlMgSiCu, and Mg2Si). The intermetallic phases were identified based on their 

morphologies, the results of chemical compositions analyzed by SEM-EDS and the 

information in the literature [20, 23, 24]. The Ŭ-Fe had the platelet-like morphology with 

Fe+Mn/Si ratio of ~1.5, while ɓ-Fe was needle-like with Fe+Mn/Si ratio of 0.8. For Cu-rich 

phases, ɗ-Al 2Cu appeared as blocky-like phase mainly attached to Fe-rich intermetallics, and 

the Q-phase occurred as spheroids containing 14%Mg, 12%Si and 6%Cu (at.%). It was 

reported that equiaxed grain structure showed a higher elastic modulus at room temperature 

than the columnar/lamellar structure, but the equiaxed grain structure exhibited a significant 

reduction in the elastic modulus with increasing temperature [25]. It was also reported that 

the Youngôs modulus became independent of grain size when the grain size was greater than 

13 µm [26] and that the variation in grain size had a negligible effect on the Youngôs modulus 

value [27]. 

Thermo-Calc with the TCAL7 database was used to calculate the solid fraction as a 

function of the temperature using the Scheilôs model, as shown in Figure 3.7a, which 

indicated that the solidus temperature of this alloy was 510 °C. To verify the solidus 

temperature, DSC tests were performed and the results for the near-solidus temperatures 

(500ï550 °C) are presented in Figure 3.7b. The DSC results exhibited three exothermic 

peaks, in which Peak 1 was attributed to the melting of the last solidified ɗ-Al 2Cu phase at 

509 °C and defined as the solidus temperature. The other two peaks were attributed to the 

melting of the Q-phase at 528 °C (Peak 2) and the melting of the Si phase at 541 °C (Peak 

3), which agrees with previously reported results [20, 28]. 
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Figure 3.6: As-cast microstructure of AA6111 alloy, (a) equiaxed grain structure and (b) 

intermetallic phase distribution in the interdendritic regions.  

 

Figure 3.7: (a) solid fraction vs temperature plot calculated by Scheilôs model and (b) the 

DSC result showing three endothermic peaks where Peak 1 is the melting of the 

last solidified ɗ-AlіCu at 509 °C and defined as the solidus temperature. Peak 

2 is the melting of Q-Phase and Peak 3 is related to the melting of Si.                                                                                                  

3.3.2. Effect of temperature and displacement rate on the calculation of Youngôs 

modulus 

Figure 3.8 presents the plots of stress and strain as a function of time at the two 

temperatures. The results revealed that a time delay between the stress and strain peaks 
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occurred at high temperatures. For example, almost no time delay was detected between the 

stress and strain peaks at ambient temperature (Figure 3.8a), whereas a time delay of 0.04 s 

was detected at 550 °C using a displacement rate of 1 mm/s (Figure 3.8b). When the 

displacement rate was reduced from 1 to 0.5 mm/s, the time delay significantly increased 

from 0.04 to 0.32 s. This time delay between stress and strain has been reported to occur 

during cyclic loading because of back stress [29]. To minimize the time delay effect, the 

Youngôs modulus was measured at a displacement rate of 1 mm/s and calculated using a 

modified method based on the slopes of the stress and strain as functions of time (Figure 3.3a 

and b). The slopes of the stress and strain rates were computed by linear fitting of the data 

along the unloading stage, with Ὑ πȢωχ. The conventional method using the slope of 

stress-strain curves was found to overestimate the Youngôs modulus value when a time delay 

appeared at a high temperature. Using the modified method, the Youngôs modulus at 550 ÁC 

and at a displacement rate of 1 mm/s was calculated to be 22.5 GPa, whereas the conventional 

method overestimated it as 26.4 GPa. Moreover, the accuracy of the linear fitting was reduced 

to Ὑ πȢψχ using the conventional method. 
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Figure 3.8: Time delay between stress and strain at high temperature, (a) 25°C without time 

delay and (b) 550°C at two displacement rates (1) 1 mm/s and (2) 0.5 mm/s 

showing different time delays. 

 

3.3.3. Youngôs modulus variations with temperature  

Figure 3.9 shows the evolution of Youngôs modulus as a function of temperature, as 

calculated or measured using different methods. Generally, Youngôs modulus gradually 

decreased with an increasing temperature. At ambient temperature, the Youngôs modulus 

values as determined using the three methods were almost the same, where E was 

approximately 78 GPa. The E values determined using the three methods did not differ much 

up to 100 °C. The difference in E values increased with an increasing temperature, 

particularly at high temperatures (300ï510 °C). The E values up to 510 °C (solidus 

temperature) as measured using the extensometer were always lower than those measured 

using the DIC method, and the E values measured using the DIC method were lower than 

that calculated using the Mondolfo empirical equation [30]. The E value above the solidus 

temperature as measured using the DIC method sharply decreased and showed a significant 

change in slope, which indicated a clear distinction between the elastic modulus in the solid 
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and semi-solid states. However, this phenomenon was not observed in the results measured 

using the extensometer, as the curve continued to have the same slope over the solid 

temperatures. As mentioned in Section 2.2, the extensometer measures the average 

macroscopic strain along the gauge length, whereas the DIC method measures the average 

localized strain at the centerline of the tensile sample. Therefore, the DIC method can detect 

significant changes in E in the semi-solid state with high sensitivity, but the extensometer 

does not necessarily detect these significant changes. It was found that the Youngôs modulus 

measured using the DIC method demonstrated a linear variation with the increasing 

temperature in the solid state (25ï510 °C). With a further increase in the temperature above 

the solidus, the slope of Youngôs modulus as a function of the temperature increased. 

However, the Youngôs modulus measured using the extensometer appeared to be better fitted 

with the polynomial relationship with temperature over the entire temperature range. Table 

3.2 provides a summary of the temperature dependence of the Youngôs moduli determined 

using the three different methods. 
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Figure 3.9: Evolution of Youngôs modulus with temperature in AA6111 alloy.  

Table 3.2 Temperature dependence of Youngôs modulus determined by different methods 

Method Temperature Range Regression fitted Equation R
2
 Reference 

Mondolfoôs 

empirical equation 
Ј╒ ╣ Ј╒ ╔ Ȣ Ȣ ╣ Ȣ ὀ ╣  --- [30] 

Digital Image 

Correlation (DIC)  

Ј╒ ╣ Ј╒ ╔ Ȣ Ȣ ╣ 0.997 
Present 

work 

Ј╒ ╣ Ј╒ ╔ Ȣ Ȣ╣ 0.990 
Present 

work 

Extensometer Ј╒ ╣ Ј╒ ╔ Ȣ Ȣ ╣ Ȣ ὀ ╣  0.970 
Present 

work  

 

3.3.4. Poissonôs ratio variations with temperature  

Figure 3.10 shows the evolution of Poissonôs ratio (ɜ) with temperature. The Poissonôs 

ratio curve showed several distinct features, namely 1) ɜ measured at ambient temperature 

was approximately 0.31ï0.32, and was in good agreement with the data in the literature [31]. 
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v was almost constant from ambient temperature to 200 ÁC. 2) ɜ increased slowly with an 

increasing temperature from 200 to 450 ÁC. 3) A large increase in ɜ occurred at 450ï510 °C. 

4) ɜ decreased sharply above the solidus temperature, from 0.46 at 510 ÁC to 0.25 at 550 °C. 

It has been reported that Poissonôs ratio generally increases with an increasing temperature 

[32-34]. This gradual increase in Poissonôs ratio indicates that small stresses can significantly 

deform the tensile samples elastically with increasing temperature. It was explained that grain 

boundary sliding is facilitated at higher temperatures (450ð510 °C), which leads to a 

reduction in the shear modulus, and hence increases Poissonôs ratio [34]. Incipient melting 

of the low-melting-point phases occurs above the solidus temperature (Figure 3.7). The liquid 

channel and pockets between the solid grain networks increase with an increasing 

temperature. This could be the main reason for the sharp reduction in ɜ with an increase in 

the temperature above the solidus temperature.  

 

Figure 3.10: Evolution of Poissonôs ratio with temperature in AA6111 alloy.   

 



62 

 

3.3.5. Accuracy Assessment 

It was observed that the noise in the strain measurement, particularly at high temperatures, 

significantly affected the precision of the strain measurement, and hence the value of 

Youngôs modulus. To compare the accuracy of the elastic property measurement using the 

two methods (extensometer and DIC), the noise-to-strain ratio was used as an accuracy 

assessment in this study. Figure 3.11 shows the variation in the noise-to-strain ratio with the 

temperature. The noise-to-strain ratio of the DIC method remained almost stable with an 

increasing temperature, whereas that of the extensometer increased eight-fold over the range 

of ambient temperature to 550 °C. It has been reported that when the noise-to-strain ratio is 

below 0.5, the effect of noise can be neglected [22]. The significant increase in the noise-to-

strain ratio with the extensometer may be attributed to the temperature effect on strain gauge 

flexures because the clip-on extensometer requires effective cooling above 200 °C [35]. In 

contrast, the DIC method exhibited a nearly stable noise-to-strain ratio with a slight increase 

from 0.31 to 0.4 from ambient temperature to 550 °C. This increase in the noise level may 

be attributed to the variation in the refractive index of the air surrounding the hot tensile 

sample and the increase in the intensity of radiation emission from the hot sample at high 

temperatures [36]. Nevertheless, the DIC method maintained a noise-to-strain ratio < 0.5 over 

the entire temperature range. Therefore, the DIC method can provide a more reliable measure 

of the elastic properties than the extensometer-measured methods owing to its high accuracy 

stability with an increasing temperature.  
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Figure 3.11: Variation of the noise to strain ratio of strain measurements with temperature 

using the extensometer and DIC methods.  

 

3.4 Discussion 

Measuring the elastic properties of metals in the semi-solid state has rarely been reported 

in the literature [8, 37], and no information on the elastic properties of aluminum alloys above 

the solidus temperature is available. The measurement of the elastic properties at near-solidus 

temperatures is challenging because the strength of aluminum alloys in the semi-solid state 

near the solidus is extremely low with little ductility [19], and the scattering of the stress and 

strain measurements can cause considerable fluctuations in the elastic property results. Even 

though the applied tensile stresses remain below the yield limit, microplasticity cannot be 

avoided during tensile loading [10, 38]; therefore, all the properties were measured during 

unloading. However, back stresses are difficult to avoid because the reversing stress during 

cyclic loading generates back stresses [39]. Figure 3.8b shows the time delay between the 
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peak stress and the corresponding peak strain at high temperatures, indicating that the 

samples continued to elongate even upon unloading to a certain stress level before they 

started shrinking [29]. This time delay may be attributed to back stresses due to the 

geometrically necessary dislocations (GNDs) at the grain boundaries, which exert stresses 

against the externally applied stress and act as a barrier to mobile dislocations generated 

during loading [29, 40]. Therefore, tensile testing was performed at as high a strain rate as 

possible to reduce the time delay at high temperatures (Figure 3.8b).   

 

3.4.1. Evolution of elastic properties above solidus temperature 

Figure 3.12 shows the temperature dependence of the elastic properties (Youngôs modulus 

and Poissonôs ratio) in the semi-solid state near the solidus temperature Youngôs modulus, 

determined using the DIC method, decreased significantly from 48.8 to 22.5 GPa with a 

reducing solid fraction from 1 to 0.96. The formation of liquid channels and pockets above 

the solidus temperature results in viscous flow being activated in some interdendritic regions 

[41]. It has been reported that liquid has a Youngôs modulus of 0 GPa [42, 43]. Therefore, 

the presence of liquid in the semi-solid state should significantly reduce the stiffness of the 

solid grain network. With a decreasing solid fraction (that is, with an increasing amount of 

liquid), a large reduction in Youngôs modulus in the semi-solid state is expected. It is apparent 

that this reduction is more obvious and significant, as compared to the macroscopic Youngôs 

modulus measured using the extensometer (Figure 3.8). This can be attributed to the higher 

sensitivity of the localized strains measured using DIC in the presence of liquid pockets, as 

compared to the macroscopic strain.  
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Poissonôs ratio also decreased sharply from 0.46 to 0.25 over the same range of solid 

fraction (1 to 0.96). Similar to the Youngôs modulus in the semi-solid state, this sharp 

reduction in Poissonôs ratio may be attributed to the presence of liquid pockets and void 

formation due to incipient melting above the solidus temperature. Void formation in the semi-

solid state can be promoted during thermal exposure by hydrogen diffusion along the 

interfaces between the solid matrix and liquid phase; hence, it is partially responsible for a 

noticeable reduction in Poissonôs ratio. As mentioned above, both axial and lateral strains 

were measured using the DIC method, and these localized strains in the two directions were 

sensitive to the presence of liquid pockets and voids. It is worth mentioning that the starting 

temperature for the sharp change in Youngôs modulus and Poissonôs ratio agreed well with 

the solidus temperature measured using the DSC method. 

 

 

Figure 3.12:  Temperature dependence of elastic properties (Youngôs modulus and Poissonôs 

ratio) of AA6111 alloy in the semi-solid state above solidus temperature. 
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3.4.2. Brittleness of DC-cast AA6111 alloy above solidus temperature 

Aluminum alloys generally exhibit extremely high ductility at temperatures below the 

solidus temperature. However, above the solidus with an increasing temperature (i.e., 

increasing liquid fraction), the ductility decreases dramatically until it reaches a critical point 

where the ductility is completely lost. This critical temperature in the semi-solid state when 

a ductile material becomes a brittle material is known as the brittle temperature, which is 

closely related to the hot tearing susceptibility of aluminum alloys during solidification [18]. 

It was reported the critical value of Poissonôs ratio for the transition from ductile to brittle 

materials is 0.25 [44, 45]. For DC-cast 6111 alloy, the start temperature where the Poissonôs 

ratio dropped below 0.25 was 550 °C (Figure 3.12), which can be considered as the onset 

brittle temperature in the semi-solid state.         

Knowing the two elastic properties (Youngôs modulus E and Poissonôs ratio ɜ) at high 

temperatures, other elastic properties, such as the shear modulus (G) and bulk modulus (K), 

can be calculated using Equation 1 [46]. Pugh [17] proposed a criterion using the ratio of the 

shear modulus to bulk modulus that separates ductile from brittle behavior, and the critical 

value of G/K is above 0.57. The ratio G/K was calculated using Equation 2, which was 

derived from Equation 1.  

E = 2G(1 + ɜ) = 3K(1 - 2ɜ)     (1) 

ὋȾὑ        (2) 

 This ratio involves the competition between the plasticity represented by the shear 

modulus and the fracture represented by the bulk modulus [47, 48]. It was also reported that 

the difficulty of plastic flow (yield stress/fracture stress ratio) is proportional to G/K [17, 47]. 

To evaluate the brittleness of the DC-cast AA6111 alloy with increasing temperature, G/K 
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as a function of the temperature plots are shown in Figure 3.13. Figure 3.13 shows that the 

AA6111 alloy exhibited good ductility (G/K significantly below the critical value) over the 

entire temperature range below the solidus temperature. Near the solidus temperature (510 

°C), the alloy exhibited its maximum ductility when G/K was only 0.08. However, with an 

increasing temperature and liquid fraction in the semi-solid state, ductility deteriorated as 

G/K rapidly increased. At 550 °C, G/K reached 0.58 and exceeded the critical value. 

Coinciding with the criterion of Poissonôs ratio, this temperature was identified as the brittle 

onset temperature of the DC-cast AA6111 alloy.   

 

 

Figure 3.13: Variation of the shear modulus to bulk modulus ratio with temperature. 
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In brief, the digital image correlation method significantly improved the accuracy of the 

values of Youngôs modulus and Poissonôs ratio as a function of temperature, especially at 

high temperature and in the semi-solid state, which was difficult to be detected by traditional 

strain measurement technique with an extensometer.  The developed methodology can be 

applied for the determination of elastic properties of various aluminum alloys. The obtained 

results of elastic properties can be used in modeling the manufacturing process of aluminum 

alloys. They are also valuable in the numerical simulation of the solidification behavior and 

hot tearing during casting (for example, SuyitnoïKoolïKatgerman model) of aluminum 

alloys [49, 50]. 

3.5 Conclusions 

The temperature-related evolution of the elastic properties of DC-cast AA6111 alloy over 

a wide range of temperatures, particularly at high temperatures near the solidus, was 

systematically investigated. The main conclusions drawn from this study are as follows.  

1. A sharp reduction in Youngôs modulus was detected above the solidus temperature using 

the digital image correlation method. The correlations between Young's modulus and 

temperature can be expressed with two different equations, namely, ╔ Ȣ Ȣ ╣ 

in the solid state and ╔ Ȣ Ȣ╣ in the semi-solid state, respectively. 

2. The digital image correlation method provided more reliable elastic properties data than 

the extensometer method owing to its high stability in its accuracy with an increasing 

temperature. 

3. The Poissonôs ratio as a function of the temperature exhibited a dramatic change near 

the solidus temperature because of the presence of liquid pockets and void formation.  

4. The critical values of Poissonôs ratio and the shear modulus to bulk modulus ratio can 

be used to estimate the onset brittle temperature of aluminum alloys, which was 550 °C 

for DC-cast AA6111 alloy in this study.  
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5. The methodology to determine the elastic properties at high temperatures and the results 

of this study can be applied to various aluminum alloys.     
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CHAPTER 4:  SEMISOLID TENSILE PROPERTIES NEAR 

SOLIDUS TEMPERATURE OF DC CAST AA5182 

ALLOY AND ITS HOT TEARING SUSCEPTIBILITY  

 

Abstract 

Two AA5182 alloy ingots (A and B) were cast at different casting speeds of 60 and 75 

mm/min. A comprehensive investigation was conducted, encompassing microstructural 

analysis of the subsurface and bulk regions, along with tensile testing near the solidus 

temperature in the range of 520-580°C and with two strain rates (10-4 s-1 and 10-3 s-1). 

Microstructural analysis revealed the equiaxed grain structure throughout ingot A, whereas 

ingot B exhibited a transition from equiaxed structure in the subsurface to columnar grain 

structure in the bulk region. Regarding intermetallic phases, the ingot A showed predominant 

Al (Fe,Mn), whereas the ingot B exhibited a high amount of needle-like Al Fe. 

Consequently, the ingot A exhibited superior semisolid tensile properties compared to ingot 

B at given test temperatures. The difference between two ingots became pronounced at the 

low strain rate of 10-4 s-1. The values of the brittle temperature range (BTR) in ingot B were 

larger than those in ingot A. An assessment of hot tearing susceptibility (HTS) using BTR 

criterion revealed that the HTS in ingot B was higher that in ingot A, which was confirmed 

by the occurrence of large transverse macrocrack during direct chill casting of ingot B. 

Key Words 

AA5182 alloy, Semisolid tensile properties, microstructure, brittle temperature range, hot 

tearing susceptibility. 
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4.1 Introduction  

Al-Mg-Mn AA5182 alloy is a non-heat treatable wrought aluminum alloy, which is widely 

used in a variety of applications including beverage container and automotive components 

[1]. The main casting route for the alloys is the direct chill (DC) casting process. The wide 

solidification range of AA5182 alloy makes it prone to hot tearing during DC casting, and 

consequently reduces its production yield in aluminum cast houses. It is recognized that hot 

tears arise in the semisolid state because of solidification shrinkage coupled with strain in 

areas subject to inadequate interdendritic feeding during late stage of solidification [2, 3]. 

Inadequate liquid feeding is not the only reason for hot tearing, but also the thermal stress 

and strain evolving during solidification, which may promote hot tears [4, 5]. Thermal stress 

and strain depend on several factors, e.g. thermal gradient and localized cooling rates [6, 7]. 

Actually, ingot solidification results in the generation of thermal stresses due to the non-

uniform temperature distribution, leading to varying thermal strain levels across different 

regions of the ingot. If these stresses surpass the materials strength at a specific temperature 

near the solidus with high fraction of solid, hot tears may initiate and propagate [8].  

Solidification during DC casting is complex and is highly dependent on the casting 

parameters. Since the solidification of each location inside the ingot occurs at different stages 

during casting, a DC ingot can be divided into several regions parallel to the casting direction. 

During primary cooling through the mould walls, a shell zone first solidifies. Because of the 

air gap created by the thermal contraction away from the mould wall, the shell zone of low 

heat extraction may lead to partial re-melting of the shell and inverse segregation [9]. In 

addition, the creation of air gap may cause significant changes in the microstructural feature 

in the subsurface region of DC cast ingots [10]. The next inner region is solidified under 
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conditions of large heat extraction, where the water jets of secondary cooling directly hit the 

ingot surface. Further solidification toward the center of the ingot is controlled by mass and 

heat transfer [10].  

The dendrite grain structure is often associated with the HTS, in which the columnar 

dendrite structure is more prone to crack propagation than the equiaxed grain structure [11]. 

The formation of columnar dendrite structures is promoted by increasing the melt 

temperature and thermal gradient [12, 13]. It was reported that the heat flow from the high-

temperature melt into the cooler crystal may increase the thermal gradient favoring the 

formation of the columnar dendrites [14]. Some studies reported the formation of columnar 

zones near the surface of DC cast ingots [12, 15]. The superheat of the melt may promote 

such phenomena because of the smaller air gap and longer solidification time accompanying 

such superheat [12]. Several studies stated that the replacement of columnar structure by fine 

equiaxed grains could reduce the HTS [13, 16].  

Casting speed is an essential process parameter in DC casting, which affects the hot tearing 

formation [12]. Most of hot tearing criteria lead to the conclusion that increasing the casting 

speed results in an increase of HTS [17]. The increase in sump depth in high speed casting 

elongates the porous network, leading to a decrease in the liquid flow rate and impairing the 

potential for crack healing [17]. Increasing casting speed was found to increase the HTS in 

Al -Mg-Si and Al-Cu ingots [18-20] and the macrosegregation at the surface of Al-Cu alloy 

billets [10]. Moreover,  variation of the casting speed was reported to result in an increase of 

localized strain rates inside DC ingots [21]. The localized strain rate is maximum at the 

surface and decreases with moving toward the center of the ingot. The strain rate at the 

surface was reported to be higher than that of the bulk of the ingot by five order of magnitude 
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[22].  Katgerman et al. [23] found that hot tearing of AA5182 occurred at a strain rate of 10 į 

s ĭ. They also reported that cracking in such alloy was mainly initiated by liquid film 

separation or rupture of solid bridges. At the low strain rate, there is sufficient time for the 

liquid to flow from compressed to tensile zones [24]. Colley et al. [25] measured the 

semisolid tensile properties of AA5182 with changing strain rates from 10 Į to 10  s ĭ. To 

assess the HTS of DC cast alloys, several studies have previously used a mechanical criterion 

based on the brittle temperature range (BTR), which spanned from the zero-ductility 

temperature (ZDT) and zero-strength temperature (ZST) [25]. It was found that HTS 

increased with increasing values of the BTR.  

This study aims to investigate the effect of the casting speed on the as-cast microstructure 

and semisolid tensile properties of two DC cast AA5182 ingots. Tensile testing in two 

distinctive positions inside each ingot (subsurface and bulk regions) at two strain rates were 

conducted to evaluate the mechanical response above the solidus temperature. Finally, a 

mechanical criterion based on the BTR was applied to assess the HTS of the AA5182 alloy 

under various conditions. 

4.2 Experimental Procedure 

Two AA5182 alloy ingots with similar chemical composition were produced via DC cast 

under different casting speeds, and provided by the Arvida Research and Development 

Center of Rio Tinto Aluminum (Saguenay, Quebec). One ingot, referred to as "A", was cast 

at a speed of 60 mm/min and was defect-free, and the other ingot, "B," was cast at 75 mm/min 

and had a large transverse macrocrack on its rolling face, as shown in Figure 4.1. The 

chemical compositions of the two ingots are listed in Table 4.1.. Slices having dimensions of 

59 × 18.5 × 8 cm were sectioned from the steady state of each ingot. The tensile samples 
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were cut at two distances from the rolling surface: 3 mm and 22 mm, which represented the 

subsurface and bulk regions of the ingots. Samples were so extracted that the tensile test 

direction was perpendicular to the casting direction, which ensures that the solidification 

conditions in all tensile sample were nearly same. The dimensions of the cast ingot and tensile 

samples are illustrated in Figure 4.2. 

Table 4.1 Chemical composition of received ingots. 

Ingot Mg Mn Fe Cu Si Ti  Al  

A 4.77 0.41 0.20 0.05 0.08 0.004 Bal. 

B 4.57 0.34 0.19 0.03 0.07 0.003 Bal. 

 

Figure 4.1: The ingot B showing a transverse macrocrack of 15 cm occurred at 37 cm from 

the bottom of the ingot. 
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Figure 4.2: Schematic drawing showing the dimensions of the cast ingot and prepared ingot 

slices at 3 mm and 22 mm from the rolling surface as well as the position of 

tensile samples. 

The microstructure of the as-received ingots was first investigated with an optical 

microscope (Nikon ECLIPSE ME 600). The area fraction of all phases was calculated by 

image analysis based on 50 optical micrographs at 100x. To reveal the grain structure, the 

polished samples were electrolytically etched using Barker's reagent (3 vol% HBF  solution) 

at 15 V for 3 min. Secondary dendritic arm spacing was measured by identifying the 

secondary dendritic cells on etched optical micrographs. The fracture surface of tensile 

samples was analyzed using a scanning electron microscope (SEM, JSM-6480 LV). To 

measure the solidus and phase precipitation temperatures, a differential scanning calorimeter 

(DSC, Mettler Toledo) was used; the measurements were performed at a heating rate of 10 

K/min with a sample weight of approximately 25 mg. 
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The tensile tests were performed using a Gleeble 3800 thermomechanical testing unit using 

a temperature range of 520 - 580°C with two different displacement rates of 0.01 mm/s and 

0.1 mm/s. Notice that these displacement rates of 0.01 and 0.1 mm/s correspond 

approximately to strain rates of 10  and 10 į s ĭ. Tensile samples were heated to the testing 

temperature at a heating rate of 2 K/s and soaked for 1 minute before the test was conducted. 

For each condition, 2-3 samples were tested for the repeatability. Strain was measured using 

the digital image correlation method (DIC) [26, 27], which is an optical technique that utilizes 

the full-field, noncontact, and high-precision measurement of the displacement. The high 

oxidation rate of Al-Mg-Mn alloy deteriorated the speckle pattern of graphite spray. 

Therefore, the graphite spray was replaced by a boron nitride spray because of the ability to 

develop well-defined speckle pattern on oxidized surface, as shown in Figure 4.3. The initial 

gauge length was 2 mm where the centroids of the subsets are the ends of the gauge length. 

The distance between both centroids was followed during the tensile test until the fracture to 

calculate the failure strain. 

 

Figure 4.3: Schematic showing how GOM correlate application measure displacement 

relative to the reference image (initial gauge length 2 mm) where the initial 

subsets are Yellow and deformed subsets are white. 
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4.3 Results  

4.3.1.  Microstructure of the cast ingots 

Figure 4.4 shows the as-cast microstructures of ingots A and B at surface and bulk regions. 

The main secondary phases of ingot A (Figure 4.4a) consisted of two Fe-rich intermetallic 

phases (Al (Fe,Mn) and Al Fe), primary Mg Si, and low-melting point phases (Al Mg  and 

Ű-Al CuMg ). In the subsurface region, the Al (Fe,Mn) phase had a Chinese-script 

morphology, while in the bulk region, Al (Fe,Mn) was fragmented (Figure 4.4b). All these 

intermetallic phases were reported previously in the literature [28, 29]. The area fraction of 

intermetallics varied from the subsurface to the bulk region (Figure 4.5). The dominant 

intermetallic phase in ingot A was Al (Fe,Mn) with similar area fractions of 1.33% and 

1.39% in the subsurface and bulk regions, respectively. The main difference between both 

regions was the area fraction of Al Mg , which was reduced from 0.87% in the subsurface 

region to 0.31% in the bulk region.  

Ingot B had the same types of intermetallics that those found in ingot A. A significant 

difference was the morphology and size of Fe-rich intermetallics (Figure 4.4c and d). The 

most dominant phase in ingot B was needle-like Al Fe, which is expected to reduce 

mechanical properties because of the stress concentration of the needle tip. The size of Al Fe 

significantly increased from the subsurface to bulk region (Figure 4.4d). The area fraction of 

Al Fe was higher in the bulk region of ingot B than that in ingot A (Figure 4.5, 1.8% vs. 

0.88%). In addition, Al (Fe,Mn) also appeared in ingot B but their area fraction was 

significantly lower compared to ingot A. Moreover, Al Mg  appeared as continuous channels 

along interdendritic regions in the subsurface region (Figure 4.4c). The area fraction of 
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Al Mg  was found to be 0.98% in the subsurface region, which was higher than that in the 

bulk region (0.7%).  

The main phases in the as-cast microstructure of both ingots agreed well with the predicted 

phases based on the Scheil model calculated by the Thermo-Calc software. Scheil 

calculations showed that Al Mn should firstly precipitate at 608 ÁC, and then Al Fe should 

start to form at 595 ÁC. Later, primary Mg Si should precipite at 545 ÁC. The last stage of 

solidification should be the formation of Al Mg  and Ű-Al CuMg  at 450 ÁC. 

  
 

Figure 4.4: The difference in microstructure between subsurface zone (a & c) and bulk zone 

(b & d) where (a & b) represented ingot A and (c & d) represented ingot B. 
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Figure 4.5: Area fraction of all phases in both ingots 

DSC analysis was conducted to evaluate the solidus, liqudus and precipitation 

temperatures of the phases. The first derivative of DSC curves presented in Figure 4.6 

revealed the solidus temperature (melting of Al Mg  and Ű-Al CuMg ) as experienced for 

both ingots in the different locations. The solidus temperature in the bulk region of ingot A 

was 445 °C while it was 446 °C in the subsurface region. The solidus temperature in the bulk 

region of ingot B was lower (443 °C) compared to 447°C in the subsurface zone. The liquidus 

temperatures of the surface and bulk regions were 639 °C and 641 °C in ingot A, and 641 °C 

and 644 °C in ingot B, respectively. Accordingly, the solidification intervals of the subsurface 

and bulk material were 194 °C and 195 °C in ingot A, and 194 °C and 201 °C in ingot B, 

respectively. The wider solidification intervals of ingot B in the bulk region could be a factor 

contributing a higher HTS relative to the ingot A [30]. 

Furthermore, the initiation of Mg Si melting started at a lower temperature of 558 ÁC in 

ingot B compared to 566 °C in ingot A. The melting of Al3Fe occurred in bulk zone of ingot 
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B at nearly 590 °C which is higher than its melting temperature in ingot A by around 5 °C. 

No melting of Fe-rich intermetallics (Al3Fe and Al (Fe,Mn)) would occurred up to the highest 

temperature of the tensile tests. The solid fraction vs temperature curves were then calculated 

based on DSC curves using the method proposed by Flynn [30]. The evolution of solid 

fraction with temperature near the solidus temperature for all conditions is depicted in Figure 

4.7 and Table 4.2. It was found that the bulk region of ingot B had the lowest solid fraction 

at a given temperature. Generally, the solid fractions in the subsurface and bulk regions of 

ingot A are greater than that in ingot B at a given temperature. 

 

Figure 4.6: The first derivative of DSC curves of ingots A and B showing the solidus and 

precipitation temperatures of different phases,  (1) melting of Al Mg  and Ű-

Al CuMg  as the solidus temperature, (2) melting of Mg2Si and Al3Fe, (3) 

Al 6Fe,Mn, and (4) Ŭ-Al.  
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Figure 4.7: Solid fraction vs temperature curves near solidus temperature of ingots A and B, 

calculated based on DSC results using Flynn method [30]. 

Table 4.2: Solid fraction vs temperature data near solidus temperature of AA5182 DC cast 

ingots 

Temperature, 

ÁC 

Solid Fraction, % 

Ingot A Ingot B 

Subsurface Bulk Subsurface Bulk 

520 99 98.3 98.7 97.7 

550 97 96.6 96.0 94.4 

560 95.5 95.2 94.3 92.3 

570 93.5 93.5 91.8 89.4 

580 90.5 90.5 88.0 85.4 

 

The secondary dendritic arm spacing (SDAS) was measured along 25 mm from the ingot 

surface, and the results are presented in Figure 4.8. In the shell zone (up to 1 mm), the SDAS 

was the lowest and nearly the same (~15 ɛm) in both ingots. From the subsurface to the bulk 

region of ingot A, the SDAS was fluctuated within a narrow range of 30-40 ɛm. In addition, 



84 

 

the grain structure in the subsurface and the bulk regions of ingot A was equiaxed (Figure 

4.8a). On the other hand, two regions were observed in ingot B (Figure 4.8b). The region I 

was characterized by coarse equiaxed grains and the SDAS varied between 28 and 40 ɛm, 

while the region II involved the columnar grain structure and the SDAS reduced to 20-25 

ɛm. Formation of columnar structure of ingot B in the bulk region might result from the high 

thermal gradient and turbulent flow of molten metal at the high casting speed as reported in 

[7]

 

Figure 4.8: Evolution of the secondary dendrite arm spacing along the casting surface and its 

corresponded grain structure, (a) ingot A and (b) ingot B. 

4.3.2.  Semisolid Tensile properties 

 

Figure 4.9a shows the strength and strain vs temperature curves of ingot A at the strain rate 

of 10-4 s-1. It was found that the bulk region had higher strength compared to the subsurface 

region. The difference in strength of both regions was reduced with increasing test 
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temperature above 550 °C. On the other hand, the fracture strain was significantly greater in 

the bulk region than in the subsurface over the whole temperature range. The largest 

difference in the fracture strain between the two regions was detected at 560 °C where 

fracture strains were 8% and 25% at the subsurface and bulk regions, respectively. With a 

further increase in temperature, the fracture strain of the bulk region was at least twice that 

of the subsurface. Accordingly, the tensile properties of the bulk region of ingot A were 

generally better than that of the subsurface at a strain rate of 10-4 s-1. Increasing the strain rate 

from 10-4 s-1 to 10-3 s-1 affected the strength and strain vs temperature plots of ingot A, as 

shown in Figure 4.9b. The strengths of both regions increased with increasing the strain rate. 

Moreover, the fracture strain of each region decreased with increasing strain rate, but the 

difference in fracture strain between them was reduced. For example, at 560 °C, the fracture 

strain difference between the two regions decreased from 17% to 2% with the increase of the 

strain rate from 10-4 s to 10-3 s-1. 

Similarly, the strength of the bulk region of ingot B was higher than that of the subsurface 

region at a strain rate of 10-4 s-1 (Figure 4.9c). The difference in strength of both regions 

increased significantly at 560 °C, where the strength of the bulk region was 6.1 MPa while it 

was only 1.3 MPa in the subsurface region. In addition, the fracture strain of the bulk region 

was higher than in the subsurface. The increase of the strain rate to 10-3 s-1 showed the same 

effects of increasing the strength and reducing the fracture strain as those appeared in ingot 

A (Figure 4.9d). However, the strength and strain in the subsurface and bulk region of ingot 

B were remarkably lower than those in ingot A at both strain rates.   
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Figure 4.9: Variation of strength vs temperature and strain vs temperature for tensile test 

operated under different displacement rate where (a) ingot A at 0.01 mm/s, (b) 

ingot B at 0.01 mm/s, (c) ingot A at 0.1 mm/s, and (d) ingot B at 0.1 mm/s. solid 

lines refer to stress values and dashed lines refers to strain values. subsurface 

zones are black and bulk zones are red. 

4.3.3. Hot tearing susceptibility of two cast ingots 

Evaluation of hot tearing susceptibility based on semisolid tensile properties was proposed 

in different models [5, 31, 32]. One of the most promising methods to evaluate the HTS is 

the brittle temperature range (BTR). The BTR is the range between the zero-ductility 

temperature (ZDT) and the zero-strength temperature (ZST). The ZDT was defined as the 

temperature at which fracture strain reached 3%, while the ZST is the temperature at which 

strength is almost zero [31, 33]. In general, the larger the BTR, the larger is the HTS [26, 31]. 
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The procedure to determine the ZDT, ZST and BTR based on the semisolid tensile properties 

(Figure 4.10a) is illustrated in Fig. 10a. For ingot A, the ZDT was 569 °C for the subsurface 

at both strain rates, while the ZDT of the bulk material decreased from 576 °C to 570 °C 

when strain rate increased from 10-4 s-1to 10-3 s-1 (Figure 4.10b). In addition, the ZST was 

nearly constant for both positions (approximately 585 °C, Figure 4.10c). Accordingly, the 

BTR were larger in the subsurface than that in the bulk material; they decreased from 15 °C 

and 17 °C in the subsurface at both strain rates to 10 °C and 15°C in the bulk material, 

respectively (Figure 4.10d). 

 On the other hand, the ingot B showed lower ZDT of 559 °C and 564 °C at the strain rate 

of 10-4 s-1 and 559 °C and 561°C at the strain rate of 10-3 s-1 for the subsurface and bulk 

regions (Figure 4.10b), respectively, compared to the ingot A. The ZST of the bulk material 

was higher than that of the subsurface by 7 °C at the strain rate of 10-4 s-1 and 3 °C at the 

strain rate of 10-3 s-1 (Figure 4.10c). Accordingly, the BTR of ingot B were 21°C and 23°C 

at both strain rates for the subsurface and bulk (Figure 4.10d). It is evident that the BTR of 

the ingot B were higher than those in ingot A, and the large difference between both ingots 

appeared at the low strain rate of 10-4 s-1. 
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Figure 4.10: Evaluation of hot tearing susceptibility of two ingots based on the BTR, (a) 

procedure of determining ZDT, ZST and BTR, (b) ZDT, (c) ZST and (d) BTR.  

As mentioned above, the strength and fracture strain in the subsurface and bulk region of 

ingot B were remarkably lower than those in ingot A at both strain rates at given test 

temperatures. The stress-based model stated [22, 34] that the strength of the material should 

be larger than the induced stresses during the last stage of solidification to prevent the hot 

tearing. Therefore, the higher strength of ingot A at the temperatures near the solidus 

increased its ability to resist cracking. The initiation of the crack in ingot B was highly 

probable as the thermal stresses might exceed its strength due to its lower strength near the 

solidus. On the other hand, as the strength at 580 °C was close to zero in all conditions, the 

corresponding strain may be considered as the critical strain for HTS based on a strain model 

proposed by Prokhorov [35, 36]. For ingot A, the critical strains for hot tearing at the strain 

rate of 10-4 s-1 were 1.13% and 2.05% for the subsurface and bulk regions, while they were 
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almost zero for both regions in ingot B at the same strain rates. This means that any crack 

initiation in ingot B during late solidification can easily propagate without any resistance 

near ZST. 

4.4 Discussion 

4.4.1. Microstructure and mechanical properties relationship 

Variation in casting parameters was reported to affect the microstructural features and 

semisolid state mechanical response of DC cast ingots [12, 37, 38]. As mentioned before, the 

main difference between two ingots was the casting speed, where ingot A was cast at 60 

mm/min and ingot B was cast at 75 mm/min. The first difference in their microstructure was 

the formation of a columnar grain structure in ingot B, which was caused by a deep sump, 

strong convection, and high thermal gradient [12, 13]. It was also reported in [37] that 

increasing the casting speed in commercial aluminum alloys could cause the formation of 

narrow regions of columnar grains of the DC cast ingots.    

The second difference between the two ingots was the type of Fe-rich intermetallic phases, 

where Al (Fe,Mn) was the main phase in ingot A, and the needle-like Al Fe was the dominant 

intermetallic phase in ingot B. The coarse Al Fe could precipitate from the solute-rich 

interdendritic liquid due to the large air gap between the mould and the ingot  surface [39]. 

The higher casting speed of ingot B reduced the time for heat dissipation from the different 

regions within the ingot leading to uneven thermal distribution inside the ingot [37], which 

resulted in the coarsening of intermetallics [40]. The bulk region of ingot B was characterized 

by a columnar dendrite grain structure, and a relatively large amount of coarse needle-like 

Al Fe. 
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Mechanical behavior near the zero-ductility temperature 

In terms of tensile properties, a significant difference in fracture strains of both ingots was 

noticed at the low strain rate of 10-4 s-1, where the fracture strain of ingot A was significantly 

higher than that of ingot B (Figure 4.9). Since the fracture strain is highly dependent on the 

liquid distribution along grain boundaries and liquid film formation, the analysis of fracture 

surfaces of tensile samples was selected at the zero-ductility temperatures of both ingots. The 

analysis was performed on two tensile samples at the subsurface of ingots A and B, tested at 

570 °C and 560 °C respectively, which were close to their zero-ductility temperatures. The 

solid fraction of ingot B (fs=94.3% at 560 °C) is slightly larger than that of ingot A (fs=93.5% 

at 570 °C). The fracture surface of ingot A showed long rivers formed by the partial melting 

of Al Mg  (Figure 4.11a). This means that liquid was allowed to distribute uniformly in ingot 

A. The spikes were widely formed across cracks in ingot A (Figure 4.11c). The EDS analysis 

of spikes or solid bridges showed that it was mainly eutectic Ŭ-Al + Al Mg  with Mg content 

Ò 6% (at.%). Moreover, dendrites were covered by a liquid layer, and secondary cracks were 

propagated across these layers. Most solid bridges were not fractured, and the crack 

propagation mainly occurred along liquid films. On the other hand, the fracture surface of 

ingot B showed torn liquid films along grain boundaries (Figure 4.11b). The tearing of liquid 

films preferentially occurred because of the presence of needle-like Al Fe particles that acted 

as crack initiator. The high area fraction of Al Fe in the subsurface of ingot B (1.8%) also 

played a large role in trapping the liquid at triple junctions (Figure 4.11d). Most of the liquid 

was trapped at triple junctions and along grain boundaries, and they experienced tearing 

during the tensile test, resulting in a lower fracture strain in ingot B rather than that in ingot 
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A. After the fracture, the liquid was solidified and enclosed within oxide envelopes, which 

maintained the torn shape of the liquid films. 

 

 

 

Figure 4.11: Fracture surface of tensile samples in the subsurface of ingots A and B at the 

low strain rate of 10-4 s-1, (a, c) ingot A tested at 570 °C, (c, d) ingot B tested at 

560 ÁC, showing that eutectic Ŭ-Al+ Al Mg  formed spikes across cracks (c) 

and the torn liquid films appeared along grain boundaries because of liquid 

trapping by Al Fe (d). 

The fracture surface of the tensile sample in the bulk region of ingot B, tested at 560 °C 

with fs=92.%, exhibited also torn liquid films, primarily in specific locations (Figure 4.12a). 

These torn liquid films were formed because of the difficulty of the liquid distribution along 

grain boundaries resulted from the columnar structure, and the presence of coarse Al3Fe 
































