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Abstract

With the addition of Sc and Zr to AA5083 alloy, two populations of strengthening particles
(submicron-sized AlIMn dispersoids and nanosized Als(Sc,Zr) precipitates) precipitate during
three-step heat treatment. Here, their influence on the microstructure and mechanical properties of
hot-rolled sheets at ambient and elevated temperatures was investigated. The results show that the
low-temperature (25-200 °C) tensile properties of the rolled sheets were significantly improved
by increasing the Sc and Zr contents. The yield strength (YS) and ultimate tensile strength (UTS)
of the alloy with 0.16 wt.% Sc and 0.17 wt.% Zr at ambient temperature reached 295 and 411 MPa,
respectively, showing improvements of 30% in YS and 11.8% in UTS compared to the base alloy.
However, the YSs of the Sc/Zr-containing alloys at high temperature (300-400 °C) were lower
than that of the base alloy. The mechanical properties of both the base and Sc/Zr-containing alloys
were thermally stable during long-term thermal exposure at 300 °C for 500 h, demonstrating the
great potential of this alloy for various elevated-temperature applications. The characteristics of
the AIMn dispersoids and Als(Sc,Zr) precipitates after the heat treatment and hot rolling were
examined and quantified using transmission electron microscopy. Their combined contributions
toward the Y'S at 25 and 300 °C were analyzed with the aid of constitutive strengthening equations
and compared with experimentally measured values.

Keywords: Aluminum 5083 alloys, Sc and Zr addition, AIMn dispersoids, Al3(Sc,Zr) precipitates,
Mechanical properties, Strengthening mechanism.

1. Introduction

Recently, interest in developing a new generation of lightweight aluminum alloys for
automotive and aerospace applications has markedly increased. Owing to their excellent
combination of high strength-to-weight ratio, good formability, high toughness, and excellent
weldability and corrosion resistance, Al-Mg—Mn 5xxx alloys are considered excellent candidates
for transportation (automotive, shipbuilding, etc.) and structural components, as well as many
other applications [1, 2]. Traditionally, 5xxx aluminum alloys are classified as non-heat-treatable
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alloys, and their strength can only be achieved by strain hardening and solid-solution strengthening
[3, 4]. Therefore, the achievable strength of this alloy series is more limited than that of heat-
treatable high-strength aluminum alloys, thus restricting their performance in several applications.

In addition to strain hardening, dispersoid strengthening has recently been identified as a
promising approach for improving the mechanical strength of non-heat-treatable aluminum alloys,
such as 3xxx alloys [5-8]. Several studies have reported that appropriate heat treatments can
promote the precipitation of fine and densely distributed dispersoids, thereby enhancing the
ambient- and elevated-temperature mechanical properties [6-9]. A recent study on Al-Mg-Mn
5xxx alloys [10] demonstrated that a multistep heat treatment can be used to precipitate high
volume fractions of submicron-sized AIMn dispersoids and improve the rolling performance and
mechanical properties of rolled sheets.

In recent years, Sc, as an effective microalloying element, has often been added to aluminum
alloys to enhance their mechanical properties by forming nanosized L12-AlsSc precipitates during
aging treatment in the temperature range of 300-425 °C [11-14]. These finely dispersed L12-AlsSc
precipitates are fully coherent with the aluminum matrix and exhibit high thermal stability at
elevated temperatures (300-350 °C) owing to the low diffusivity of Scin Al [15, 16]. For industrial
applications, cost-effective Zr is often added along with Sc. Zr can substitute with Sc to form core-
shell L12-Als(Sc,Zr) precipitates that have better coarsening resistance than AlsSc precipitates,
thereby improving the recrystallization resistance and elevated-temperature properties [17-20].

In several studies, Sc and Zr have been coadded to improve the mechanical properties of
traditional heat-treatable alloys, such as 2xxx, 6xxx, and 7xxx alloys [21-23]. Significant
improvements in the room-temperature microhardness and mechanical properties have been
reported, mainly owing to the combined strengthening effect of aging strengthening phases
(Al2Cu, Mg2Si, and MgZnz) and Als(Sc,Zr) precipitates. For instance, the coaddition of Sc and Zr
increases the tensile strength and high-cycle fatigue strength of AA6106 alloys [21], and
noticeably increases the hardness of AA2219 alloys [22]. However, owing to the high coarsening
rate of the strengthening phases (Al2Cu, MgzSi, and MgZn2) of heat-treatable alloys at elevated
temperatures, most studies on Sc and Sc+Zr additions have focused on the ambient-temperature
properties [24, 25], creep behavior of cast alloys [11, 19], or superplastic deformation of processed
alloys [26, 27]. In addition, the temperatures for precipitating conventional aging strengthening
phases (Al2Cu, MgzSi, and MgZnz) are very different from those for Als(Sc,Zr) precipitates,
making the heat treatment of both types of phase incompatible. Therefore, the benefits of
microalloying with Sc and Zr and the precipitation of fine and thermally stable Als(Sc,Zr)
precipitates cannot be fully applied.

In Al-Mg-Mn alloys, the precipitation temperatures of AIMn dispersoids and Als(Sc,Zr)
precipitates are similar, and both phases are thermally stable and coarsening-resistant, which
provides a common basis for improving the ambient- and elevated-temperature properties during



heat treatment. However, there is little information on the synergetic effects of these strengthening
phases on the elevated-temperature mechanical properties of AI-Mg—Mn 5xxx alloys.

The main objective of this study was to explore the combined effects of two populations of
strengthening particles (submicron-sized AIMn dispersoids and nanosized Als(Sc,Zr) precipitates)
on the mechanical properties of Al-Mg-Mn AA5083 alloys. To clarify the roles of microalloyed
Sc and Zr, the microstructural evolution after heat treatment and hot rolling was characterized by
several techniques, including optical microscopy, scanning electron microscopy (SEM), and
transmission electron microscopy (TEM). The tensile properties of hot-rolled sheets were
evaluated at ambient and elevated temperatures. Finally, the experimentally measured yield
strengths (YSs) were compared with the analytically calculated ones using constitutive
strengthening equations to better understand the strengthening mechanisms of Sc/Zr-containing
AA5083 alloys.

2. Experimental procedure

Three AlI-Mg-Mn alloys were prepared from commercially pure Al (99.7%) and Mg (99.8%),
as well as Al-25% Fe, Al-50% Si, Al-25% Mn, Al-20% Cr, Al-50% Cu, Al-2% Sc, and Al-15%
Zr master alloys (all the alloy compositions used in this study were in wt.%). The alloys were
denoted as base alloy B (AA5083, Sc/Zr-free), BO8 (0.08% Sc and 0.08% Zr), and B15 (0.16% Sc
and 0.17% Zr). The materials were melted in a graphite crucible in an electrical resistance furnace.
The melting temperature was maintained at 780 °C for 30 min followed by degassing with pure
Ar for 15 min. Al-5% Ti-1% B master alloy was added as a grain refiner. Then, the melt was
poured into a permanent steel mold preheated at 250 °C to produce cast ingots with dimensions of
30 x 40 x 80 mm. The chemical compositions were analyzed using optical emission spectrometry,
and the results are listed in Table 1.

Table 1 Chemical composition of experimental alloys

Elements, wt.%

Alloys : :

Mg Mn Si Fe Cu Cr Ti Sc Zr
B (base) 4.78 0.79 0.26 0.31 0.12 0.14 0.09
B08 4.76 0.79 0.26 0.35 0.10 0.15 0.10 0.08 0.08
B15 4.75 0.81 0.31 0.31 0.11 0.15 0.09 0.16  0.17

To promote the precipitation of AIMn dispersoids and Als(Sc,Zr) precipitates [10, 28], the cast
ingots were heat-treated using a three-step heat treatment (275 °C/12 h + 375 °C/48 h + 425 °C/12
h) followed by water quenching to room temperature. Subsequently, the heat-treated ingots were
machined to 25 mm thick and then hot rolled to a final sheet thickness of 3.2 mm (87% reduction



in thickness) using a laboratory-scale rolling mill. Multiple hot-rolling passes were carried out at
a temperature of 500 + 10 °C. Before mechanical tests, all rolled sheets were annealed at 300 °C
for 5 h to relieve the residual stress generated during rolling.

The tensile properties at room temperature were measured using Instron 8801 servo-hydraulic
testing unit at strain rate 0.5 mm/min. The tensile samples were machined according to ASTM
E8/E8M-16a in the rolling direction with a gauge size of 3 x 6 mm. The tensile properties at 300
°C were measured on a Gleeble 3800 thermomechanical testing unit at a strain rate of 0.001 s™2, in
which the tensile samples were heated to 300 °C with a heating rate of 2 °C/sec and then holding
180 s prior to tensile loading. Average results were reported from three tests in a given condition.

Samples for microstructural observations were prepared using a standard metallographic
procedure. The grain structure was observed using an optical microscope (Nikon, Eclipse ME600)
under polarized light after electro-etching with Barker’s agent (3 vol.% HBF4 solution) at 15 V for
3 min. After heat treatment or rolling, the samples were etched in 0.5% HF for 30 s to reveal the
general distribution of AIMn dispersoids. The grain and subgrain structures after rolling were
characterized using electron backscatter diffraction (EBSD). The EBSD samples were sectioned
from the gauge of the tensile samples, parallel to the rolling and tensile deformation directions. A
transmission electron microscope (JEM-2100) operated at 200 kV was used to observe the
distribution of AIMn dispersoids and Als(Sc,Zr) precipitates in detail. All TEM images were
obtained along the [001]ai zone axis to observe the AIMn dispersoids To clearly reveal the
Als(Sc,Zr) precipitates, centered superlattice dark-field images were recorded along the [100]
reflections close to the <011> direction. The characteristics of the AIMn dispersoids and Als(Sc,Zr)
precipitates were quantified from the TEM images using ImageJ image analysis software. The
number density Na and volume fraction Vi of AIMn dispersoids were determined using the
following equations [7, 11]:

N,y = N 1
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Where N is the number of particles; A and D are the total area and the equivalent diameter of the
particles, respectively; t is the thickness of the TEM foil; Aa is the area fraction of dispersoids in
the TEM image; K is the average shape factor of dispersoids equal to 0.45 [9]; Apbrz is the area
fraction of DFZ measured in the optical images.

3. Results
3.1 As-cast and heat-treated microstructures

Fig. 1 shows the grain structure and distribution of intermetallic phases in the as-cast alloys.
All three alloys had equiaxed grain structures (Fig. 1a and b). The average grain size of alloy B
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was 64.8 um, whereas those of alloys BO8 and B15 were 60.8 and 54 pm, respectively. This
reduction in grain size results from the grain-refining effect of the Sc+Zr addition [24, 29, 30]. As
shown in Fig. 1c and d, the as-cast alloys contained a-Al dendritic cells with several intermetallic
phases distributed at the dendrite boundaries. The dominant intermetallic compounds (IMC) in all
three alloys were Fe/Mn-rich a-Alis(Fe,Mn,Cr)sSiz and Als(Fe,Mn,Cr) intermetallics and primary
Mg2Si intermetallics (dark color), as identified by SEM—energy dispersive X-ray spectroscopy
(SEM-EDS) analysis. A small amount of low-melting-point t-AlsCuMga eutectic phase was also
detected in the interdendritic regions. Interestingly, the amount of intermetallic phases increased
significantly with the addition of Sc and Zr. The results of image analysis confirmed that the area
fraction of Fe/Mn-rich intermetallics (a-Alis(Fe,Mn,Cr)sSi2 and Als(Fe,Mn,Cr)) increased from
1.98% in alloy B to 2.31% in alloy B0O8 and further to 3.14% in alloy B15, while the area fraction
of primary Mg2Si intermetallics increased from 0.7% in alloy B to 0.77% in alloy BO8 and further
to 0.9% in alloy B15. This could be attributed to the decreased solubility of Mn and Mg owing to
the addition of Sc and Zr [11, 31].

Figure 1: Optical images showing the grain structures of (a) alloy B and (b) alloy B15, and SEM
backscattered images showing the distribution of intermetallic phases of (c) alloy B and (d) alloy
B15 in the as-cast condition.

Fig. 2 shows the typical microstructures of the three alloys after the three-step heat treatment.
As shown in the optical images (Fig. 2a-c), a large number of dispersoids formed in the dendritic
cells during heat treatment, appearing as dispersoid zones (DZ, dark areas marked with red lines).
In addition, dispersoid-free zones (DFZ, light area marked with blue lines) were observed in the
interdendritic regions surrounding the intermetallic phases. It should be noted that complete
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dissolution of the low-melting-point t-AlsCuMga eutectic phase and partial dissolution of the
primary Mg2Si intermetallics occurred during the heat treatment. Bright-field TEM images (Fig.
2d-f) revealed the precipitation of submicron-sized AIMn dispersoids with cube- and rod-like
morphologies in the DZs. The AlIMn dispersoids were identified as AlsMn and AlsMn by TEM-
EDS and selected area diffraction patterns [10]. The equivalent diameter of the AIMn dispersoids
in base alloy B was ~25 nm, and the number density was ~560 pm™3. However, with increasing Sc
and Zr contents in alloys BO8 and B15, the size of the dispersoids increased and the number density
decreased compared to that in alloy B (Fig. 2g).

Figure 2: Typical microstructures after heat-treatment: (a, b, ) optical images and (d, e, f) bright-
field TEM images showing the distribution of AIMn dispersoids for alloys B, B0O8 and B15,
respectively; (h, i) dark-field TEM images showing the distribution of Al3(Sc,Zr) precipitates for
alloys B08 and B15; (g) characteristics of two population of particles (AIMn dispersoids and
Al3(Sc,Zr) precipitates).



In addition to the AIMn dispersoids, a large number of nanosized Als(Sc,Zr) precipitates were
formed in alloys B0O8 and B15, as shown in the dark-field TEM images (Fig. 2h and i). The
Al3(Sc,Zr) precipitates were uniformly distributed in the Al matrix and were much finer and denser
than the AIMn dispersoids. A summary of the two populations of particles is shown in Fig. 2g.
This figure shows that the addition of Sc and Zr caused the following microstructural changes: 1)
a high number of nanosized Als(Sc,Zr) precipitates coexisted with AIMn dispersoids, 2) the size
of the AIMn dispersoids increased and the number density (Nd) of dispersoids decreased, and 3)
the area fraction of DFZs increased.

There are two possible reasons for the increased size and decreased number density of
dispersoids in alloys B8 and B15. First, the addition of Sc and Zr lowers the solubility of Mn, Mg,
and Si in the aluminum matrix [11, 15, 31-34]. Therefore, the addition of Sc and Zr would promote
the formation of Fe/Mn-rich intermetallics, thereby increasing their volume fraction.
Consequently, the amount of supersaturated Mn in the a-Al solid solution would be reduced,
leaving less Mn available for the formation of AIMn dispersoids upon heat treatment. The other
reason is that the addition of Sc and Zr decreases the nucleation efficiency of AIMn dispersoids
during heat treatment. As reported previously [10, 35-37], metastable B'-Mg2Si phases may act as
nucleation sites for the precipitation of AIMn dispersoids. Owing to the reduced solubility of Mg
and Si, more Mg and Si would be consumed to form primary MgSi particles during solidification,
lowering their supersaturation levels in the a-Al matrix. Therefore, during the heating process and
first step of the heat treatment (i.e., 275 °C/12 h), a lower number of ’-Mg2Si particles would form
in the Sc/Zr-containing alloys than in the base alloy, resulting in a lower number density of AIMn
dispersoids being precipitated in the subsequent heat treatment step.

3.2 Microstructures after hot rolling

After heat treatment, all three alloys were hot rolled at 500 °C. The typical microstructures
after hot rolling are illustrated in Fig. 3. Owing to the high deformation ratio (87% reduction), the
intermetallic particles were fragmented and aligned in the rolling direction, and the grains were
also elongated in the rolling direction, as shown in Fig. 3a-c. Bright-field TEM images (Fig. 3d-f)
revealed that the AIMn dispersoids coarsened during hot rolling; compared to the heat-treated
alloys, the size of the dispersoids was increased, and their number density was remarkably
decreased (Fig. 2). The quantitative results in Table 2 show that the number density of AlMn
dispersoids decreased after hot rolling by 59%, 80%, and 79% for alloys B, B08, and B15,
respectively. Base alloy B still exhibited the highest number density of dispersoids among the three
alloys.

A similar coarsening trend was observed for the Als(Sc,Zr) precipitates in alloys B0O8 and B15
after hot rolling, as shown in Fig. 3g and h. The fine and spherical Als(Sc,Zr) particles became
larger and less dense than those in the heat-treated samples. For instance, the number density
sharply dropped from 11,333 to 2718 um™2 in alloy B08 and from 19,701 to 5695 um~2 in alloy



B15 (Fig. 2 and Table 2), representing reductions of 76% and 71%, respectively. The lower density
and larger size of the Mn-bearing dispersoids and Als(Sc,Zr) precipitates are predominantly
attributed to the high rolling temperature (500 °C), at which both AIMn dispersoids and Als(Sc,Zr)
precipitates are no longer thermally stable [7, 14-17, 38]. In addition, the high number density of
dislocations generated during rolling accelerates the diffusion of alloying elements in the matrix,
resulting in the growth and coarsening of both types of particle [39-41].

Figure 3: Typical microstructures of the hot-rolled samples: (a, b, c) OM images and (d, e, f) bright-
field TEM images showing the distribution of AIMn dispersoids for alloys B, B0O8 and B15,
respectively; (g, h) dark-field TEM images showing the distribution of Als(Sc,Zr) precipitates for
alloys B08 and B15.



Table 2: Quantitative TEM results of AIMn dispersoids and Als(Sc,Zr) precipitates after rolling.

AlMn dispersoids Als(Sc,Zr) precipitates
Alloy d N, 7 d N, v
(nm) (um®) (%) (nm) (um™) (%)
B 32.4+0.2 231146 1.4 - -- --
B08 57.2+0.6 60.1+9.6 1.02 11.9+0.5  2718+385 0.19
B15 56.0+0.6 64.8+13.3 1.06 12.6£0.4  5695+297 0.49

3.3 Mechanical properties of hot-rolled sheets at ambient and elevated temperatures

Fig. 4 shows the ambient-temperature tensile properties of all three hot-rolled alloys. The
addition of Sc and Zr significantly improved the alloy strength, while the elongation decreased.
Fig. 4a displays typical engineering stress—strain curves; after reaching the peak stress (ultimate
tensile strength (UTS)), the curve underwent a short plateau followed by an instantaneous drop.
As shown in Fig. 4b, the tensile strength increased with increasing Sc content, and alloy B15
exhibited the highest YS and UTS at 295 and 411 MPa, respectively. These values are 30% and
11.8% higher, respectively, than those for base alloy B. On the other hand, in low-Sc alloy B08,
the YS and UTS were 262 and 392 MPa, respectively, representing an improvement of 14% and
3%, respectively, relative to those of base alloy B. The increase in tensile strength via the addition
of Sc and Zr was mainly due to the introduction of fine and coherent Al3(Sc,Zr) precipitates as an
additional strengthening phase (Fig. 3).

Figure 4: (a) Typical engineering stress-strain curves of experimental alloys and (b) tensile
properties at ambient temperature for three hot-rolled alloys.



The elevated-temperature tensile properties of the hot-rolled alloys are shown in Fig. 5. Fig.
5a shows the engineering stress—strain curves measured at 300 °C. Shortly after tensile loading,
the curves of all alloys quickly rose to the maximum stress (UTS) and then gradually decreased
until reaching a strain of 0.6-0.7. It is apparent that the elevated-temperature ductility of the alloys
is no longer a concern because the elongation of all three alloys exceeded 60%. As shown in Fig.
5b, the UTS of both Sc/Zr-containing alloys (99 MPa) was only slightly lower than that of the base
alloy (104 MPa). However, the YSs of both BO8 and B15 alloys (66 MPa) were significantly lower
than that of alloy B (88 MPa). This is equivalent to a 24% reduction in YS compared to that of the
Sc-free base alloy. Notably, this trend is completely different from that at ambient temperature. In
addition, although alloy B15 contained more Als(Sc,Zr) precipitates (Table 2), the YS and UTS of
alloys B08 and B15 were almost the same.

Figure 5: (a) Typical engineering stress-strain curve of experimental alloys and (b) tensile
properties at 300 °C.

To better understand the effect of temperature on the tensile properties, all three hot-rolled
alloys were subjected to tensile tests at temperatures of 25-400 °C, and the tensile properties are
presented in Fig. 6. As expected, the tensile strengths decreased gradually with increasing test
temperature for all three alloys. At 25-200 °C, the Sc/Zr-containing alloys (B08 and B15)
exhibited higher tensile strengths (both YS and UTS) than base alloy B, and the YS and UTS
increased with increasing Sc content. At 250 °C, alloys B and B08 had similar Y'S (150 vs. 147.2
MPa), but alloy B15 showed noticeably lower YS of 123.2 MPa (Fig. 6a). As the testing
temperature increased to 300—400 °C, although the YS of the Sc/Zr-containing alloys (B08 and
B15) remained equal, the YS became considerably lower than that of base alloy B. For instance,
at 400 °C, both alloys B08 and B15 had a Y'S of 21 MPa, which was lower than that of base alloy
B (32 MPa). The UTS showed a slightly different trend from that of the YS (Fig. 6b). At relatively
low temperatures (25-200 °C), the UTSs of the Sc/Zr-containing alloys were higher than that of
alloy B. However, at 250 °C, the UTSs of all three alloys were almost the same. At higher
temperatures (300—400 °C), the UTSs of all three alloys were still very close.
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Figure 6: (a) YS and (b) UTS of experimental alloys as a function of testing temperatures.

The thermal stability of the mechanical properties is an important consideration for aluminum
alloys that can potentially be used at elevated temperatures. Therefore, the thermal stability of two
of the hot-rolled alloys (B and B15) was evaluated by exposing them at 300 °C for up to 500 h.
The tensile strengths at 25 and 300 °C as a function of the exposure time are displayed in Fig. 7.
Both the YS and UTS remained unchanged after long-term thermal exposure of up to 500 h for
both alloys. For instance, the YSs at 25 °C remained at 230 MPa for alloy B and 295 MPa for alloy
B15, while the elevated-temperature Y Ss were stable at 85 MPa (alloy B) and 68 MPa (alloy B15)
throughout the entire long-term thermal exposure. These results confirm the excellent thermal
stability and low coarsening kinetics of AIMn dispersoids and Als(Sc,Zr) precipitates at 300 °C
for Al-Mg-Mn alloys strengthened by both types of particles.
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Figure 7: Evolution of YS and UTS of alloys B and B15 tested at 25 °C and 300 °C as a function
of the time of thermal exposure at 300 °C.

4. Discussion
4.1 Constitutive analysis of yield strength at ambient and elevated temperatures

The overall mechanical strength of aluminum alloys is determined by the stress required to
overcome various obstacles during deformation. Several strengthening mechanisms are operative,
including solid-solution strengthening, grain-boundary strengthening, and particle strengthening.
To better understand the strengthening effect of the two distinct groups of particles (AlMn
dispersoids and Als(Sc,Zr) precipitates) at ambient and elevated temperatures, the YSs of the
experimental Al-Mg-Mn alloys were quantitatively studied using constitutive equations.
Assuming that the contributions of the strengthening mechanisms are independent and can be
linearly added, the overall YS can be expressed as follows:

AO-YS =0y + AO_SS + AO-GB + AO_dispersoids + AO-precipitates (3)

where Aovs is the overall yield strength, oo is the strength of the pure Al matrix, and Agss,
AocB, Adgdispersoids, and Aoprecipitates  are the strengthening contributions of solid-solution
strengthening, grain-boundary strengthening, the AIMn dispersoids, and the Als(Sc,Zr)
precipitates.

4.1.1 Strengthening mechanisms at ambient temperature
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The yield strength of the Al matrix was considered to be 34 MPa, as taken from an annealed
pure 1100-O Al alloy [11]. The solid-solution strengthening of AA5083 alloys is mainly attributed
to Mg and Mn; the other elements have a negligible contribution owing to their small contents.
Mg is primarily consumed by primary MgzSi and the low-melting-point t-AlsCuMga eutectic
phase. After heat treatment and hot rolling, the t-AlsCuMga eutectic phase was entirely dissolved,
and Mg2Si was mostly dissolved. By measuring the remaining volume fraction of Mg2Si, the
availability of Mg solutes in the solid solution was estimated. The consumption of Mn is strongly
related to the formation of Fe/Mn-rich intermetallics and AIMn dispersoids. Therefore, the Mn
concentration in the aluminum matrix can be assessed based on their volume fractions after hot
rolling. The strengthening contributions of Mg and Mn were calculated using Eq. 4 [3, 4].

Ao, = KC™ 4)

where C is the concentration of solute atoms (wt.%), Kmg = 13.8 MPa/wt.%, nmg = 1.14, Kvn =
18.35 MPa/wt.%, and nmn = 0.9 [3]. The calculation showed that the strengthening effects caused
by Mg and Mn solutes were 77 and 3.5 MPa, respectively (Table 3).

The contribution of grain boundary strengthening to the Y'S was predicted using the Hall-Petch
equation [3]:

Ogp = Ky/(dGB)O'S (5)

where Ky is the Hall-Petch constant, which is typically considered to be 0.22 MPa/m®® for Al-4
wt.% Mg alloys [3], and des is the average grain size of the hot-rolled samples. The measured
average grain sizes of alloys B, B8, and B15 were 64.8, 64.2, and 59.4 pum, respectively.

For the precipitation strengthening mechanism, the contribution of the two types of particles
(AIMn dispersoids and Als(Sc,Zr) precipitates) to the ambient-temperature YS can be explained
and predicted using the classical Orowan bypass mechanism because of their relatively large size
[19]. Therefore, the contributions of both types of strengthening particle were calculated using
Egs. 6and 7 [11, 19, 42, 43].

0.84MGb r
Adgispersions = m n (E) ©
2m
1 =71 (=05 7
& ™)

where M (= 3) is the Taylor factor, G (= 27.4 GPa) is the shear modulus of the Al matrix, b (=
0.286 nm) is the Burgers vector, o (= 0.33) is Poisson’s ratio, / is the effective interparticle spacing,
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r is the equivalent average radius of the dispersoids/precipitates, and Vs is the volume fraction of
particles [19, 42, 43].

Using the data in Table 2 and Egs. 6 and 7, the increments in YS due to the presence of AIMn
dispersoids and Als(Sc,Zr) precipitates were computed (Table 4). AIMn dispersoids provided an
increment of 80.1 MPa to the YS of the base alloy B. However, with the addition of Sc and Zr, the
YS increment due to AIMn dispersoids decreased by a factor of two because the addition of Sc
and Zr significantly decreased the number density and volume fraction of dispersoids (Fig. 3, Table
2). The increments in YS due to the presence of fine and dense Als(Sc,Zr) precipitates were
calculated to be 59.3 MPa in alloy BO8 and 89.8 MPa in alloy B15. The decrease in YS increment
from the AIMn dispersoids in the two Sc/Zr-containing alloys was compensated by Als(Sc,Zr)
precipitates. Owing to the coexistence of the two types of particles, the contribution of particle
strengthening is higher in alloys B08 and B15 than that in the base alloy.

As shown in Table 3, in the case of the Sc-free base alloy, the highest contribution to the YS
is from AlMn dispersoids (80 MPa), followed by the Mg solid solution (77 MPa). In the two Sc/Zr-
containing alloys, B08 and B15, precipitation strengthening due to the coexisting AlIMn
dispersoids and Als(Sc,Zr) precipitates provided the largest contribution in strength, with the
strengthening contribution of the Als(Sc,Zr) precipitates exceeding that of the AIMn dispersoids.

Fig. 8a shows a comparison of the predicted and experimentally measured YSs for all three
alloys. Although the predicted YSs were slightly lower than the measured ones, the general trend
agreed well between the predicted and experimental results. Consequently, the constitutive
equation is suitable for predicting the YS of deformed samples containing different types of
precipitates.

Table 3: Predicted YS contributions and experimentally measured YS at 25 °C (MPa)

Alloy B B8 B15

Al matrix (1100-O) 34 34 34
Mg solid solution 76.8 75.7 74.4
Mn solid solution 3.5 3.5 2.3
Grain boundary 27.3 27.4 28.5
AlIMn dispersoids 80.1 43.2 44.7
Als(Sc,Zr) precipitates 59.3 89.8
Predicted YS 221.7 243.1 273.9
Experimental results 229.8 261.6 295
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4.1.2 Strengthening mechanisms at elevated temperature (300 °C)

Owing to a lack of high-temperature data and appropriate constitutive equations, the elevated-
temperature strengthening mechanisms are less well-understood than those at ambient
temperature. A few studies have used different approaches to predict the elevated-temperature
strength [11, 19, 44]. It is difficult to estimate the contributions of solid-solution and grain-
boundary strengthening at elevated temperatures using Egs. 4 and 5. To simplify the case and focus
on the main factor (i.e., precipitation strengthening), the available YS data for AA5083-0 at 315
°C (52 MPa) [45] was used as a close approximation for the matrix, solid solution, and grain
boundary contributions at 300 °C.

The elastic interaction between dislocations and coherent precipitates causes repulsive stress
that hinders dislocation motion [44, 46]. However, at high temperatures, the induced thermal
energy allows dislocations to overcome this repulsive stress by enabling dislocation climb. Owing
to their size range, the dislocation climb mechanism was considered to better estimate the strength
contribution of the nanosized Als(Sc,Zr) precipitates [11, 44]. The strength increment caused by
dislocation climb strengthening (Aociimb) is the sum of the modulus and lattice mismatch strength
increments (Aommc nad AoLmc) according to Eqs. 8 and 9 [44, 46].

A0ciimb (A13(sc,zr)) = A0umc + Aopymc (8)

A0ciimp = 0.0055M'AGS (%)"'5 (i) 2

1 , 2V #72 0.5
+AM'()56Gy (2L) ©)

where M’ (= 3.06) is the mean matrix orientation factor; Gm (= 21.1 GPa) is the shear modulus of
the Al matrix at 300 °C; AG (= Gp — Gm) is the difference in modulus between the matrix and
precipitates, where Gp (= 66.2 GPa) is the shear modulus of the precipitates; b (= 0.288 nm) is the
Burgers vector; v (= 0.33) is Poisson’s ratio; y (= 2.6) and m (= 0.85) are constants; ¢ is the
contrained strain); r is the equivalent average radius of the particles; and Vs is the volume fraction
of the particles [44, 46].

Because the size of AIMn dispersoids is relatively large, their predominant strengthening
mechanism is Orowan bypass strengthening [44]. Thus, the YS contribution of the AIMn
dispersoids at elevated temperatures can still be estimated using Egs. 6 and 7, considering only the
change in the shear modulus of the matrix, Gm, from 27.4 GPa (25 °C) to 21.1 GPa (300 °C).

Table 4 displays the calculated YS increments of the AIMn dispersoids and Als(Sc,Zr)

precipitates, and Fig. 8b shows a comparison of the predicted and experimental YS values at 300
°C. Compared to their contribution at room temperature, the strengthening increments of the AIMn
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dispersoids and Als(Sc,Zr) precipitates decreased by a factor of two at 300 °C for all three alloys.
This was attributed to the change in the shear modulus (Gm) and the sufficient thermal energy at
elevated temperatures. In the Sc/Zr-containing alloys, BO8 and B15, it was predicted that the total
contribution of the coexisting AIMn dispersoids and Als(Sc,Zr) precipitates was higher than the
contribution of AIMn dispersoids to base alloy B. However, the experimentally measured YSs
exhibited the opposite trend; that is, the measured YSs of B08 and B15 were considerably lower
than that of base alloy B. The reasons for this are explored in the following section.

Table 4: Predicted YS contributions and experimentally measured YS at 300 °C (MPa)

Alloy B B08 B15
AA 5083-O 52 52 52
AlIMn dispersoids 40.3 22.5 23.1
Als(Sc,Zr) precipitates 19.6 32.3
Predicted YS 92.3 94.1 107.4
Experimental results 88 66 67

Figure 8: Comparison between predicted and experimental yield strengths for three alloys, (a) at
ambient temperature and (b) at 300 °C.

4.2 Other factor influencing the elevated-temperature yield strength

As shown in Fig. 8a, the predicted ambient-temperature YSs agreed well with the experimental
results. However, there was a large discrepancy between the predicted and experimental YSs at
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300 °C for both Sc/Zr-containing alloys (B08 and B15) (Fig. 8b). In fact, the Sc/Zr-containing
alloys had considerably lower YSs at 300 °C than the Sc-free base alloy (Fig. 5b). The most likely
reason for this discrepancy at 300 °C is the difference in grain structure between the base alloy and
Sc/Zr-containing alloys. Fig. 9a and b show the grain structures of alloys B and B15 after hot
rolling, prior to tensile testing. The deformed grains were partially recrystallized in both alloys,
presenting a mixture of recrystallized grains along the grain boundaries and elongated deformed
grains in the rolling direction. In alloy B, the recrystallized grains were coarse, with an average
size of 25 pum, and were randomly grown in the deformed grains. However, in alloy B15, there
were often chains of tiny recrystallized grains with an average size of 8.4 um along the grain
boundaries.

At relatively low temperatures (25-200 °C), the fine recrystallized grains in the Sc/Zr-
containing alloys can provide additional strengthening by retarding dislocation motion and grain
rotation. In general, the difference in recrystallized grain size and distribution may not significantly
affect the tensile strength. Therefore, the predicted ambient-temperature YSs matched well with
the measured values for all three alloys.

However, at high temperatures (300 °C and up with sufficient thermal activation energy), the
large numbers of fine recrystallized grains in the Sc/Zr-containing alloys, which covered large
areas of the grain boundaries, became a major softening source by 1) acting as a vast channel for
dislocation movement and vacancy diffusion [47, 48], and 2) facilitating localized deformation
along the grain boundaries during tensile deformation. Grain boundary sliding has been reported
as an operative deformation mechanism for fine-grained aluminum alloys at elevated temperatures
and low strain rates [49, 50]. Griffiths et al. [51] reported that grain boundary sliding due to fine
equiaxed grains in heat-treated Al-2.9 wt.% Mg-2.1 wt.% Zr alloy results in a significant drop in
the YS at temperatures above 150 °C compared to that of the as-fabricated condition which
comprises coarse columnar grains, although the ambient-temperature Y'S of the heat-treated alloy
was always higher than that of the as-fabricated alloy. Therefore, it is reasonable to believe that
the existence of many tiny recrystallized grains along the grain boundaries could reduce the YS at
300 °C to a large extent compared with the coarse recrystallized grain structure of alloy B owing
to grain boundary sliding.

Fig. 9c and d show the grain structures of alloys B and B15, respectively, after tensile testing
at 300 °C. Dynamic recrystallization continued heavily in alloy B during the tensile test at 300 °C,
resulting in an increased recrystallization volume with coarse quasi-equiaxed grains. In this case,
grain boundary sliding would be relatively weak. Therefore, the predicted and experimental YSs
at 300 °C for alloy B were in good agreement (Fig. 8b). However, in alloy B15, a large number of
tiny recrystallized grains still existed along the grain boundaries and even worsened during the
tensile test owing to the restricting effect of Als(Sc,Zr) precipitates on the coarsening of
recrystallized grains. Consequently, grain boundary sliding would be activated and become much
more pronounced than that in base alloy B. This explains the large reduction in YS of the Sc/Zr-
containing alloys at 300 °C and the unexpected discrepancy between the predicted and
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experimental values (Fig. 8b). However, it seems that the grain boundary sliding had a much less
impact on the elevated-temperature UTSs, as the UTSs at 300—400 °C of all three alloys were very
close (Figs. 5 and 6b).

Figure 9: All Euler orientation maps, (a) alloy B and (b) alloy B15 samples after hot rolling prior
tensile testing; (c) alloy B and (d) alloy B15 samples after tensile testing at 300 °C.

4.3 Thermal stability of hot-rolled sheets and potential applications at high temperature

Table 5 presents a comparison of the elevated-temperature YSs and thermal stability of several
commercial wrought aluminum alloys. The mechanical properties of most precipitation-
strengthened Al alloys, such as 2xxx, 6xxx, and 7xxx alloys, deteriorate dramatically after thermal
exposure at high temperatures, mainly because of rapid coarsening of the strengthening
precipitates. The Al-Mg-Mn AA5083 alloys are potential candidates for high-temperature
applications because its main strengthening mechanism (i.e., Mg solid-solution strengthening) is
not prone to fade at high temperatures; the YS of conventional 5083 alloy at 315 °C is 52 MPa,
which is much better than those of most precipitation-strengthened alloys [45]. More importantly,
through the three-step heat treatment in the present work, a large number of thermally stable AIMn
dispersoids were introduced into the aluminum matrix of the base alloy (Fig. 2a), which reinforced
not only the ambient-temperature strength, but also the high-temperature strength (Figs. 4 and 5).
The elevated-temperature YS (300 °C) reached 88 MPa in the hot-rolled sheets, resulting in an
improvement of 70% relative to that of conventional AA5083 alloy. In particular, the YSs at 25
and 300 °C remained stable after long-term thermal exposure for up to 500 h because of the
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superior thermal stability of the AIMn dispersoids (Fig. 7), making this hot-rolled alloy an
excellent candidate as an engineering material for various elevated-temperature applications.

The present work focused on low-Sc alloys (Sc range of 0.08-0.15 wt.%) due to cost
considerations. The AIMn dispersoids and Als(Sc,Zr) precipitates are both thermally stable at
elevated temperatures, and could synergistically improve the alloy strength. In addition, the
precipitation temperature ranges of AlMn dispersoids and Als(Sc,Zr) precipitates are similar and
compatible (375-425 °C), which provides a common base for developing aluminum alloys with
good high-temperature strength. However, this synergetic strengthening effect is limited to
relatively low temperatures. At 20 - 200 °C, the addition of Sc and Zr significantly improves the
tensile properties (Fig. 4). At higher temperatures (300—400 °C), the Y'Ss of both Sc/Zr-containing
alloys were lower than that of the base alloy (Fig. 6), restricting the application of Sc/Zr-containing
alloys at high temperatures to some extent.

Owing to the poor rolling performance and the occurrence of alligator and crack defects during
rolling [7], hot rolling was carried out at 500 °C in the present work, which caused extensive
coarsening of the AIMn dispersoids and Als(Sc,Zr) precipitates (Fig. 3). If the rolling performance
can be improved and the rolling temperature lowered to 400-425 °C to reduce the coarsening of
both types of particle, a better synergetic strengthening effect of the two types of particles and,
hence, higher strength at high temperatures can be expected.

Table 5: Comparison of the YS at 300 °C (MPa) of serval commercial wrought aluminum alloys

Alloys YS at 300-315 °C for various holding time Reference

05h 10h 100h 500h 1000 h

2024-T6* 95 70 55 -- 41 [45]
5083-0* 52 52 52 52 [45]
6061-T6* 75 55 31 - 29 [45]
7075-T6* 55 52 48 - 45 [45]
Alloy B (5083 base) 88 88 86 85 -- Present work
Alloy B08 (5083-0.085c) 66 66 67 69 -- Present work
Alloy B08 (5083-0.15Sc) 67 66 67 68 -- Present work

Note: * Test temperature and thermal exposure temperature was 315 °C [45].
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5.1 Conclusions

The effects of Sc and Zr additions to Al-Mg-Mn AA5083 alloys, particularly in the low Sc
and Zr range (0.08-0.15 wt.%), on the microstructure and ambient/elevated-temperature
mechanical properties were investigated. The results are summarized as follows:

1.

The grain size of the as-cast microstructure was moderately decreased by the addition of
Sc and Zr, whereas the area fraction of Fe/Mn-rich intermetallics and primary Mg2Si
remarkably increased.

Two populations of strengthening particles (AIMn dispersoids and Als(Sc,Zr) precipitates)
precipitated in the Sc/Zr-containing alloys during the three-step heat treatment. However,
the addition of Sc and Zr caused a reduction in AIMn dispersoids and an increase in
dispersoid- free zones.

During hot rolling at 500 °C, both the AIMn dispersoids and Als(Sc,Zr) precipitates
coarsened. The number density of AIMn dispersoids decreased by 60-80% after hot rolling,
while the number density of Al3(Sc,Zr) precipitates reduced by 71-76% compared to that
in the heat-treated alloy (before rolling).

The tensile properties of the rolled sheets at 25-200 °C were significantly improved with
increasing Sc and Zr content. The ambient-temperature YS and UTS of alloy B15 (with
0.16% Sc and 0.17% Zr) were 295 and 411 MPa, respectively, showing an improvement
of 30% in YS and 11.8% in UTS compared to the base alloy. However, the YSs of the
Sc/Zr-containing alloys at high temperatures (300-400 °C) were lower than those of the
base alloy, most likely due to the grain boundary sliding mechanism.

The mechanical properties of the base and Sc/Zr-containing alloys were thermally stable
during long-term thermal exposure at 300 °C for 500 h because of the superior thermal
stability of the AIMn dispersoids and Als(Sc,Zr) precipitates, providing great potential for
various high-temperature applications.

Constitutive analysis was applied to predict the YS contributions of the different
strengthening mechanisms at 25 and 300 °C. The predicted YSs at 25 °C were in good
agreement with the experimentally measured values. However, the predicted YSs at 300
°C of the Sc/Zr-containing alloys were quite different from the experimental ones. This
discrepancy was predominantly due to the softening effect of grain boundary sliding, based
on the EBSD results.
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