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Abstract: The effect of Cu addition on dispersoid precipitation, mechanical properties and creep
resistance was investigated in an Al-Mn-Mg 3004 alloy. The addition of Cu promoted dispersoid
precipitation by increasing the number density and decreasing the size of dispersoids. Metastable
β′-Mg2Si and Q-AlCuMgSi precipitates were observed during the heating process and both could
provide favorable nucleation sites for dispersoid precipitation. The addition of Cu improved the
thermal stability of dispersoids during a long-term thermal holding at 350 ◦C for 500 h. Results
of mechanical testing show that the addition of Cu remarkably improved the hardness at room
temperature, as well as the yield strength and creep resistance at 300 ◦C, which was mainly
attributed to dispersoid strengthening and Cu solid solution strengthening. The yield strength
contribution at 300 ◦C was quantitatively evaluated based on the dispersoid, solid solution and
matrix contributions. It was confirmed that dispersoid strengthening is the main strengthening
mechanism in the experimental alloys.

Keywords: Cu addition; dispersoid strengthening; thermal stability; dispersoid nucleation; yield
strength; creep resistance

1. Introduction

Al-Mn-Mg AA3xxx alloys are widely used in the automobile, packaging and architecture
industries. Traditionally, AA3xxx alloys are strengthened by work hardening and are classified
as non-heat-treatable alloys. However, by applying appropriate heat treatment [1–4], a number of
α-Al(Mn,Fe)Si dispersoids could be precipitated in AA3xxx alloys. The α-Al(Mn,Fe)Si dispersoids
are partially coherent with the aluminum matrix [1,5]. Recently, the strengthening effect of
α-Al(Mn,Fe)Si dispersoids at ambient and elevated temperatures has been reported [1,6–8]. Moreover,
the α-Al(Mn,Fe)Si dispersoids have been proven to be thermally stable at 300 ◦C [6], which is especially
attractive to materials for elevated temperature applications.

To improve the room- and elevated-temperature properties of AA3xxx alloys, a number of studies
have been conducted to investigate the influences of chemical compositions on the precipitation
behaviour of α-Al(Mn,Fe)Si dispersoids in AA3xxx [8–13]. In our previous work [13], the effects
of Mg and Si on α-Al(MnFe)Si dispersoid precipitation, elevated-temperature strength and creep
resistance in AA3xxx alloys were systematically studied. The best combination of yield strength and
creep resistance at 300 ◦C was obtained by the alloy containing 1.0 wt. % Mg and 0.25 wt. % Si with
the maximum volume fraction of dispersoids. It was found that Mg would affect the formation of
α-Al(Mn,Fe)Si dispersoids by forming metastable Mg2Si [7,10,11]. Metastable Mg2Si precipitated
during the heating process and promoted the nucleation of α-Al(Mn,Fe)Si dispersoids [14]. The
Mn addition could enhance the precipitation of α-Al(Mn,Fe)Si dispersoids and improve the yield
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strength [8]. Fe decreased the solubility of Mn and accelerated the precipitation rate of α-Al(Mn,Fe)Si
dispersoids [3]. The yield strength and creep resistance at elevated temperatures could be improved
with an optimized content of Fe [9]. Si increased the volume fraction of α-Al(Mn,Fe)Si dispersoids [8]
while the size of them decreased [13]. With the addition of Mo, the size of dispersoids became finer and
the volume fraction of dispersoids increased [12]. Therefore, the yield strength and creep resistance at
elevated temperatures were remarkable improved by the Mo addition.

Cu is an important alloying element of AA7xxx alloys (Al-Zn-Mg) and AA6xxx alloys (Al-Mg-Si).
By the addition of Cu, and with aging at 100–200 ◦C, nano-scale metastable Mg(Zn,Al,Cu)2 in 7xxx
alloys [15] and Q-AlCuMgSi (Q phase) in 6xxx alloys [16,17] precipitate in the aluminum matrix.
Metastable Mg(Zn,Al,Cu)2 and Q-AlCuMgSi possess a lower coarsening rate than metastable MgZn2

and Mg2Si [15,18,19]. However, the influence of Cu on the precipitation and coarsening behaviour
of α-Al(Mn,Fe)Si dispersoids has never been reported before. In addition, the effect of Cu on
elevated-temperature properties of AA3xxx alloys is rarely found in the literature.

The aim of the present work is to investigate the effect of Cu on the precipitation and coarsening
behaviour of dispersoids, as well as on the mechanical properties at ambient and elevated temperatures
of an Al-Mn-Mg 3004 alloy.

2. Materials and Methods

Four experimental alloys with different levels of Cu content were designed in the present study.
The base alloy contained 1.25% Mn, 0.5% Fe, 1.0% Mg, 0.25% Si and without Cu. The other three
alloys (DU35, DU75 and DU120) contained 0.37%, 0.72% and 1.23% Cu, respectively. The experimental
alloys were prepared with commercially pure Al (99.7%), pure Mg (99.9%), and Al-25% Mn, Al-25% Fe,
Al-50% Si and Al-50% Cu master alloys. The chemical compositions of experimental alloys analyzed
by an optical emission spectrometer (Thermo Scientific, Waltham, MA, USA) are listed in Table 1 (all of
the alloy compositions are in wt. % in the present paper unless indicated otherwise). For each batch,
approximately 3 kg of materials were melted in an electrical resistance furnace (Pyradia, Saint-Hubert,
QC, Canada). The melt was maintained at 750 ◦C for 30 min and degassed for 15 min. It was then
poured into a preheated steel permanent mold that was preheated at 250 ◦C. The dimension of cast
ingots was 30 mm × 40 mm × 80 mm.

Table 1. Chemical composition of experimental alloys (wt. %).

Alloy Code Cu Si Fe Mn Mg Al

DU0 (base) 0 0.24 0.49 1.23 0.97 Bal.
DU35 0.37 0.27 0.53 1.25 1.03 Bal.
DU75 0.72 0.24 0.53 1.24 0.99 Bal.

DU120 1.23 0.26 0.48 1.27 1.04 Bal.

Two different heat treatments were used. For the precipitation of dispersoids, the samples were
heated with a heating rate 5 ◦C/min from room temperature to 375 ◦C, 425 ◦C and 475 ◦C respectively,
and then held at those temperature for 2 h to 48 h, followed by water quenching to room temperature,
as shown in Figure 1a. To study the dispersoid nucleation process, the samples were heated from
room temperature to 330 ◦C, 425 ◦C, or held at 425 ◦C for 6 h, followed by water quench to freeze the
microstructure (Figure 1b).
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Figure 1. The schematic diagram of two heat treatment conditions: (a) for the precipitation of 
dispersoids and (b) for the dispersoid nucleation. 
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evaluated by a NG-1000 CCD microhardness (NextGen Material Testing, Vancouver, BC, Canada 
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calculate the average value of each sample. Compression yield strength tests were conducted at 300 
°C with a strain rate of 0.001 s−1 using a Gleeble 3800 thermomechanical testing (Dynamic Systems, 
New York, NY, USA) unit. Cylindrical samples with a 15 mm length and 10 mm diameter were used 
for the compression yield strength test. The results were obtained from the average value of three 
samples. Compression creep tests were conducted at 300 °C for 96 h with a constant load of 58 MPa. 
The dimension of the creep test samples was the same as for the Gleeble samples. 

Optical microscopy (Nikon, Tokyo, Japan) was used to observe the intermetallic particles and 
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analysis software (Clemex PE 4.0, Clemex Technologies, Longueuil, QC, Canada) was used to 
quantify the volume fractions of the intermetallic particles, the dispersoid zones and the dispersoid 
free zones (DFZ). A transmission electron microscope (TEM, JEM-2100, JEOL, Tokyo, Japan), 
equipped with an energy dispersive X-ray spectroscopy (EDS), was used to observe the dispersoids 
in detail. TEM foils were prepared by a twin-jet machine with a solution of 25% nitric acid in 
methanol at −20 to −30 °C. Electron energy loss spectroscopy (EELS) attached to the TEM was used to 
measure the thickness of the TEM specimens. The TEM bright field images were recorded near <100> 
zone axis and {200} planes in two–beam diffraction conditions. The size and number density of 
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Figure 1. The schematic diagram of two heat treatment conditions: (a) for the precipitation of
dispersoids and (b) for the dispersoid nucleation.

The electrical conductivity was measured by a Sigmascope SMP10 (Fischer, Sindelfingen,
Germany) unit. 5 measurements were conducted for each sample. The Vicker hardness was evaluated
by a NG-1000 CCD microhardness (NextGen Material Testing, Vancouver, BC, Canada test unit with a
load of 200 g and 20 s dwelling time. At least 10 measurements were performed to calculate the average
value of each sample. Compression yield strength tests were conducted at 300 ◦C with a strain rate of
0.001 s−1 using a Gleeble 3800 thermomechanical testing (Dynamic Systems, New York, NY, USA) unit.
Cylindrical samples with a 15 mm length and 10 mm diameter were used for the compression yield
strength test. The results were obtained from the average value of three samples. Compression creep
tests were conducted at 300 ◦C for 96 h with a constant load of 58 MPa. The dimension of the creep
test samples was the same as for the Gleeble samples.

Optical microscopy (Nikon, Tokyo, Japan) was used to observe the intermetallic particles and the
distribution of dispersoids. The polished samples were etched by 0.5% HF for 20 s. Image analysis
software (Clemex PE 4.0, Clemex Technologies, Longueuil, QC, Canada) was used to quantify the
volume fractions of the intermetallic particles, the dispersoid zones and the dispersoid free zones
(DFZ). A transmission electron microscope (TEM, JEM-2100, JEOL, Tokyo, Japan), equipped with an
energy dispersive X-ray spectroscopy (EDS), was used to observe the dispersoids in detail. TEM foils
were prepared by a twin-jet machine with a solution of 25% nitric acid in methanol at −20 to −30 ◦C.
Electron energy loss spectroscopy (EELS) attached to the TEM was used to measure the thickness of
the TEM specimens. The TEM bright field images were recorded near <100> zone axis and {200} planes
in two–beam diffraction conditions. The size and number density of dispersoids were quantified by
image analysis of TEM images. The calculation of the dispersoid volume fraction was based on the
following equation [3]:

Vv = AA
KD

KD + t
(1− ADFZ) (1)

where AA is the volume fraction of dispersoids and D is the average equivalent diameter of the
dispersoids in the TEM images; ADFZ is the volume fraction of the dispersoid free zone; t is the TEM
foil thickness; and K is the average shape factor of the dispersoids.
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3. Results and Discussion

3.1. Influence of Cu on Microstructure

3.1.1. Influence of Cu on Intermetallic Phases and Dispersoid Distribution

The typical as-cast microstructures of experimental alloys are shown in Figure 2. In the base
alloy (DU0, Cu-free), two types of intermetallic particles were observed (Figure 2a). The grey particles
correspond to the Al6(Mn,Fe) intermetallic phase and the black ones are primary Mg2Si [6,9,13]; both
are intermetalllics distributed in the interdendrite regions. In the Cu containing alloys, the grey
particles are Al6(Mn,Fe) intermetallic, in which a small amount of Cu can be detected. The dark
particles are primary Mg2Si and Q-AlCuMgSi intermetallics. In addition, a small amount of light
grey Al2Cu phases co-exist with the Q-phase. The microstructure of the alloy containing 1.2% Cu
is shown in Figure 2b. Using image analysis, the volume fractions of intermetallics as a function of
Cu content were evaluated (Figure 3). Most of the intermetallic phases in the experimental alloys
are the Mn containing Al6(Mn,Fe) particles (approximately 3.5–3.7 vol. %). Although the volume
fractions of both Mg2Si and Q-AlCuMgSi phases increase with the Cu content, their amount is limited
(0.1–0.3 vol. %) when compared to the Mn containing intermetallic phase. The total volume fractions of
the intermetallic phases in all four alloys are very similar (3.8–3.9 vol. %), indicating that Cu addition
does not significantly change the number of intermetallic phases.
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α-Al(Mn,Fe)Si dispersoids can precipitate at approximately 400 ◦C during heat treatment in
3xxx alloys [3,6,7]. Figure 4 shows the optical images of DU0 and DU120 alloys after heat treatment
at 425 ◦C for 6 h. The light yellow regions are the dispersoid zones where most of the dispersoids
are concentrated and they are located inside the dendrite cells. The white color regions are the
dispersoid free zones (DFZ), where only a few dispersoids appeared and the DFZs are generally in the
interdendrite regions. The volume fractions of the dispersoid zones and DFZs are shown in Figure 5.
The volume fractions of the dispersoid zones are ~80% in all of the experimental alloys. The variation
of the volume fractions of the dispersoid zones and DFZs between alloys is quite small, indicating the
Cu has no significant influence on dispersoid distribution.
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3.1.2. The Influence of Cu on Dispersoid Features and Thermal Stability

To reveal the influence of Cu on the precipitation behaviour of dispersoids, TEM observation
was carried out. Figure 6 presents TEM bright field images showing the details of the dispersoids in
the samples heat-treated at 425 ◦C for 6 h. The dispersoids in DU0 alloy (Figure 6a) have a rod-like
or plate-like morphology. On the other hand, most of the dispersoids are cubic shaped but a few of
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the dispersoids have a rod-like or plate-like morphology in the Cu containing alloys (Figure 6b–d).
A trace of Cu was detected in the dispersoids in the Cu containing alloys by TEM-EDS analysis. All
dispersoids are identified as α-Al(Mn,Fe)Si according to the results of TEM-EDS and literature [1–3,5,6].
The equivalent diameter of the dispersoids in the base alloy (DU0) is 47 nm, whereas the diameters of
the dispersoids in the Cu containing alloys are between 32 and 37 nm (Figure 7a), which is smaller
than that in the base alloy. In addition, the number density of dispersoids in the Cu containing alloys
is higher than that of the base alloy. However, the volume fraction of dispersoids in the base alloy is
slightly higher than that in the Cu containing alloys (Figure 7b). Results indicate that the addition of
Cu has a strong effect on the size and number density of dispersoids.
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The effect of Cu on dispersoid nucleation was studied using the quench technique and TEM
observations. The typical TEM images of DU0 and DU120 alloys after heating at 330 ◦C following water
quenching are presented in Figure 8. Lath-like and dark-dot precipitates appeared in the DU0 alloy
(Figure 8a), which were metastable β′-Mg2Si precipitates [20,21]. The preferred precipitation directions
of the β′-Mg2Si are <001>Al. In the DU120 alloy, a large number of lath-like and dark-dot phases
were also observed to be precipitated along the <001>Al direction (Figure 8b). Those precipitates were
composed of Al, Mg, Si and Cu based on the TEM-EDS analysis (Figure 9) and were identified as the
metastable Q-AlCuMgSi phase [16,17]. It is interesting to note that the number density of Q-phase in
the DU120 alloy is higher than that of β′-Mg2Si phase in the DU0 alloy, which can be attributed to the
presence of Cu [16].
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During the heating process from room temperature to ~350 ◦C, metastable β′-Mg2Si was formed in
the DU0 sample, while metastable Q-AlCuMgSi was precipitated in the aluminum matrix of the DU120
sample. With further heating toward 425 ◦C, β′-Mg2Si and Q-AlCuMgSi dissolved and disappeared.
After heating to 425 ◦C, a large number of small dispersoids precipitated in the aluminum matrix
(Figure 10). Interestingly, all of dispersoids in DU0 and DU120 alloys precipitated along <001>Al
directions, which were the preferred precipitation orientation of previous β′-Mg2Si and Q-AlCuMgSi
phases (Figure 8). In our previous work [14], it was found that without pre-existing β′-Mg2Si in
Al-Mn-Mg 3xxx alloys, α-Al(Mn,Fe)Si dispersoids could hardly form. The pre-existing β′-Mg2Si
promoted the nucleation of α-Al(Mn,Fe)Si dispersoids. This is probably attributed to the dissolution
of β′-Mg2Si leaving local Si-rich areas in their place, which provided favorable nucleation sites for
α-Al(MnFe)Si dispersoids but the effect of the Q-AlCuMgSi phase on dispersoid nucleation has not
been reported yet. In the present work, it is confirmed that the pre-existing Q-AlCuMgSi can also
promote the α-Al(Mn,Fe)Si dispersoid nucleation in the Cu containing 3004 alloys. In fact, the number
density of dispersoids in the DU120 alloy is higher than that in the DU0 alloy (Figure 10), suggesting
that pre-existing Q-AlCuMgSi precipitates seem to be more effective to promote dispersoid nucleation
than pre-existing β’-Mg2Si precipitates.
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When the samples were further held for 6 h at 425 ◦C, the dispersoids in both alloys grew to a
large size (Figure 10 vs. Figure 6). To examine the thermal stability of dispersoids in the experimental
alloys, samples after heat treatment at 425 ◦C/6 h were held for a prolonged period of 500 h at 350 ◦C.
The TEM images after a long-term thermal holding are shown in Figure 11. The dispersoids in DU0
alloy after 350 ◦C/500 h are much larger than those in DU120 alloys (Figure 11). The equivalent
diameter of dispersoids in DU0 alloy increases from an initial 46.3 nm to 59.2 nm after 350 ◦C/500 h
(Figure 12). The size of dispersoids increases by 28% after a long-term thermal holding, indicating a
significant coarsening process during prolonged exposure at 350 ◦C. On the other hand, the equivalent
diameter of dispersoids in the Cu containing DU120 alloy increases from an initial 33.6 nm to 37.1 nm
after long-term thermal holding (Figure 12), which represents 10% of the size increase. It demonstrates
that the coarsening of dispersoids in the Cu containing alloys is remarkably slower than that in the
Cu-free base alloy. Therefore, the Cu addition results in an improvement of the thermal stability
of dispersoids, which can be beneficial to the elevated-temperature properties of materials during
a long-time exposure at a high service temperature. The mechanism by which the presence of Cu
improves the thermal stability of dispersoids is not yet clear.
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3.2. Influence of Cu on Mechanical Properties

3.2.1. Influence of Cu on Microhardness at Ambient Temperature

Figure 13 shows the microhardness evolution of experimental alloys at three treatment
temperatures as a function of holding time. When the samples were treated at 375 ◦C, the peak
hardness was reached at different holding times for the four alloys. For example, the peak hardness of
the DU0 alloy (65 HV) was reached after 36 h while it took 12 h (73 HV) for the DU120 alloy. The peak
values of microhardness and the corresponding times of all alloys are listed in Table 2. When treated at
425 ◦C (Figure 13b), the peak hardness of DU0, DU35 and DU75 alloys was reached after holding for
6 h. For the DU120 alloy, the peak value is 80 HV at 425 ◦C/2 h, which is slightly higher than the value
of 77 HV after 425 ◦C/6 h. When treated at 475 ◦C (Figure 13c), the peak hardness of all four alloys
was reached after 2 h. After holding more than 2 h, the hardness of all four alloys decreased with the
increase of the holding time. Based on the above observations, the heat treatment condition, 425 ◦C for
6 h, is used to study the effect of Cu addition on mechanical properties and creep resistance.Metals 2018, 8, x FOR PEER REVIEW  10 of 15 
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Table 2. Peak hardness values and their corresponding times and electrical conductivity.

Treatment
Temperature (◦C) Properties DU0 DU35 DU75 DU120

375
Peak hardness 65 HV/36 h 68 HV/48 h 70 HV/24 h 73 HV/12 h

EC (MS/m) 23.0 22.8 22.0 21.0

425
Peak hardness 62 HV/6 h 70 HV/6 h 75 HV/6 h 80 HV/2 h

EC (MS/m) 22.5 22.2 21.6 20.5

475
Peak hardness 62 HV/2 h 68 HV/2 h 72 HV/2 h 80 HV/2 h

EC (MS/m) 21.8 21.5 21.2 20.2

In general, the microhardness of all Cu containing alloys is higher than that of the Cu-free base
alloy at any given treatment temperature and holding time. Moreover, the microhardness increases
with the increase of Cu content (Figure 13). It is worth mentioning that dispersoid precipitation was
observed in all the experimental alloys at the three heat treatment temperatures. The microhardness
evolution involves the dispersoid strengthening and solid solution strengthening during heat treatment.
The finer size and higher number density of dispersoids in the Cu containing alloys (Figure 7a)
promotes dispersoid strengthening. On the other hand, to evaluate the solute solution strengthening,
the amount of solute atoms in the aluminum matrix was evaluated by electrical conductivity. The
values of electrical conductivity corresponding to the peak hardness are also listed in Table 2. The
electrical conductivity of the Cu containing alloys is generally lower than that of the base alloy, and the
values decrease with the increase of Cu content. It indicates that more Cu solute atoms are present in the
high Cu containing alloys, which are beneficial to the microhadness due to solid solution strengthening.

3.2.2. Influence of Cu on Yield Strength at Elevated Temperature

The yield strengths of the four experimental alloys at 300 ◦C are shown in Figure 14. Generally,
the yield strengths of the Cu containing alloys are higher than that of the Cu-free base alloy. Moreover,
the yield strength increases with the increase of Cu content. Among all the experimental alloys, the
maximum yield strength is 87.4 MPa in the DU120 alloy, which is 14% higher than that in the DU0 alloy
(76.7 MPa). It is apparent that the Cu addition improves the yield strength at elevated temperatures,
which is likely attributed to dispersoid strengthening and solid solution strengthening.
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To clarify the strength contributions, the yield strength at 300 ◦C is assessed based on the
assumption that the contribution of the yield strength is composed of: (1) dispersoid strengthening;
(2) Cu solid solution strengthening and (3) aluminum matrix contribution (including contributions of
aluminum grains, intermetallic particles and other solute atoms):

σy =σm + ∆σSS + ∆σdisp (2)

where σy is the yield strength, σm is the matrix strength, ∆σSS is the strengthening by solid solution,
∆σdisp is the strengthening by α-Al(Mn,Fe)Si dispersoids.

For the dispersoid strengthening, Orowan bypassing mechanism can be used to calculate the
dispersoid strengthening contribution (∆σDisp) using the Equation (3) [1,8]:

∆σDisp =
0.84MGb

2π(1− v)1/2λ
ln

r
b

(3)

λ = r(
2π
3 f

)
1/2

(4)

where M is the Taylor factor for aluminum, which is equal to 3.06 [22]; G is the shear modulus,
G = 21.1 GPa for Al matrix at 300 ◦C [22]; b is the burgers vector, for aluminum b = 2.86 nm [1]; v is the
Poison ratio, which is equal to 0.33 for aluminum [1]; λ is the inter-particle spacing of dispersoids; r is
the average radius and f is the volume fraction of dispersoids.

Using the dispersoid data in Figure 7, the calculated results of the dispersoid strength contribution
are 45.9 MPa, 48.2 MPa, 57.1 MPa and 55.3 MPa for DU0, DU35, DU75 and DU120 alloys, respectively.
It should be noticed that the Orowan bypassing mechanism (Equation (3)) assumes that the particles
uniformly distribute in the matrix. However, the dispersoids in Al-Mn-Mg 3004 alloy have a
non-uniform distribution at the large scale—see Figure 4. At the macro scale view, the dispersoid
distribution looks like a shell structure, in which the dispersoid zone where the dispersoids densely
formed inside the dendrite cell, is surrounded by a large dispersoid free zone. Under mechanical stress,
the movement of dislocations has large resistance in the dispersoid zone. However, the dislocations can
easily pass in the surrounding dispersoid free zone. Therefore, the calculated results of the dispersoid
strength contribution are most likely overestimated. Up to now, there is no literature available that
can provide an accurate constitutive equation to assess the strengthening effect in such a complex
situation. Considering the volume fractions of the dispersoid free zone in all experimental alloys are
approximately 20% (Figure 5), it might be reasonable to account for 80% of the calculated values of the
dispersoid strength contribution from the Equation (3) as a first approximation (Table 3).

Table 3. The contribution of yield strength at 300 ◦C by different strengthening components.

Strength Contribution DU0 DU35 DU75 DU120

AA3004-O matrix (MPa) 41 41 41 41
Dispersoids (MPa) 36.7 38.6 45.7 44.2

Cu solid solution (MPa) 0 2.1 4.5 7.2
The total calculated results (MPa) 77.7 81.7 91.2 92.4
The experimental results (MPa) 76.7 81.3 83.0 87.4

On the other hand, solute Cu atoms in the matrix can have contribution to the yield strength. The
yield strength contribution (∆σSS) of solute atoms can be estimated according to Equation (5) [23,24]:

∆σSS = HCα (5)

where C is the concentration of solute atoms, H was the yield strength increment provided by solute
atoms per weight percentage, α is a constant and α = 1.
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Here, most of the Cu content in the experimental alloys are assumed to be in solid solution because
the amount of Cu detected in the intermetallic particles and dispersoids is very limited. However,
there is no published data on H available for Cu at elevated temperatures. Based on the yield strength
difference between an AA1100-O alloy and an AA2024-O alloy (4.5% Cu) measured at 315 ◦C [25],
it was calculated that 1% Cu can contribute 6 MPa yield strength increment, which was used as a
close approximation of H for Cu solute atoms at 300 ◦C. Based on Equation (5), the upper limit of the
strength contributions of Cu solute atoms are 2.1 MPa, 4.5 MPa and 7.2 MPa for DU35, DU75 and
DU120 alloys, respectively (Table 3).

To estimate the yield strength contribution of the aluminum matrix, the yield strength of
AA3004-O alloy at 315 ◦C (41 MPa) [25] was used as a reasonable approximation, because the chemical
compositions of all experimental alloys are similar to AA3004 alloy except the Cu content.

The contribution of the different strengthening components is listed in Table 3. The overall
calculated results of the yield strength at 300 ◦C are compared with the experimentally measured ones
(Figure 15). The calculated results agree well with experimentally measured strengths in all four alloys.
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It can be seen that the dispersoid strengthening contributes approximately 50% of the total yield
strength, indicating that it is the main strengthening mechanism at elevated temperatures in the
experimental alloys. Among all four alloys, the dispersoid strengthening contribution of DU0 alloy
is the lowest due to large dispersoid size and low number density (Figure 7a). As the Cu content
increases, the dispersoid strengthening becomes stronger. The high number density and small size of
dispersoids in DU75 and DU120 alloys are main factor providing the positive effect of the dispersoid
strengthening. The calculated results of the Cu solute atoms show that the solid solution strengthening
increases with increasing Cu content and it reaches the maximum of 7.2 MPa in the DU120 alloy. In
brief, the addition of Cu improves the dispersoid strengthening by increasing the dispersoid number
density and decreasing of the dispersoid size. Moreover, the Cu solute atoms in the matrix provide the
solid solution strengthening for the Cu containing alloys.

3.2.3. Influence of Cu on Creep Resistance

Creep resistance is an important property for the materials working at elevated temperatures.
Figure 16 shows the typical creep curves of all four alloys at 300 ◦C with a constant load of 58 MPa. The
total creep stains are 0.27, 0.22, 0.14 and 0.035 for DU0, DU35, DU75 and DU120 alloys, respectively. It
is evident that the total creep strain significantly decreases with increasing Cu content, indicating a
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remarkable improvement of creep resistance with the increase of Cu content at elevated temperatures.
Moreover, the minimum creep rate is calculated to be 7.8 × 10−7 s−1, 5.88 × 10−7 s−1, 4.1 × 10−7 s−1

and 1.2 × 10−7 s−1 for DU0, DU35, DU75 and DU120 alloys, respectively. Similar to the trend of the
total creep stain, the minimum creep rate also significantly decreases with increasing Cu content.
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According to the microstructure observations in the Section 3.1, the addition of Cu increased
the dispersoid number density and decreased the dispersoid size (Figure 7a). Dispersoids generally
act as obstacles to inhibit the movement of dislocations. Obviously, the higher the number density
and smaller size of dispersoids, the higher the creep resistance is, due to their inhibiting effect on the
dislocation migration during creep deformation. On the other hand, the solute atoms in the aluminum
matrix also play an important role on creep resistance because the interactions between solute atoms
and dislocations retard the movement of dislocations. Thus, a better creep resistance can be expected
with the increase of Cu solute atoms in the Cu containing alloys.

4. Conclusions

(1) The addition of Cu in an Al-Mn-Mg 3004 alloy promotes the α-Al(Mn,Fe)Si dispersoid
precipitation by increasing the number density of dispersoids and decreasing the size of dispersoids.

(2) β′-Mg2Si precipitation in the Cu-free base alloy and Q-AlCuMgSi precipitation in the Cu
containing alloys were observed during the heating stage of the heat treatment. Although dissolved
during further heating, both pre-existing β′-Mg2Si and Q-AlCuMgSi precipitates can provide favorable
nucleation sites for dispersoid precipitation.

(3) The coarsening resistance of α-Al(Mn,Fe)Si dispersoids in the 1.2% Cu containing alloy is
significantly higher than that in the Cu-free base alloy under a prolonged thermal holding at 350 ◦C
for 500 h.

(4) The addition of Cu improves the microhardness at ambient temperatures as well as the yield
strength and creep resistance at 300 ◦C. The higher the Cu content in the alloys, the higher the strength
and the creep resistance the alloys have. It is attributed mainly to dispersoid strengthening and Cu
solid solution strengthening.

(5) The yield strength contribution at 300 ◦C is quantitatively evaluated based on the dispersoid,
solid solution and matrix contributions. It is confirmed that dispersoid strengthening is the main
strengthening mechanism at elevated temperatures in the experimental alloys. The predicted yield
strengths at 300 ◦C are in good agreement with experimental data.
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